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An oxygen-rich face-centred cubic (FCC) Ti phase was engineered in the microstructure of a Ti-6Al-4V
alloy via additive manufacturing using laser powder bed fusion. Designated 'C', this oxygen-rich FCC
phase has a lattice parameter of 0.406 nm and exhibits an orientation relationship with the parent a0

phase as follows: (0001)a0//{111}C, and h12
�
10ia0 //h11

�
0iC. We propose that the formation of the C

phase is facilitated by the combined effect of thermal gradients, deformation induced by the
martensitic transformation, and local O enrichment. This enables an in-situ phase transformation from
the hexagonal close-packed a0 phase to the C phase at elevated temperatures. Our density functional
theory calculations indicate that oxygen occupancy in the octahedral interstices of the FCC structure is
energetically preferred to corresponding sites in the a0 phase. The in-situ mechanical testing results
indicate that the presence of the FCC phase significantly increases the local yield strength from 1.2 GPa
for samples with only the a0 phase to 1.9 GPa for samples comprising approximately equal volume
fractions of the a0 and FCC phases. No loss of ductility was reported, demonstrating great potential for
strengthening and work hardening. We discuss the formation mechanism of the FCC phase and a
pathway for future microstructural design of titanium alloys by additive manufacturing.
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Introduction
Titanium and its alloys – especially Ti-6Al-4V – exhibit a remark-
able combination of high specific strength, and excellent corro-
sion resistance such that they are widely used in critical
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applications ranging from aerospace to biomedical implants.
Their capacity for plastic deformation is limited, in large part,
by the hexagonal close-packed (HCP) nature of the low-
temperature a phase. Speculation that a face-centred cubic
(FCC) form of Ti can be stabilized at room temperature goes back
several decades [1–13]. Multiple controversies have emerged
from these propositions [1–3,5,12], such that today it is widely
agreed that the FCC forms of Ti are either intermetallic
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compounds such as hydrides, or highly localized and defect-
stabilized metastable phase segments that can occur when Ti
alloys are subjected to electron beam or ionized radiation [11].

A persistent feature of these debates has been the considerable
uncertainty about the role of interstitial elements such as H, C, N
and O. Moreover, O is known to impart a dramatic strengthening
effect at low concentrations in Ti alloys and this can quickly
become an embrittling effect at higher O concentrations [14–
16]. For this reason, precise control of interstitial content is a sig-
nificant cost consideration in conventional metallurgical pro-
cessing of Ti alloys. The advent of metal additive
manufacturing (AM) brings highly non-equilibrium processing
such that alloys are subjected to abrupt and complex thermal
and stress gyrations that are far from those encountered in con-
ventional metallurgical processing. The large thermal gradients
and their rapid rate of change coupled with the potential for
introducing interstitials into the built part through the feedstock
materials (e.g. powder or wire) and/or via the build-chamber
environment [17–20] creates a wholly new process dynamic
[18,21–23] affecting the strength, ductility, fatigue life, and other
critical materials properties [20,24,25]. As a general example,
these process dynamics have recently been shown to enable
the formation of ordered oxygen complexes that contribute
simultaneous enhancement of strength and ductility in high-
entropy alloys [26]. Here, we explore the potential for interstitial
oxygen to be purposefully integrated into the AM build to dra-
matically improve the mechanical properties through a novel
phase transformation wherein an FCC form of Ti can be
stabilized.

Our research has been focussed on the benchmark dual-phase
Ti-6Al-4V which demonstrates excellent manufacturability by
various AM processes [17,23,25,27]. The microstructure of the
Ti-6Al-4V alloy is comprised of the high-temperature body-

centered cubic (BCC) b phase (Im3
�
m, a = 0.3190 nm) [28–29]

and the low temperature HCP a phase (P63/mmc,
a = 0.2925 nm, c = 0.4670 nm) [28–31]. A metastable martensitic
version of the HCP phase is also widely reported—known as the a0

phase (P63/mmc, a = 0.2931 nm, c = 0.4681 nm) [28,30,32]: this
phase can achieve yield strengths over 1300 MPa, but the total
tensile elongation is below the minimum threshold of �10% rec-
ommended for critical structural applications [28]. Recently an
ultrafine-grained a + b microstructure was achieved in the as-
built condition via AM using laser powder bed fusion (L-PBF):
the layer thickness, laser power, and focal offset distance were
controlled to achieve a target thermal profile of the melt pool
such that martensite decomposition occurred [32]. This AM
dual-phase a/b Ti-6Al-4V alloy exhibited an outstanding yield
strength of 1100MPa with total tensile elongation of 11.4 % [32].

The high chemical affinity between Ti and the interstitial ele-
ments [33,34] is such that there is now extensive literature on
their incorporation in conventionally processed Ti alloys. The
formation of titanium hydride [2,12,35], titanium nitride [36],
titanium carbide [36] and titanium oxide [23] have all been
reported. The presence of these intermetallic compounds is
linked to a low tolerance for crack initiation and propagation
[30,32,37]. Here it is noted that the state of bonding in these
compounds is distinctly non-metallic and ranges from strongly
12
ionic to covalent [38]. In AM-built Ti–6Al–4V parts, the tolerance
levels for O typically range between �0.6 to �1.2 at.%, without
resulting in a dramatic reduction in ductility [39]. Dilute oxygen
solutes cause an intense hardening effect in wrought pure tita-
nium due to their interactions with dislocations [34]. Much less
is known about how O incorporates with additively manufac-
tured Ti alloys [17,32].

We report that the particular process dynamics of AM via L-
PBF provide a window to stabilize a new FCC phase in Ti-6Al-
4V. Advanced electron microscopy techniques were used to
reveal the crystallographic and chemical details of the FCC
phase, which is an interstitial O-containing solid solution. Den-
sity functional theory (DFT) calculations were performed to
rationalize the formation mechanism of the oxygen-containing
FCC phase. In-situ compression of micro-pillars in a scanning
electron microscope (SEM) revealed that the presence of both
FCC and HCP Ti phases generates a >60% higher ultimate
strength than the HCP phase alone. Critically, no loss in the total
tensile ductility was reported. Mechanical tests of bulk samples
confirm that the strength and ductility of the FCC-bearing
(�6 vol%) materials is strongly enhanced. We suggest that this
creates a new process–property regime for this remarkable alloy
and our findings may have wider applicability for opening a
pathway to a new class of Ti-alloys containing substantial vol-
ume fractions of an FCC phase.
Results
Microstructure along the build direction
Fig. 1a presents a schematic diagram of the build coupon. The
build direction is defined as the z direction and the x and y axes
are perpendicular to this. Electron backscatter diffraction (EBSD)
experiments were conducted on the cross-sectional y-z plane of
the samples along the build direction. Figs. 1b-c present EBSD
phase maps from a top layer (300 mm or 10 layers below the
top surface), and a middle layer, respectively, as marked by the
two rectangles in Fig. 1a. The top layer microstructure was dom-
inated by the a0 phase (red, Fig. 1b) which exhibited an acicular
morphology, consistent with similar observations of the as-built
L-PBF Ti-6Al-4V microstructure and explained reasonably by the
high local cooling rate expected in these locations [32]. In addi-
tion to the a0 phase, another phase (green, Fig. 1c) was unexpect-
edly observed in the middle layer. The diffraction pattern
indexing was consistent with an FCC phase possessing a lattice
parameter of 0.40 nm. The dimensions of the acicular-shaped
a0 phase crystals in the middle layer were about the same as the
dimensions of those in the top layer. The new FCC phase, desig-
nated C-phase, also exhibited an acicular shape. The volume frac-
tion of the C-phase in the middle layer was �3.7 vol.%. An
extensive survey was undertaken using EBSD throughout differ-
ent layers in the x-y plane along the build direction and it was
revealed that the volume fraction of the FCC phase increased
monotonically from 0.0 vol.% at the top layers to 6.6 vol.% at
the bottom layers. The morphology and FCC structure of the C
phase was further confirmed by transmission Kikuchi diffraction
(TKD), transmission electron microscopy (TEM) bright-field (BF)
imaging, and selected area electron diffraction (SAED), with typ-
ical images provided in Figs. 1d-e.
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FIGURE 1

(a) A schematic diagram showing a top and a middle layer, marked with rectangles, from which the EBSD phase maps in (b) and (c) were recorded from,
respectively, using a step size of 25 nm. The red and green colours represent the HCP a0 phase and the FCC C phase, respectively. The black areas were not
indexed because of the high density of local defects. The average width and length of the acicular platelets of the a0 phase were �0.9 mm and 8.1 mm,
respectively. The widths and lengths of the C phase ranged between 0.4 mm to 1.4 mm (average value = 0.6 mm) and 0.8 mm to 10 mm (average
value = 4.6 mm), respectively. (d) The TKD phase map reveals the morphology of the C phase. White dashed lines mark the phase boundaries. (e) The
corresponding BF-TEM image taken from the same region as Fig. 1d. Black dashed lines mark the phase boundaries. The corresponding SAED is also provided
(inset).
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Structure and composition of the new C-phase
Scanning transmission electron microscopy (STEM) characteriza-
tion was used to study the detailed microstructure of the C-
phase. Figs. 2a-d provide high-angle annular dark-field (HAADF)
images and their corresponding indexed fast Fourier transforma-
tion (FFT) patterns recorded along the h001iC and h011iC zone
axes. Detailed analysis of the d-spacing ratios and the angles
between different atomic planes confirmed the FCC crystal struc-
ture. A BF TEM image recorded from a dual-phase region is pro-
vided in Fig. 2e. The SAED pattern in Fig. 2f reveals the
orientation relationship between the two phases as:

h12
�
10iHCP//h11

�
0iFCC and ð0001ÞHCP//f111gFCC, which is the

most common orientation relationship observed in HCP to
FCC phase transformations, generally [40]. This orientation rela-
tionship was further confirmed by TKD pole figures recorded
from a two-phase region over a wider field of view, as shown in
the Extended data Fig. S1.

Fig. 2g presents a STEM HAADF image recorded at a two-phase

region along the h12
�
10iHCP //h11

�
0iFCC zone axis, indicating that

the ð0001ÞHCP basal plane is precisely aligned with a f111gFCC
close-packed plane. Both the SAED pattern provided in Fig. 2f,
and the STEM image presented in Fig. 2g reveal that the
ð0001ÞHCP and f111gFCC planes have the same lattice plane spac-
ing. Using the lattice parameters of the a0 phase as a reference
(a = 0.293 � 0.003 nm and c = 0.468 � 0.003) [30], the atomic
planar spacing of the f111gC is the same as that of ð0001Þa0,
which is 0.234 nm. We offer this as unequivocal evidence that
the lattice parameter a of the C phase is 0.405 � 0.003 nm. Mea-
surements of the interplanar distances from multiple HAADF
images were performed. According to the d-spacing of different
planes measured from the C phase, the lattice parameter is mea-
sured within a range from 0.404 to 0.408 nm. Two examples are
presented in Figs. 2a and 2b.

Although there is no FCC phase predicted in the equilibrium
phase diagrams of Ti or in the Ti-6Al-4V system, there have been
a series of reports of metastable FCC phases occurring in Ti
alloys, stabilized by deformation, heating or the incorporation
of other elements [2,3,12,41,42]. The lattice parameters of these
FCC phases are summarised in Extended data Tab. S1 [2,3,12,42].
Some of these FCC phases were found to be hydrides or oxides of
Ti that formed from the process of specimen preparation by elec-
tropolishing or focussed ion beam milling [2,12,42]. The lattice
parameter of the C phase reported here (a = 0.406 nm) is clearly
different from those hydrides or oxides of Ti (a � 0.410 nm).
Moreover, our specimens for EBSD analysis were prepared via
mechanical polishing and our TEM foils were prepared using a
precision ion polishing system at cryogenic temperature. These
methods (described in detail in the supplementary materials)
are known to reduce the possibility of the formation of
hydride/oxide artefacts. The report of an FCC phase in pure Ti
with a lattice parameter of a = 0.403 nm [4,13,42] is noteworthy
13
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FIGURE 2

(a)–(b) STEM HAADF images recorded along the h001iC and h011iC zone axes, respectively. (c)–(d) The corresponding FFT of (a) and (b), respectively. (e) A
bright-field TEM image recorded from a two-phase region revealing a high density of defects. (f) The corresponding SAED pattern to (e) recorded along the
h1 2

�
10ia0 //h1 1

�
0iC zone axis, indicating the orientation relationship between the two phases. (g) A STEM HAADF image recorded from a two-phase region

along the h1 2� 10ia0 //h1 1
�
0iC zone axis. Both the SAED pattern and the HAADF image reveal that ð0001Þa0//f111gC .
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as this value is close to our observation. In that work, the thin
film sample was electrodeposited on an Al substrate. The meta-
stable FCC phase was structurally and chemically stabilized by
the templating effect of the FCC substrate.

A TEM dark-field image of a two-phase region is provided in
Fig. 3a. STEM Energy dispersive X-ray spectroscopy (EDS) map-
ping was conducted in a dual-phase region (Extended data
Fig. S2), revealing O atoms partition in FCC-phase regions. How-
ever, EDS analysis has limited sensitivity to light elements, result-
ing in poor quality of the resulting EDS maps. For quantitative
chemical composition analysis, electron energy loss spectroscopy
(EELS), and atom probe tomography (APT) experiments were
conducted in the same sample region as that shown in Fig. 3a.
STEM-EELS was used to analyze light elements in this region.
Fig. 3b provides the EELS low-loss spectra, revealing a shift of
the plasmon peaks from 17.1 eV in the a0 phase to 20.0 eV in
the C-phase, as indicated by the two black arrows. Another edge
at 10.6 eV was observed in the C-phase phase due to the different
electronic structures between the two phases [43]. In the free
electron Drude model [44], the plasmon energy EP is propor-
tional to the square root of the free electron density n, (i.e.

EP / ffiffiffi

n
p

). Therefore, an increase of the plasmon energy can be
interpreted as an increase in the density of free electrons.
Fig. 3c presents the high energy portion of the EEL spectrum.
The intensity of the O edge (�532 eV) increased dramatically
in the C phase, indicating that it is rich in oxygen. The concen-
tration of O was calculated to be �30.0 ± 5.0 at.% using the spec-
trum fitting of both low and high energy loss spectra (Extended
14
data Tab. S2). This is much higher than that measured in the
HCP phase (2.8 ± 1.0 at.%). Note that the measured O contents
are expected to be higher than those normally reported in bulk
materials because of the inevitable surface contamination in
TEM specimens. Notwithstanding this, a significantly higher O
concentration is evident in the C phase compared to the a0

phase. In fact, relative to the a0 phase, the C phase exhibited
an L3 Ti edge shift from 457.6 eV (a0) to 460.6 eV (C) and the
L2 Ti edge was shifted from 462.9 eV (a0) to 464.7 eV (C). Simi-
larly, a V edge was observed with an edge shift from 514.8 eV
(a0) to 516.9 eV (C). This is unequivocal evidence that the intro-
duction of O changes the chemical bonding environment
between the constituent atoms of the two phases. However, we
suggest that the chemical bonding in the C phase remains pre-
dominantly metallic rather than (e.g.) covalent both because of
the magnitude of the L3 and L3 Ti edge shifts, and the fact that
O occurs in the EEL spectrum as a single peak rather than a dou-
ble peak as is observed in Ti-O bearing compounds [45].

APT was used to study the changes in elemental distribution
around the C-phase. Consistent with the EELS data, the results
in Figs. 3d-e suggest a significant amount of O (maximum
concentration = 32.9 ± 0.68 at. % to a 95% confidence interval)
is partitioned to the C-phase. Our APT data also indicated a clear
reduction in the concentration of H (Fig. 3e) in the (FCC) C
phase relative to the surrounding (HCP) a0 matrix phase, further
confirming that the C-phase is not a hydride phase. Minor con-
centrations (1–2 at.%) of H were detected in the two phases.
However, this is background H that is always present in the atom
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FIGURE 3

(a) A g (111)C TEM dark-field image recorded from a two-phase region. The lenticular morphology of the C (FCC) phase (bright contrast) is clealy apparent. In
dark contrast is the a0 (HCP) phase. (b) and (c) provide STEM-EELS low-loss spectra and high-loss spectra, respectively. Red and green lines present the HCP a0

phase and the FCC C phase, respectively. (d) Tomographic atom maps of a region containing C-phase via APT. The bottom right shows an isoconcentraion
surface (purple) of the C-phase region corresponding to 26 at.% O. (e) 1D concentration profiles of Ti, O, Al, H and V corresponding to the arrow indicated in
the atom maps shown in (d) – the full volume of the region of interest was used for the profiles and the colours match those corresponding to the atom
maps. The shaded error regions represent a 95% confidence interval of the profiles (bin width = 0.25 nm).
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probe analysis chamber and does not originate from the speci-
men itself [46]. Detailed chemical composition of the C-phase
is provided in the Extended data Table S3. The details of the
APT tip reconstruction and the corresponding mass spectrum
are provided in the Extended data Figs. S3 & S4.

DFT calculations
DFT calculations were performed to rationalize our observations
[47]. The formation energy of interstitial O atom in the oxygen-
bearing C phase was lower than that in the a0 phase, and prefer-
ably at the octahedral site (Extended data Tab. S4). To under-
stand the distribution of O with respect to the C/a0 interphase
interface, a layer-by-layer energy mapping was performed by
adding one O interstitial to each layer across the interface,
Fig. 4a. The layer-resolved relative energy profile is provided in
Fig. 4b. Interestingly, there exists a slight barrier (�0.02 eV) close
to the interface within the a0 phase (HCP) region. This barrier is
thermally-sensitive, considering the Boltzmann energy at room
temperature is approximately 0.025 eV [48]. These calculations
indicate that O atoms prefer to reside at the octahedral sites of
the C phase (FCC) structure over the a0 phase (HCP) by
�0.12 eV/atom.

A survey of the Ti-O phase diagram reveals that the only Ti-O
containing phase with an FCC structure is cubic TiO (space group
Fm3m, a = 0.423 nm) [49]. This is �5% larger than the lattice
parameter measured for the C phase and the difference of
0.02 nm would be discernable in our electron diffraction studies.
Another consideration is the experimental compositional data
which points to an O concentration of �30-33 at.%, which is sig-
nificantly far from the 50 at.% expected from the 1:1 stoichiom-
etry of TiO. The nature of the occurrence of the O in the C-phase
was assessed by inserting a pair of interstitial O atoms into a 108-
atom supercell of a FCC Ti structure (a = 0.409 nm [50]), which is
given in Extended data Fig. S5. The relative energy as a function
15
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FIGURE 4

(a) A DFT FCC {111}/HCP {0001} interface model with two octahedral interstitial O atoms at layer 4 and layer 14. The arrows indicate the FCC/HCP interfaces
due to a periodic boundary condition. (b) The calculated layer-resolved relative energy mapping for an O atom throughout the model. (c) The calculated
relative total energy of two O interstitial atoms in a 108-atom FCC-Ti supercell as a function of O pair separation.
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of the pair separation is shown in Fig. 4c. These calculations indi-
cate that the first nearest neighbour configuration (1NN) is
highly unfavourable (by �0.19 eV) compared to the higher order
2NN-7NN configurations, with the 4NN configuration being
slightly favourable by �0.025 eV, i.e. the Boltzmann energy at
300 K. This is further verified by simulating 14 O atoms in a large
256-atom supercell (Extended data Fig. S6). Collectively, these
results suggest that the C phase is an interstitial solid solution
where the O atoms are spaced at relatively higher order NN con-
figurations, so as to avoid the relatively unfavourable 1NN
arrangement.
Mechanical properties
The mechanical properties were evaluated via compression test-
ing of polycrystalline micropillars. Three types of polycrystalline
micropillars were investigated: a single-phase a0, single-phase C,
and a two-phase region containing both a0 + C phases, each with
�50% volume fractions. As the mechanical properties of materi-
als are sensitive to the grain orientation, we carefully selected
HCP polycrystalline grains with a number of different orienta-
tions (Extended data Fig. S7 a), and prepared the FCC grains so
that a h100i direction was parallel to the compression direction
and a h110i direction was parallel to the electron beam direction
(Extended data Figs. S7 b-c). The latter is for the convenience of
TEM observation. With average dimensions of �0.9 lm, over 20
randomly oriented a0 phase grains were included in each two-
phase pillar. No less than 30 grains were included in each of
the single-phase a0 phase pillars. In this way, the effects of grain
orientation on mechanical properties were minimized. For
micro-pillar compression tests, a transition in mechanical beha-
viour from bulk-like to size-dependant has been reported [51].
The interplay between external geometric size (the diameter of
the micropillar) and grain size plays a critical role for the transi-
tion [51]. The external size determines the distance a dislocation
16
glides before annihilation at the sample surface. The grain size, as
a competing factor, alters the length of the mean free path of dis-
locations [51]. Theoretical research suggests that the sample size
effect will be dominant when the ratio between the pillar diam-
eter and the grain size is below a critical value of �5 [51]. Exper-
iments on irradiated copper pillars demonstrate strong sample
size effects only when the sample diameter was smaller than
�400 nm [52]. The sample size effect on yield strength is reduced
when the pillar size is in the micrometre regime and the resulting
yield strength is close to that of the bulk [53]. In our study, the
yield strength of the HCP micro-pillars (1.2 GPa) was only
slightly higher than that of the bulk samples (1.1 GPa). Indeed
the difference was less than 10%, indicating that the size effect
was not significant in our study. As all the micro-pillars have sim-
ilar dimensions, we suggest that the size effect on the yield
strength of the FCC and dual-phase pillars was negligible. The
significant enhancement of the local yield strength introduced
by the C phase was reproducible.

True stress–strain (compression) curves from the pillars con-
taining the a0 phase, the C phase and both the a0 + C phases
are provided in Fig. 5a. Their corresponding compression proper-
ties are summarized in the Extended data Tab. S5. The pillars
containing both phases demonstrated the highest compressive
strength (1.9 ± 0.1 GPa yield strength). The C phase (1.7 ± 0.1
GPa yield strength) is stronger than the a0 phase (1.2 ± 0.1 GPa
yield strength) but exhibits lower plasticity. The relatively low
plasticity could be due to the sliding of twin boundaries, which
has been frequently observed in the deformation of single-
crystal FCC materials [54]. However, the plasticity of a0 + C phase
pillars remains about the same value as the single-phase a0 phase
pillars, indicating the introduction of the C phase does not lower
the plasticity of the material.

To explore the deformation mechanisms of the dual-phase
micropillars, cross-sectional TEM specimens were prepared to



R
ES

EA
R
C
H
:
O
ri
g
in
al

R
es
ea

rc
h

FIGURE 5

(a) Typical true compression stress–strain curves recorded from micro-pillars prepared from each phase and a 50/50 mix of the two phases. A schematic
diagram of the specimen dimensions for the in-situ compression test is provided, inset. (b) A bright-field image of a deformed (0.2 true strain) two phase
region. Two white arrows point to the needle-like HCP phase. A high density of dislocations and deformation twins (two of which are identified explicitly by
red arrows) are evident in the C phase. (c) Engineering tensile stress–strain curves of bulk samples printed as coupons for tensile testing with dimensions
provided in the inset. (d) The corresponding strain hardening rates.
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investigate a deformed micro-pillar from a two-phase region.
High densities of dislocations and deformation nanotwins were
observed in the C phase region (Fig. 5b). The nanotwins (e.g.
red arrows) possess an average thickness of �60 nm.

Similar tensile results were also observed in the bulk samples
subjected to tensile testing, Fig. 5c. To effect a valid comparison,
the L-PBF printing parameters were adjusted so as to build sam-
ples that contained either only the a0 phase, or a mixture of
a0 + C phases. Details of the printing parameters and microstruc-
tural characterization are discussed below. The average width and
length of the acicular platelets of the a0 phase-only sample was
�1.0 mm and 10.5 mm, respectively. The grain size is comparable
to those of a0 phase observed in the dual-phase sample. The
martensitic Ti-6Al-4V containing the C phase represents a rela-
tively high yield strength of 1113 ± 15 MPa, and a high ultimate
tensile strength of 1221 ± 9 MPa, which is �13% and 6% higher
than the a0 alloy samples, respectively. Significantly, the sample
containing both a0 and C phase exhibited greater ductility and
work hardening capacity (Fig. 5d) with a uniform elongation
and fracture strain of �5.5 and 10 %, respectively. This compares
with a uniform elongation and fracture strain of �3.7 and 8.9 %,
respectively, in the sample containing the a0 phase only.
Extended data Fig. S8 presents a HRTEM image recorded from a
dual-phase region in a fractured sample. A high density of dislo-
cations exists in an area close to the interphase boundary, which
should result in high levels of work hardening. A quantitative
evaluation of the dislocation density near the phase boundary
(1016 m�2) is one order of magnitude higher than that observed
in single phase regions. To avoid artefacts generated from inverse
FFT images, dislocations near the edge of the images and in the
fuzzy regions were not counted.

Discussion
Formation mechanism of the FCC phase
The O-rich nature of the FCC phase and its orientation relation-
ship with the HCP phases suggest a possible two-step formation
17
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mechanism: (i) formation of unstable FCC nuclei via plastic
deformation of the HCP phase in a heterogeneously deformed
(or O-enriched) regime due to the cyclic thermal loadings in
the L-PBF process, and (ii) stabilization of the FCC nuclei via
the diffusion (or pre-existence) of O into the FCC phase, facili-
tated by deformation induced defects and layer-by-layer
reheating.

Deformation-induced HCP to FCC phase transformations in
physical metallurgy often lead to specific orientation relation-

ships [40,55]. For the orientation relationship h12
�
10iHCP

//h110iFCC and ð0001ÞHCP//f111gFCC, the transformation usually
occurs via successive gliding of Shockley partials on every other
basal plane of the HCP phase [40,55]. Almost certainly, that
mechanism is operating here. In the L-PBF process, the inherent
high cooling rates result in the formation of a prevailing marten-
sitic microstructure in the as-built state, which is composed of
supersaturated fine a0 laths with a high dislocation density. It
has been reported that O-bearing pure titanium can transform
from HCP to FCC phase upon heating to 600 �C [3]. In titanium
alloys, the passivation breaks down at temperatures �600 �C,
enabling rapid diffusion of O from the oxide surface layer into
the matrix. In the current study, the feedstock Ti-6Al-4V powder
had a relatively higher O content than conventional wrought
materials of 0.1 wt.%, compared to the more usual value of
0.01 wt.% [56]. The melting of spatter particles can also lead to
local O-enrichment. During the L-PBF process, the layer-by-
layer melting process can cause heat accumulation [32,57],
resulting in parts of the build experiencing temperature excur-
sions into the a + b phase region [32]. In the two-phase sample
prepared with a 30 mm layer thickness, considerable amounts
of b phase were also observed in the bottom regions (Extended
data Fig. S9), indicating that the increase in temperature
exceeded 600 �C [32]. This heating enhances the diffusion of
O, which we propose promotes the formation of the FCC struc-
tured C phase. Meanwhile, the APT results (Fig. 3d) indicate that
the V content in C phase is similar to the surrounding a0 grains,
indicating the formation of C phase is isolated from the a0 to
a + b decomposition process during intrinsic thermal activations.

In order to confirm the effect of heat accumulation, the
microstructure of another L-PBF built specimen was character-
ized by EBSD for comparison. Detailed processing parameters
are given in Extended data Tab. S6. Owing to the larger compo-
nent size and higher laser power, the overall heat accumulation
in this build is expected to be less, resulting in a lower thermal
gradient. This was consistent with the observed microstructure,
which was dominated by a0 and no C phase was detected
(Extended data Fig. S10). The chemical composition of the as-
built samples possessed similar O contents (0.1 wt.%) in both
L-PBF samples [32]. This suggests that the relatively high O con-
tent and martensitic transformation do not induce the formation
of the FCC phase without sufficient intrinsic thermal activation
to facilitate O diffusion. Meanwhile, dislocation densities in
the two samples were analyzed using X-ray diffraction (Extended
data Fig. S11). The dislocation density was 1.48 � 1015 m�2 and
3.16 � 1015 m�2 in the low thermal gradient builds containing
only the a0 phase and the high thermal gradient builds contain-
ing a mixture of a0 + C phases, respectively. We suggest that ther-
18
mal stress induced plastic deformation led to the formation of
unstable FCC nuclei in the lower thermal gradient builds such
that the a0 to C transformation could not proceed. The partition-
ing of O was likely accelerated by dislocation pipe diffusional
pathways [58,59]. Schematic diagrams are given in Extended
data Fig. S12, presenting the two-step formation mechanism of
the C phase.

Mechanical properties
A comparison of the mechanical properties measured from
micro-pillars containing the dual a0 + C phases, the single C
phase, and the single a0 phase demonstrates that the O solid solu-
tion strengthened C phase enhances the strength of the alloy sig-
nificantly (Fig. 5a). An intense hardening effect from dilute
oxygen solutes was reported by Yu et al. [34] in pure a-Ti (HCP)
and this was proposed to be due to interactions between the O
atoms and screw dislocations. The observed strengthening effect
of the C phase confirms that this FCC phase is effective in
strengthening titanium alloys and that this occurs by significant
dislocation activity and nanotwinning (Fig. 5b). Indeed, these
deformation microstructures are consistent with other FCC
materials with �20–25 mJm�2 stacking fault energy [60,61]. Pre-
vious studies have indicated that HCP metallic materials usually
undergo work softening during deformation because of the lack
of slip systems [62]. This is consistent with our in-situ compres-
sion results on micro-pillars of the a0 phase. When the C phase
was introduced, work hardening did occur during compression
via deformation twinning, dislocation interactions, and the
interactions between dislocations and twin boundaries
(Fig. 5b). It is well known that dynamic deformation twinning
is an effective work hardening mechanism [63]. The higher max-
imum true stress achieved in the two-phase regions (2.3 GPa)
over that measured in the single C phase regions (1.9 GPa) and
the single a0 regions (1.3 GPa) indicates explicitly that the work
hardening capability was improved significantly by the introduc-
tion of the HCP/FCC interphase interfaces [3].

Many factors will contribute to the mechanical strength of the
alloy, including a0 lath thicknesses, dislocation density, twin
density, and the volume fraction of each phase. The quantitative
contribution of the C phase to the strengthening needs to be fur-
ther investigated. We attribute the improved tensile ductility and
work hardening capacity to the presence of the FCC phase
formed at high temperature up to 600 �C. The reinforcing effect
of the C phase in the Ti-6Al-4V alloy is very significant consider-
ing its low volume fraction (�6.6%). We suppose that greater
strengthening effects can be expected by increasing the volume
fraction of the C phase in additively manufactured titanium
alloys. Finally, our DFT results indicate that O atoms as solutes
in the C phase opens a potential future pathway for exploiting
alloying and processing conditions that increase the oxygen
supersaturation, driving oxygen co-clustering reactions, and pro-
viding further potential for engineering the microstructure and
further enhancing the mechanical properties of Ti alloys.

Conclusions
An oxygen-rich FCC phase, designated as C phase, has been dis-
covered in a Ti-6Al-4V alloy produced by L-PBF. The C phase
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exhibits a lattice parameter of 0.406 nm, an oxygen concentra-
tion of up to 33 at. % and an orientation relationship with the

matrix a0 phase as follows: (0001)a0//{111}C, and h12
�
10ia0

//h11
�
0iC. The significant thermal gradient, cyclic thermal load-

ing, and incorporation of O during the L-PBF process are critical
for the formation and stabilization of the C phase. The introduc-
tion of this FCC phase significantly benefits the mechanical
properties of the material. The compression strength of pillars
comprising near equal volume fractions of the FCC and the
HCP phases was more than 70% higher than that of pillars com-
prising only the HCP phase, yet no loss in plasticity was mea-
sured. High densities of dislocations and deformation twins
were observed in the deformed C phase, which is typical of
deformed FCC structures with low stacking fault energy. More-
over, the HCP/FCC phase boundaries contribute to improve
the mechanical properties. This research indicates that the
mechanical properties of Ti-6Al-4V alloys prepared by AM and,
more broadly other Ti alloys, may be significantly improved by
the presence of the oxygen-stabilized FCC phase. We have
demonstrated processing conditions whereby this phase can be
deliberately introduced—the key parameters being the thermal
gradient and the delivery of additional O via the feedstock mate-
rials to the additive manufacturing process.
Methods
Material processing and sample preparation. Gas ato-
mized Ti–6Al–4V powder (ASTM Grade 23, ELI, 0.1 wt.% O,
0.009 wt.% N, 0.008 wt.% C, 0.17 wt.% Fe, <0.002 wt.% H;
TLS Technik GmbH & Co.) in the particle size range of 25 –

45 mm was used. Two sets of samples with a0 martensite as the
predominant microstructure were fabricated using an L-PBF facil-
ity (SLM Solutions GmbH, SLM 250 HL) with different printing
parameters (Extended data Table S6). The specimens were pro-
cessed using the same layer thickness (t = 30 mm) and hatch dis-
tance (h = 120 mm) but different laser power, scanning velocity
and focal offset distance. This resulted in comparable volumetric
energy densities (E) of melt pool in the range of 65–74 J�mm�3

but various overall thermal profiles due to the specimen size
and processing parameters. The samples were vertically built on
a Ti-6Al-4V substrate (pre-heated to 200 �C) with support struc-
tures [30]. Prior to L-PBF fabrication, the build chamber was
purged with high-purity argon gas until the oxygen level was
below 100 ppm. The as-built samples showed a near full-
density of > 99.5% as measured by the micro-CT technique.

For cross-sectional observation in SEM, the as-built sample
was cut using an Acctom-50 diamond saw along the build direc-
tion. Top layer and bottom layer samples were cut �300 mm and
�20 mm away from the top surface, respectively. Specimens for
SEM characterization were cut using an Acctom-50 diamond saw
along the build direction, ground using diamond suspension
with diamond grain sizes of 30, 15, 6, 3, and 1 lm and then pol-
ished using 0.05 mm oxide dispersion suspension. Specimens for
TEM and TKD were sliced from a bottom layer of the cylinder,
ground to a thickness of �30 lm followed by ion milling using
a Gatan model 691 precision ion polishing system at –50 �C,
beam voltage of 4 kV and milling angle of ± 6�. APT specimens
were prepared from the SEM specimens using the FIB-based lift-
out method [64].

Structural characterization, in-situ micropillar
compression and bulk dog-bone specimen tensile
testing. EBSD and TKD experiments were conducted using a
Zeiss Ultra SEM equipped with an EBSD detector. TEM character-
ization was performed using a Titan Themis-Z double-corrected
microscope equipped with ChemiSTEM (Super-X) X-ray
Energy-dispersive spectroscopy detectors and a Gatan Quantum
ER/965 GIF dual EELS system. With the dual EELS system, energy
alignment was performed to zero-loss peak, which makes the
observed peak shifts reliable. EELS thickness mapping was con-
ducted in the STEM mode to estimate the thickness effect of
specimens. The formula used for the thickness measurements
was t ¼ k lnðIt= I0Þ, where t is the specimen thickness, k is the
mean free path of inelastic electron scattering with a value of
109.5 nm, and It and I0 are the total and zero-loss intensities in
the electron-energy loss spectrum, respectively [65]. Here, as rea-
sonable approximation, the k value is treated as a constant
because the structural difference and O concentration have
minor effects on the mean free path of inelastic electron
scattering.

APT experiments were carried out in a laser-assisted CAMECA
local electrode atom probe (LEAP) 4000X Si at a cryogenic tem-
perature of �50 K with a 355 nm wavelength laser, 90 mm
straight flight path, with a pulse energy of �20 pJ and a pulse fre-
quency of �200 kHz. The tomographic reconstruction was per-
formed using CAMECA’s Integrated Visualization & Analysis
Software version 3.8.4. Tip radius was derived from the voltage
evolution method. A detector efficiency of 57 % as previously
calculated for this particular atom probe using methods referred
to Refs. [38,39] was used. The default image compression factor
(1.65), and kf (3.30) were applied since no crystallographic infor-
mation could be observed in the field evaporation maps. A repre-
sentative mass spectrum and 1D concentration profile were
exported and plotted in MATLAB.

In-situ micro-pillar compression tests were performed using a
Hysitron PI-85 picoindenter in the displacement-control mode
with a displacement rate of 2 nm/s or a strain rate of �2 � 10�4-
s�1. All the pillars had similar dimensions of �3 mm in diameter
at the pillar top, �9 mm in length, and �3� tapering angle. It is
expected that a large aspect ratio of length to diameter increases
significantly the possibility of buckling while a small ratio results
in unrealistic extra strain hardening [66]. Pillars with aspect
ratios ranging 1:2–1:3 are recommended for micro-compression
tests [66].

Cylindrical dog-bone shaped tensile specimens were

machined with gauge dimensions of
È
A4 � 16 mm proportional

to ASTM standard E8/E8 M-09. Room temperature quasi-static
uniaxial tensile testing was performed at an initial strain rate of
2.5 � 10�4 s�1 using an MTS 810 universal testing facility
equipped with a 100 kN load cell and a non-contact laser exten-
someter. At least three samples with the same printing parame-
ters were tested to get the mechanical properties. The true
stress values were calculated by using the load and real time
cross-sectional area from the middle height of the pillar. Because
the yield strength and compression strength of HCP bulk sam-
19
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ples were �1.10 GPa [32] and �1.25 GPa, respectively, which are
about the same as those of the HCP pillars. This indicates little
sample size effect on the measured mechanical properties of pil-
lars for the dimensions used in this study.

DFT method. DFT calculations were performed using the
generalized gradient approximation [67] with the Vienna Ab ini-
tio Simulation Package (VASP) code [68,69]. The cut-off energy
for plane wave basis sets was 500 eV. Monkhorst-Pack k-points
were meshed by 6 � 6 � 6 for the 108-atom bulk model and
6 � 6 � 1 for the interface model. For all systems, atomic relax-
ation was allowed until the forces were less than 0.01 eV/Å.

Considering the low concentrations of substitutional V and
Al, and their relatively even contributions in the FCC and HCP
phases, one can use pure Ti supercells to study the bulk and inter-
face structures of Ti-6Al-4V. The formation energies of single
interstitial O atom at the octahedral and tetrahedral sites were
calculated in bulk HCP-Ti and FCC-Ti using 96-atom and 108-
atom supercells, respectively. The formation energy is defined
as Esuper-with-O – Epure-super – ½ EO2, where Esuper-with-O, Epure-super
and EO2 are the energies of the supercell containing one O atom,
the pure supercell, and oxygen molecule, respectively. A 2 � 2 in-
plane 9-layer FCC (111)/ 8-layer HCP (0001) fully coherent
interface structure was constructed using a supercell with peri-
odic boundary conditions to study the distribution of O with
respective to the interface. The relaxed lattice constants of the
interface supercell are a = 0.5819 nm and c = 3.9736 nm.
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