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Abstract:

The kinetic theory is often used to evaluate the long-term performance of fibre-reinforced polymer
(FRP) composites. However, the fundamental deterioration mechanism of the fibre-matrix
interfaces, which may change significantly with temperature, has not been rigorously examined.
This paper presents a study to address this deficiency of existing studies using reactive force field
molecular dynamics simulations. Two models were established for the untreated and sizing-treated
fibre-matrix interfaces, respectively, and performed debonding simulations over a wide range of
temperatures. The simulations were validated with the previous experimental results in various
terms and were used to quantitatively examine the effects of coupled thermal-mechanical actions
on the key properties of the interfaces and their deterioration mechanism which involves the
breakage of covalent bonds. The results shed light on the design and interpretation of accelerated
tests and may be used in multiscale and multifield modelling of the durability of FRP composites
in the future.
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1. INTRODUCTION

Fibre-reinforced polymer (FRP) composites have been widely used in the aerospace, automotive,
and marine industries [1] and are gaining increasing acceptance in civil infrastructure construction
[2]. Thermosetting resins are extensively used as the polymeric matrix of FRP composites due to
their excellent properties including the relatively high stiffness and solvent resistance [3].
Compared with thermoplastic resins, thermosets generally have a higher softening temperature and
superior creep resistance [4]. However, thermosets are still characterized by the glass transition
and entropic elasticity of polymers, which makes temperature a crucial factor affecting their
properties [5, 6].

In the durability studies of FRP composites, accelerated laboratory exposure tests have been
widely adopted, in which the specimens are commonly subjected to an elevated temperature to
accelerate their deterioration [7-11]. The results from the accelerated exposure tests are often used
to predict the long-term performance of FRP composites by adopting the Arrhenius equation [12],
which describes the relationship between the deterioration rates of a material subjected to different
temperatures. The use of the Arrhenius equation assumes that the fundamental deterioration
mechanism (e.g., represented by the activation energy [7-10]) does not change in the accelerated
exposure tests, but this assumption has not been verified for FRP composites. Due to the
characteristics of glass transition and entropic elasticity of the polymeric matrix, it is likely that

© 2022. This manuscript version is made available under the CC-BY-NC-ND 4.0 license http://creativecommons.org/licenses/by-nc-nd/4.0/


mailto:tao-cee.yu@polyu.edu.hk

the Arrhenius equation may only be valid for a certain temperature range for FRP composites. This
temperature range, however, has not yet been clarified or rigorously examined.

The durability of FRP composites depends significantly on the deterioration of the fibre-matrix
interfaces which play an important role in the force transfer among the fibres and the matrix [13-
17]. Existing experimental studies have shown that the deterioration of fibre-matrix interfaces (e.g.,
criss-crossing voids [15], adhesive rupture [13], delamination [16]) due to thermal cycles have
significant effects on the mechanical properties of FRP composites. Therefore, the thermal-
mechanical properties of fibre-matrix interfaces are crucial for durability studies. However,
although extensive experimental studies (e.g., Refs.[15, 18-22]) were conducted on the
temperature dependence of the properties of polymers, the relevant existing studies on the fibre-
matrix interfaces have been limited. The macroscopic experimental studies of the fibre-matrix
interfaces (e.g., Refs.[23, 24]) generally failed to separate the intrinsic interfacial properties from
the overall test results which were largely controlled by the behaviour of the polymeric matrix.
The micro-/nano- in situ experiments (e.g., Refs.[25, 26]) adopting sufficiently thin fibre-matrix
interface samples may allow the intrinsic interfacial properties to be explored, but they have been
rather limited due to the difficulties in performing the tests (e.g., temperature control and combined
thermal-mechanical actions, especially for the high temperature required when the matrix enters
the rubbery state). It remains unclear whether the theories derived for the temperature-dependent
properties of polymers (e.g., Eyring’s theory) are applicable to fibre-matrix interfaces, noting that
the interfacial behaviour may be further complicated by the presence of fibre sizing which leads
to enhanced covalent bonds at the interfaces.

On the other hand, multiscale modelling using the bottom-up approach has emerged as an effective
way to understand and predict the durability of materials [27, 28]. For FRP composites, continuum
mechanics-based numerical modelling (e.g., finite element modelling) may be used to simulate
their behaviour under combined mechanical and environmental (e.g., thermal) actions if the time-
and temperature-dependent properties of fibres, polymeric matrix and fibre-matrix interfaces can
be properly defined. The microscopic understanding and properties necessary for numerical
modelling at the macroscopic level are difficult to obtain experimentally (e.g., the intrinsic
properties of the interface as well as the effects of thermal-mechanical coupling). Molecular
dynamics (MD) simulations have been shown to be an effective method to understand microscopic
mechanisms and to obtain microscopic properties, which may be used as an alternative method to
obtain the interfacial properties under thermal-mechanical coupling conditions [29, 30].

The existing MD studies on fibre-matrix interfaces (e.g., Refs.[31-33]) have mostly been limited
to qualitative explanations of the deterioration mechanism of the interfaces in different
environments (e.g., moisture and salt); their models are generally not large enough to obtain
representative mechanical parameters. Furthermore, in commercial FRP products in civil
engineering, it is a common practice to apply a sizing layer (e.g., with a silane coupling agent) on
the fibre surfaces. The sizing layer reacts with both the fibre and the matrix (i.e., forming chemical
bonds), and thus improves the adhesion between them. It has been shown by the existing studies
(e.g., Ref.[34]) that the sizing layer leads to improved durability and mechanical properties.
However, the vast majority of MD studies have only considered nonbonding interactions and thus
cannot simulate the formation/breakage of covalent bonds under thermal-mechanical actions. To
simulate the fibre-matrix interfaces under thermal-mechanical actions, it is also important to clarify
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the evolution of the mechanical properties of the interfaces over a wide temperature range and its
corresponding microscopic mechanisms so as to provide a comprehensive understanding of these
properties when the matrix moves from the glassy to the rubbery state. Therefore, it is essential to
use MD simulations with a reactive force field (e.g., ReaxFF) to clarify and quantify the interfacial
thermal-mechanical properties for multifield and multiscale coupling modelling, as well as
durability studies of FRP composites.

Against this background, this paper presents the first-ever study on the properties and deterioration
mechanism of fibre-matrix interfaces under various temperatures in combination with tensile
loading using MD simulations; the ReaxFF force field was adopted to capture the roles of covalent
bonds, and the interfaces with and without fibre sizing were both simulated to examine their
differences. The study covers a wide range of temperatures (300 K~600 K) which allows the
polymeric matrix to be investigated in both the glassy state and the rubbery state; it also allows the
glass transition temperature to be determined by the MD simulation results. Importantly, the
molecular models are sufficiently large so that the macroscopic interfacial properties (e.g., the
peak stress, modulus, and toughness) under various temperatures can be quantitively obtained as
the statistical average of microscopic quantities; the validity of this approach has been
demonstrated in a previous study by the authors’ group [35] on the mechanical properties of fibre-
matrix interfaces under typical room temperature (i.e., 300 K). In the following sections, the details
of the methods are first presented, followed by interpretations and discussions of the simulation
results with reference to the existing theories on polymers (i.e., Eyring’s theory and the kinetic
theory).

2. METHODS

In this study, the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [36]
was adopted to construct the MD models, to perform ReaxFF MD simulations for obtaining the
glass transition temperature (7g) and for the tension process at fibre-matrix interfaces. The
consistent valence force field (CVFF) [35] was used only in the model construction process as the
only purpose of that process was to construct the cross-linked interface model. After the cross-
linked model was constructed, the ReaxFF forcefield [37] was used to carry out structural
relaxation and to calculate the glass transition properties. The same force field (i.e., ReaxFF
forcefield) was also used in the subsequent debonding process to ensure the reliability of the results.
In all the simulations, the van der Waals interactions were calculated with a cutoff distance of 12 A
and the electrostatic interactions were described by the Ewald method with a cutoff distance of
10 A. These cutoff distances are sufficiently large to describe the nonbonding interactions [38].
Details of the models and the simulation methods are presented below.

2.1. Construction of Models

An untreated fibre (i.e., without sizing)-matrix model and a sizing-treated fibre-matrix model were
constructed in this study. For the former, the construction process involved only cross-linking of
polymer monomers on the hydroxylated glass fibre surface (Figure 1a); the fibre surface was
hydroxylated due to the presence of unsaturated oxygen on the silica surface. By contrast, the
construction process of the sizing-treated interface model involved two additional steps: grafting
the silane onto the hydroxylated glass fibre surface and then coupling the grafted silane with the
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matrix (Figure 1b). It is a common process to produce a sizing-treated fibre [39]. In the two models,
the glass fibre was simulated by surface-hydroxylated silica (quartz) with a size of 16.5 x 157.2 x
86.5 A, while a total of 1600 monomers of diglycidyl ether of bisphenol A (DGEBA) (epoxy) and
1600 monomers of 1,3-Phenylenediamine (mPDA) (curing agent) were adopted to form the
polymer matrix by cross-linking. Sixty-four 3-aminopropyltriethoxysilane (APTES) molecules
were uniformly grafted onto the fibre surface for the sizing-treated model. The construction
process of the models was performed using classical MD simulations with the CVFF force field
[35]. The formation of chemical bonds (i.e., cross-linking) between reactive sites (O in the epoxy
groups of the DGEBA and N in the amine groups of the mPDA) is assumed to occur when their
distance is less than 2.5 A. The use of this distance ensures that the initial bond forces arising
during the process are not overly large while an adequate degree of coupling can be obtained [40].
The cross-linking simulation was performed at 380 K for 0.7 ns as the cross-linking became
extremely slow afterwards. After modelling, the density of the matrix was 1.29 g/cm® in the
untreated fibre-matrix model (degree of cross-linking: 73.9%) and 1.28 g/cm? in the sizing-treated
fibre-matrix model (degree of cross-linking: 71.4%). These densities are close to the
theoretical/experimental results of epoxy resin (DGEBA/mPDA) reported in the previous studies
(e.g., Refs [41-43]). The degrees of crosslinking in the two models are within the range of
experimental values (e.g., 68% to 79.5% reported by Ref. [44] and 75% to 92% reported by Ref.
[45]) and are larger than the conversion at the gel point (67% for the DGEBA/mPDA systems
[44]); the gel point represents a critical extent of reaction at which the polymeric matrix transitions
from the liquid to the solid state. In addition, the two cross-linking degrees are sufficiently close
for the two models to serve in a comparative study. Therefore, the two models can be used for the
study of the thermodynamic properties of fibre-matrix interfaces. More details of the models can
be found in Ref. [35].

2.2. Determination of Glass Transition Temperature

The glass transition temperature (7g) of the matrix in the untreated interface model was determined
based on the variation of density with temperature, which is a conventional method in MD
simulations [46], while the T} of the matrix in the sizing-treated interface model is expected to be
similar due to the similar degree of cross-linking of the matrix in the two models. This method of
determining 7 has the same mechanism as the thermo-mechanical analysis (TMA) method which
is commonly used in experimental studies; with the TMA, the T is determined by the measurement
of the dimensional variation of a constant-mass sample with temperature [47].

The variation of density with temperature was obtained by gradually reducing the temperature of
the matrix from 600 K to 260 K with a rate of 10 K per 2 ns; this temperature rate was found to be
slow enough to reach a stable density at each temperature. In this process, the ReaxFF force field
[37] with the NPT (constant number of atoms, pressure and temperature) ensemble was adopted
with a timestep of 0.5 fs; periodic boundary conditions in the x, y, and z directions were applied
and the pressure was controlled to 1 atm.

2.3. Simulation of Debonding
Following the approach of the authors’ previous study [35], a tensioning process was applied to

simulate the debonding at the fibre-matrix interfaces. In this process, the top of the matrix was
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fixed while a downward velocity of 40 m/s (i.e., by moving 0.01 nm and then relaxing 500 steps)
was applied to the bottom of the fibre as shown in Figure 1c. The velocity (or strain rate) is within
the range of velocities used in most MD simulations [48, 49], and can reflect the molecular motion
mechanism during the debonding process and obtain statistically significant mechanical
parameters [48]. It should be noted that except for the rigid bottom two layers of atoms (Figure
Ic), the remaining 1.4 nm thickness of the fibre is unfixed. The rigid bottom does not affect the
deformation of the fibre surface due to the high modulus of the fibre [50] (i.e., silica); the distance
between the rigid part and the matrix is also larger than the cutoff distances, so that the rigid bottom
does not affect the nonbonding interactions with the matrix. The middle region (unfixed part) was
simulated with the NVE (constant number of atoms, volume and energy) ensemble with a timestep
of 0.5 fs while the temperature was controlled at a specific temperature (i.e., 300 K, 320 K, 340 K,
360 K, 380 K, 400 K, 420 K, 440 K, 460 K, 480 K, 520 K, 560 K or 600 K); periodic boundary
conditions in the y and z directions were applied. In the simulations, the reactive force field ReaxFF
[37] was adopted to obtain the mechanical properties and capture the potential breakage of
chemical bonds in the debonding process. The virial stress [51] of the unfixed region of the matrix
was recorded every 500 steps, which was then statistically averaged to obtain the so-called true
stress or Cauchy stress [51] of the matrix. The so-obtained true stress was then used to plot the
stress-displacement curve for which thermal noises were eliminated by a smoothing process [35].

Each model contains approximately 125,000 atoms, and a total of 26 simulation tasks (i.e., 13
temperatures for the models with and without fibre sizing) were performed in this study. The
simulations took a total of over 1.2 million computational core hours, making them the largest
atomistic computational study of FRP composites in civil engineering at present. The reaction
force field and the sufficiently large models ensure that the interactions between atoms are accurate
and the models are statistically significant, making the results representative and robust. The
simulation results are therefore not only fully representative for understanding the micromechanics
of fibre-matrix interfaces but also contribute significantly to multiscale modelling, as discussed in
the subsequent section.

3. RESULTS AND DISCUSSIONS
3.1. Glass Transition Temperature

The glass transition temperature (7%) is the temperature at which increased molecular mobility
occurs, leading to significant changes in the thermal properties of amorphous polymers [52].
Polymers are in a glassy state and are capable of forming stable structures at temperatures below
the 7g, while they behave as rubbery materials at temperatures above the 7g. In this study, the
variation of density of the matrix with temperature was obtained from the MD simulations, as
shown in Figure 2 where the dimensionless density values are obtained by dividing the density by
the density at 600 K. It is evident that the density decreases with the temperature and there is an
apparent change of the rate of decrease at approximately 450 K. Therefore, the T; of the matrix in
this study is determined to be 450 K. This result is close to the experimental result (i.e., 7y = 446
K, see [45, 47]) of epoxy resin formed with the same epoxy monomer (DGEBA) and curing agent
(mPDA); the experimental result was determined using the TMA approach. The similar 7 values
verify the reliability of the force field used in this study in simulating the thermal mobility of the
molecules. The molecular morphology of the matrix at various temperatures was then used as the
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initial state in the subsequent debonding simulations to ensure consistency in the glass transition
properties.

3.2. Debonding of Untreated Fibre-matrix Interface at Various Temperatures

The stress-displacement curves, in which the stress is taken as the true stress (see Section 2.3)
while the displacement refers to the downward movement of the fibre measured from its top
surface, are shown in Figure 3a for the untreated fibre-matrix interface under the 13 temperatures;
Figure 3b-3g show typical snapshots of the interface in the debonding process for different
temperatures (i.e., 300 K, 360 K, 420 K, 480 K, 560 K, and 600 K). It is not a surprise to see that
the interfacial strength decreases with the temperature (Figure 3a). When the temperature is below
or near Tg, the stress decreases sharply after the peak stress, indicating a quasi-brittle fracture mode.
By contrast, at a relatively high temperature (>520 K), the stress-displacement curve is featured
by a plastic plateau with a length of 1~1.5 nm (See the inset of Figure 3a), suggesting that the
rubbery state of the polymer matrix allows for a relatively large degree of plasticity in the
debonding process.

The differences in the debonding process of the interface under different temperatures are also
evident from the debonding morphologies. As shown in Figure 3b-3g, the debonding process may
be described by three motions, which are herein termed cavitation/nucleation (at 0.5~1 nm), plastic
yield/flow (at 0.5~2 nm), and bridge rupture/crazing (at 2~4 nm), respectively, following the
existing studies [53, 54]. At temperatures well below the T, Figures 3b, ¢ show that the interface
has already largely deteriorated when cavitation/nucleation occurs (at 1 nm). By contrast, when
the temperature is far above 7g (see Figures 3f, g), the matrix and the fibre remain in good contact
when the displacement is 1 nm; a large amount of matrix is still adhered to the fibre surface even
at an elongation of 2 nm, indicating the large plastic flow capability due to the strong mobility of
the matrix in the rubbery state. With the further increase of displacement, rupture of the bridges
formed by slipped polymers between the fibre and the matrix occurs, leaving some matrix residuals
on the fibre surface. The residual ratio of the matrix on the fibre surface is counted for the 13
temperatures and the results are shown in Figure 3h, where the inserted snapshots illustrate several
typical morphologies of the debonded fibre surface. Figure 3h indicates that the residual ratio of
the matrix increases with the temperature, especially when the matrix is in a rubbery state. It should
be noted that the velocity of separation may affect the fracture morphology, especially for
amorphous materials with complex molecular structures. However, this is beyond the scope of the
present study which is concerned only with the effects of temperature on the fracture morphology.

To further examine the interfacial debonding characteristics, the morphology of the nonbonding
interaction zone is shown in Figure 4a-4d for various temperatures. The nonbonding interaction
zone is a region of 1.2 nm from the fibre surface, beyond which the matrix is not subjected to
nonbonding interactions (e.g., van der Waals forces and hydrogen bonding) by the fibre and its
surface hydroxyl groups. It is evident from Figure 3 that cavitation occurs at the displacement of
0.5 nm, which is approximately the mean displacement at the peak stress for various temperatures.
The matrix in the nonbonding zone then rapidly decreases with the displacement, especially for
those at temperatures below Tg. With the MD simulation results, the debonding ratio of the
nonbonding zone can be calculated by dividing the debonded volume of the matrix by its initial
volume in this zone. The so-obtained debonding ratios for interfaces subjected to different
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temperatures are compared in Figure 4e for different displacements. It can be seen that when the
displacement is 0.5 nm, the debonding ratio remains almost the same in the glassy state while
increasing slightly with the temperature in the rubbery state, which may be due to the increasing
instability of the interfacial morphology in the rubbery state. However, when the displacement is
1 nm or 2 nm, the debonding ratio decreases with the temperature and the rate of such decrease is
significantly higher in the rubbery state due to the increased plastic flow capability.

3.3. Debonding of Sizing-treated Fibre-matrix Interface at Different Temperatures

For the sizing-treated fibre-matrix interface, the covalent bonds between the fibre and the matrix
significantly enhance the interfacial connection [35]. Figures 5a-5f show typical snapshots in the
debonding process of the interface at different temperatures. It is evident that the sizing can
effectively improve the bond at the interface. However, as it is not possible to achieve 100%
coverage of the sizing on the fibre surface, the part not covered by the sizing would fail first (see
Figure 5a), followed by the cracks in the sizing-connected epoxy. Furthermore, the stress-
displacement curves at temperatures from 300 K to 600 K show that there is a plastic plateau of
up to 5~6 nm on the curves and the displacement at debonding of the sizing-treated fibre-matrix
interface reaches up to 30~50 nm (see Figure 5¢g), which is an order of magnitude higher than that
of the untreated fibre-matrix interface (see Figure 3a).

Similar to the untreated interface, the strength of the sizing-treated fibre-matrix interface decreases
with the temperature (Figure 5g). However, as the plastic flow capacity of the latter is already large
at a relatively low temperature (i.e., 300 K) (Figure 5g), the effect of temperature on the debonding
morphologies of the latter (Figures 5a-5f) appears not as pronounced as that of the former (Figures
3b-3g). A similar observation may be made from Figure 5h which shows the residual ratio of the
matrix after bridge rupture for the sizing-treated fibre-matrix interface: the residual ratio still
increases with the temperature but to a lesser degree than that in the untreated interface (Figure
3h). It is also worth noting that the residual ratio of the treated interface is generally about 25 to
80 times that of the untreated interface due to the presence of additional covalent bonds in the
former.

Figures 6a-6d show the morphological evolutions of the nonbonding interaction zone of the sizing-
treated fibre-matrix interface under various temperatures, while the variation of the debonding
ratio of this zone with the temperature is shown in Figure 6e for different displacements. By
comparing Figures 4 and 6, it is evident that for both interfaces (i.e., with and without fibre sizing),
the morphologies, as well as the debonding ratios and their trend with the temperature at the mean
displacement corresponding to the peak stress (i.e., 0.6 nm for the sizing-treated fibre-matrix
interface), are all similar. This observation suggests that, in the initial stage up to the peak stress,
the additional covalent bonds provided by fibre sizing do not play a significant role in the
interfacial properties or the debonding process. The role of covalent bonds becomes substantial as
the displacement increases: the debonding ratio of the sizing-treated interface ranges from 50% to
80% at 3 nm (see Figure 6¢), whereas, for the untreated interface, the debonding ratio is already
approximately 90% to 95% at 2 nm (see Figure 4e). Another observation from Figure 6e is that
the rate of decrease of the debonding ratio with the temperature does not seem to increase when
the temperature exceeds 7. This is different from the observation in Figure 4e for the untreated
interface and is a result of having significant covalent bonds at the interface.



3.4. Quantification of Thermal-mechanical Effects on Fibre-matrix Interfaces

To further understand the interfacial debonding properties, the thermal-mechanical effects on the
two fibre-matrix interfaces are quantitatively examined with reference to the existing theories. The
stress-nominal strain curves of the two fibre-matrix interfaces are compared in Figure 7a, in which
the nominal strain € was calculated by € = d/L,, where L, is the initial length of the unfixed
matrix at the corresponding temperature and d is the downward displacement of the fibre (i.e.,
same as plotted in Figures 3a and 5g). As the modulus and strength of the fibre are at least one
order of magnitude larger [50] than the corresponding properties of the matrix, the
deformation/damage induced by the displacement mainly occurs within the matrix or at the
physical interface between the fibre and the matrix.

3.4.1. Peak Stress

Figure 7a shows that before the peak stress is reached, the curves of the two interface models at
the same temperature are similar in the glassy state while their difference is evident in the rubbery
state. Figure 7b further shows the variations of the peak stress with temperature for the two
interfaces. It is evident that in the glassy state, the peak stresses of the untreated and sizing-treated
fibre-matrix interfaces are similar and they both decrease almost linearly with temperature. The
rates of decrease of the former and the latter in the glassy state are 0.476 MPa/K and 0.475 MPa/K,
respectively, based on a linear regression analysis. When the temperature is close to 7y of the
matrix, the peak stress somewhat plateaus and does not significantly change until a temperature
(i.e., 520 K) is significantly higher than the 7,. After that, the peak stress of both interfaces
decreases rapidly with temperature. The rates of decrease in this stage (i.e., rubbery state) are 1.289
MPa/K and 0.723 MPa/K for the untreated and treated interfaces, respectively, which are both
significantly higher than the corresponding values in the glassy state. Furthermore, by looking at
the two numbers, the untreated interface appears more sensitive to temperature in the rubbery state
than the treated interface.

It is worth noting that the linear relationship between the peak stress and the temperature in the
two temperature ranges (i.e., <450 K and > 520 K) is consistent with the implication of the well-
known Eyring equation [55] for stress-biased thermal activation. The Eyring equation has been
widely and successfully adopted to describe the behaviour of polymers but has not been examined
for fibre-matrix interfaces. An approximation of the original Eyring equation for the ranges of
temperatures, strain rates, and stresses in the present study can be expressed as [21, 56]:

Oyiea(T) = 2In (Z) T+ 2, (M)
where 0yje1q 18 the yield stress and is taken as the peak stress in this study [57], T is the absolute
temperature, E, is the activation energy, v, is the activation volume, € is the strain rate, &, is a rate
constant (containing an entropy factor and an elementary shear strain [21]), and kg is the
Boltzmann’s constant. The second item on the righthand side of Eq. (1) is also referred to as an
apparent activation energy density [58], p, = E,/v,, in the unit of Pa or J/m°.



Eq. 1 suggests that the term — ks ln( ) defines the slope of the peak stress-temperature curve

&9
(Figure 7b), while the term E / v, (i.e., p,) defines the intercept of the curve with the vertical axis
when 7= 0. By comparing the slopes of the curves given above and in Figure 7b, it can be derived

that: (1) the value of “EIn (£
0

the temperature is well above the glass transition temperature; (2) the fibre s121ng has little effect

) is almost a constant when the matrix is in the glassy state and when

on the value of UB In (S ) in the glassy state; (3) the absolute value of UB In ( ) increases when the
a 0 a 0

matrix enters the rubbery state, which is believed to be at least partially due to the difference in
the &, between the glassy and rubbery states, while the fibre sizing appears to reduce this
difference between the two states.

The p, values can also be obtained from the peak stress-temperature curves shown in Figure 7b.
The so-obtained p, values for the untreated fibre-matrix interface in the glassy state and rubbery

state are p, |82 = 4.468 x 108 J/m? and p,|""°°°Y = 8.957 x 108 J/m?, respectively,

untreated untreated

while those for the treated fibre-matrix interface are palfrl::izd 4501 x 108 J/m3 and

Pa |::fat$§y 5.799 x 108]/m3, respectively. These results suggest that: (1) the p, value of the
interfaces in the rubbery state is larger than the corresponding value in the glassy state; (2) the
fibre sizing and the resulting covalent bonding between the fibre and the matrix has little effect on

the p, value of the interface in the glassy state, but it reduces the p, value in the rubbery state.

With the above observations, the existence of a transition zone (i.e., 450 K to 520 K) in which the
peak stress does not decrease linearly with temperature (see Figure 7b) may be explained as a

result of the combined effect of changing —ZIn ( ) and p, in this zone: the increase of the absolute
€o

value of the former with temperature leads to a decrease in the peak stress while the increase of
the latter with temperature leads to an increase in the peak stress (see Eq. 1).

It is interesting to note that the slopes of the curves in the glassy state (—0.476 MPa/K and —0.475
MPa/K) are in good agreement with the experimental test results of epoxy which are in the range
of —0.4359 to —0.4832 MPa/K [59]. This might be a coincidence considering the differences
between the simulations and the tests: (1) the strain rate in the MD simulations is significantly
higher than that in the tests, which generally leads to much higher peak stress for the former as is
the case for the present study; (2) the peak stress of the epoxy may be considered to be slightly
higher than that of the interface as informed by the failure morphologies of the models (Figures 3
and 5); (3) compared with the simulation models, the macroscopic specimens in the tests generally
have more defects which may reduce their peak stress. Nevertheless, it is clear that the both the
simulations and the tests exhibit a linear decreasing trend of the peak stress with the temperature
for a speciﬁc temperature range. Furthermore, considering the two terms in the Eyring equation

(i.e., —Bln( ) and p,) which define the slope and the intercept of the peak stress-temperature
curve, respectlvely, the similar experimental and simulation results in terms of the slope suggest

that the strain rate might only have a small effect on the term — B 1n ( ) while having a significant

Va &0
effect on the p, value. Therefore, when establishing a coupled thermal-mechanical multiscale
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model, special attention should be paid to the apparent activation energy density as a function of
strain rate (i.e., p,(€)).

3.4.2. Elastic Modulus

When the displacement is relatively small (e.g., <0.5 nm), the fibre-matrix interface remains
almost intact and the displacement can be considered to be the same as the elongation of the matrix;
as a result, the slope of the initial linear portion (i.e., ¢ < 0.04) of the stress-nominal strain curve
(Figure 7a) may be taken as the elastic modulus of the matrix. It should, however, be noted that
the so-obtained elastic modulus is not the same as Young’s modulus, as periodic boundary
conditions are applied in the y and z directions of the MD models and the interface/matrix is thus
subjected to a uniaxial strain state (i.e., the strains in the y and z directions are equal to zero) (see
Figures 8a and 8b). The so-obtained elastic moduli for the two models at different temperatures
are shown in Figure 7c. Similar to the observations for the peak stress (Figure 7b), for both the
untreated and sizing-treated models, the elastic modulus decreases almost linearly with
temperature until 7y is reached, after which a plateau occurs with an almost constant elastic
modulus for the temperature between 450 K and 520 K; when the temperature exceeds 520 K, the
elastic modulus decreases again rapidly with temperature. It is evident from Figure 7c that the
moduli of the untreated and sizing-treated fibre-matrix interfaces are almost identical at different
temperatures before entering the rubbery state.

Figure 8c compares the simulation results with the experimentally obtained Young’s modulus of
epoxy at various temperatures reported in Ref.[60]. To make the comparison, the elastic moduli
shown in Figure 8c for the uniaxial strain state (Eypiaxial strain ) Were first converted to Young’s
modulus (£y) using the following equation based on Hooke’s Law [61]:

_ _ Ey(l—V)
Oxx = Euniaxial strain €xx — (1+v)(1-2v) XX (2)

In the conversion process, Poisson’s ratio (v) of the epoxy DGEBA/mPDA in the glassy state was
chosen to be in the range from 0.3530 [62] to 0.4100 [63] based on the existing experimental
studies. In the rubbery state, the Poisson’s ratio is known to be close to 0.5 [64, 65], so it was
chosen to be in the range from 0.4925 [66] to 0.4990. It is evident from Figure 8c that the
experimental results fall well within the estimated range of the simulations for both the glassy and
the rubbery states. It should, however, be noted that the simulation results are affected by the
following factors: (1) the nonbonding and covalent bond interactions between the fibre and the
matrix may have affected the mobility of surrounding molecules of the matrix; and (2) the strain
rate in the simulations is significantly higher than that in the experiments. Nevertheless, the effect
of (1) is believed to be small at least in the glassy state or for the interface without fibre sizing [67,
68], while the effect of strain rate on the elastic modulus is generally much less significant than
that on the peak stress of epoxy resin [69-71]. Therefore, the comparison shown in Figure 8c,
although may not be considered a rigorous quantitative verification, demonstrates the validity of
the MD models in capturing the variation trend of elastic modulus with temperature.

The variation of elastic modulus with temperature (Figure 7c) may also be interpreted by the theory
of thermodynamics. Based on elastic deformation, the tensile modulus E; at a specific temperature
T is given by [72]:

10



E=3 G0, ®)

where L is the length of the sample, the cross-sectional area A is a constant for the uniaxial strain
state, while isothermal tension f is given by [73]:

=G, =G, -G, “@

In Eq. 4, F = U — TS is the Helmholtz free energy, U is the internal energy, S is the entropy. By
combining Eqgs. (3) and (4), the tensile modulus can be expressed as follows:

=416, T 6D, ) =4[5, 76, )= ®

Eq. 5 suggests that the tensile modulus is the sum of two components, Ey; and Eg, which are
derived from the responses of internal energy density (U/AL) and entropy density (S/AL) to
changes in the strain, respectively, for a constant temperature [72, 74, 75]. The two components
represent the energetic and entropic elasticity of the matrix, respectively.

2
It can also be derived from Eq. 5 that the term — A—lL (g) defines the rate of change of the elastic
T,A

modulus with temperature. Therefore, the results in Figure 7c¢ indicate that in the glassy state, the
2
values of — Al—L (%) are —0.00676 GPa/K and —0.00637 GPa/K for the untreated and the treated
T,A
interfaces, respectively, while in the rubbery state, the values for the former and the latter are —
0.0131 GPa/K and —0.00841 GPa/K, respectively. It is not surprising that the rate of change is
larger in the rubbery state than in the glassy state due to the greater entropic elasticity in the former.
It may be explained by the differences between the two states in microscopic properties such as
the mobility or freedom of the molecules, which result in different macroscopic mechanical

properties in a statistical sense.

»

In addition, the rate of change for the treated interface is smaller than that of the untreated interface
when the temperature is higher than 520 K (Figure 7¢). This is believed to be due to the fibre sizing
in the former which enhances the covalent bonds at the interface and thus limits the mobility of
the surrounding molecules and reduces the entropy. As a result, in the rubbery state, the
contribution of entropy elasticity to the modulus of the sizing-treated fibre-matrix interface is
significantly smaller than that in the untreated interface.

a2 . . .
Furthermore, Eq. 5 suggests that the term A—lL(a—;) or Ey (the contribution of the energetic
T,A

elasticity to the modulus) may be found as the longitudinal intercepts (i.e., when 7= 0) of the lines
in Figure 7c. By doing so, it can be derived that Ey; increases when the temperature increases from
Ty to around 520 K. The elastic moduli shown in Figure 7¢ are a result of the combined effect of
the increasing Ey and the decreasing Eg when the matrix changes from the glassy state to the
rubbery state. This explains the existence of a plateau of modulus in the transition zone (450 K —

520 K) due to the competition between the energetic and entropic elasticity.
11



3.4.3. Interfacial Toughness

The interfacial toughness or the practical work of adhesion is defined as the total mechanical
energy G required to break a bond [76-78] and can be calculated as the area surrounded by the
stress-displacement curve and the two axes (i.e., stress axis and displacement axis). Figure 9 shows
the interfacial toughness of the untreated (yellow dots) and sizing-treated (blue dots) fibre-matrix
interfaces at different temperatures. The toughness of the untreated interface is insensitive to
temperature before entering the rubbery state, ranging from 0.256 J/m? to 0.321 J/m?, while it
decreases from 0.331 J/m? to 0.244 J/m? when the temperature decreases from 560 K to 600 K.
These observations are consistent with the previous experimental results on the Mode I fracture
toughness of epoxy [79]. By contrast, the toughness of the treated interface is almost an order of
magnitude larger than that of the former and appears more sensitive to temperature; four distinct
stages can be seen form Figure 9: (1) from 300 K to 380 K, the toughness increases with
temperature; (2) from 380 K to 7g, the toughness decreases with temperature; (3) from 7¢ to 520
K, the toughness plateaus; and (4) the toughness decreases rapidly after the temperature exceeds
520 K. In other words, the existence of covalent bonds provided by the silane grafted on the fibre
at the interface makes the toughness sensitive to temperature.

3.4.4. Summary

The analysis and discussions presented above clarify the patterns of variation in the mechanical
properties of the two interfaces over a wide range of temperatures. Importantly, the thermal-
mechanical effects on the peak stress, elastic modulus, toughness as well as the parameters

&

&9 AL \9¢?

Furthermore, the effects of sizing on the above properties and parameters of the interface are also
clarified and quantified. These parameters are important for the understanding of thermal-
mechanical coupling problems and may be used in future development of multiscale and multifield
coupling models. For instance, the peak stress, elastic modulus, and toughness can be used to verify
the coarse-grained (CG) models; the parameters defining their variations with temperature may
contribute to establishing a thermal-mechanical model of the interface that can be used for finite

element analysis.

. . _ . . k : a%s .
defining their variations with temperature [i.e., p,, Ey, U—B In (2—) and — — (—) ] are quantified.
a T,A

3.5. Deterioration Mechanism of Fibre-Matrix Interfaces under Coupled Thermal-
Mechanical Actions

MD simulations offer an atomistic view of the failure process and have been used remarkably
successfully to clarify the underlying physics of the probabilistic models for life prediction [80,
81]. The ReaxFF MD simulations conducted in this study allow the breakage/formation of covalent
bonds to be examined. The relaxation time of the thermal-mechanical process is comparable to
most MD studies (e.g., on thermal decomposition [82] or on pull-out-induced chemical bond
breaking [83]), and is sufficient to reflect the degradation of the chemical bonds inside the matrix
under coupled thermal-mechanical effects. It was found that the C-O bond (ether linkage, see
Figure 10a) in the polymer is the main broken bond during the debonding process of both interface
models. For the treated fibre-matrix interface, the Si-O bond between the fibre and the silane
remains intact even after complete debonding. Figure 10b shows the total amount of the C-O bond
that has broken (referred to as breakage amount hereafter) after complete debonding of the
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untreated interface and sizing-treated interfaces at temperatures ranging from 300 K ~ 600 K. It is
obvious that the breakage amount of the treated interface is significantly larger than that of the
untreated interface due to the larger displacement of the former. The breakage amount of the
untreated interface increases almost linearly with temperature until Ty, while for the treated
interface, the linear increase of the breakage amount only occurs when the temperature is below
380 K after which the rate of increase becomes significantly smaller until T,. At temperatures

above Ty, the breakage amounts of both interfaces do not change much with the temperature.

To clarify the process of covalent bond breaking, the breakage amount (N,,) of the C-O bond is
plotted against the debonding displacement (D) and temperature for the two interfaces in Figures
10c and 10d, respectively. In addition, several isolines, each representing the same breakage
amount, are plotted in each figure. By observing the isolines, it is evident that the lifetime of the
C-O bond (i.e., T = At/ANy, = AD/AN,V , where V is the tensile velocity) decreases with
temperature for both interfaces. To estimate the lifetime of the C-O bond at different temperatures,
the breakage amount is further plotted against displacement in Figure 11a for both interfaces. In
Figure 11a, the data points are only for relatively small displacements and thus relatively small
breakage amount (< 2%), as otherwise the configuration of the molecular chains within the matrix
may be significantly affected by plastic deformation, and the strain state within the matrix may
become nonuniform. It is evident from Figure 11a that, for both interfaces at a specific temperature,
the breakage amount increases nearly linearly with the displacement, suggesting that the fracture
mechanism of the C-O bond at the initial stage does not change in a statistical sense.

Figures 11b and 11c show the estimated lifetime of the C-O bond for the two interfaces based on
the data in Figure 11a and the equation T = AD/AN,V. It can be seen that the lifetime derived
from different data points (i.e., different breakage amounts) at the same temperature is nearly the
same for both interfaces. The results on the lifetime may also be examined with reference to the
kinetic theory which can be expressed by [84]:

AE(&Ep)

v = roexp [ 7). (6)

where 1/7, is the intrinsic frequency of the chemical bond (e.g., 1/7, = 3.77 x 1013 Hz for the
C-O bond [85]), and AE (€; Ep) is the activation energy of the current chemical bond (i.e., C-O
bond) and is a function of the strain rate &, with the bond energy Ey, as a parameter. By using Eq.
6 to fit the simulation results, the activation energies under tension can be obtained, as shown in
Figures 11b and 11c. The so-obtained activation energies of the C-O bond are 7.85 kJ/mol at
relatively low temperatures (i.e., <380 K) in the glassy state and 5.15 k]/mol at relatively high
temperatures (i.e., >480 K) in the rubbery state at the untreated interface, while they are
7.55 k] /mol (glassy state) and 4.85 kJ/mol (rubbery state) at the sizing-treated interface. It is not
surprising that the activation energies of the two models are close due to the use of the same matrix
material and boundary conditions in both models. It is also noted that there is a significant
difference (i.e., 2.70 kJ/mol) between the activation energies in the glassy and rubbery states. In
addition, for both interfaces, there is a transition region (i.e., 380 K ~ 480 K) in which the
simulation data points fall between the two theoretical curves defined by the two abovementioned
activation energies of each interface. As the activation energy AE (€; Ep) is an indicator of the
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mechanism of chemical bond breakage [86], the results shown in Figures 11b and 11c suggest that
when doing accelerated exposures tests on FRP composites with the fibre and the matrix materials
adopted in this study, the temperature should not exceed 380 K.

The results presented above are important for the design and interpretation (e.g., deterioration
mechanism and lifetime of chemical bonds) of the accelerated exposure tests on FRP composites
and have not been quantified in any existing studies to the best of the authors’ knowledge. In
addition, the activation energy AE (¢; Ey,) of the C-O bond in the glass and rubber states may be
used for multiscale modelling of deterioration of FRP composites under coupled thermal-
mechanical actions. In terms of the time scale of degradation, the relationship between the
activation energy AE (€; Ep) and the boost potential [87, 88] of the degradation process under
coupled thermal-mechanical action can be further clarified in the future. In this way, the physical
time corresponding to the macroscopic deterioration process can be obtained by multiplying the
MD time with the corresponding acceleration factor [87, 88], thus establishing a link between the
time scale of the MD result and the macroscopic behaviour. Furthermore, although the present
study is on fibre-matrix interfaces, the properties derived from the C-O bond in the matrix are also
valid for use in future studies on the durability of epoxy materials.

4. CONCLUSIONS

This paper has presented a study on the properties and deterioration mechanism of fibre-matrix
interfaces under tension at various temperatures using ReaxFF MD simulations. Two interface
models were established to investigate the effects of fibre sizing which significantly enhances the
covalent bonds between the fibre and the matrix. The MD simulations were performed over a wide
range of temperatures from 300 K~ 600 K to cover both the glassy and the rubbery states of the
polymeric matrix. The study involves investigations into the glass transition temperature (Ty), the

stress-displacement curves and key mechanical properties, the morphologies and characteristics in
the debonding process, as well as the deterioration mechanism of chemical bonds based on the
simulation results. The results and discussions presented above allow the following conclusions to
be drawn:

(1)The MD models developed in this study are capable of accurate prediction of T of the matrix.
The predicted Ty (i.e., 450 K) is in good agreement with the existing experimental result of
epoxy with the same monomer (DGEBA) and curing agent (mPDA), suggesting that the thermal
mobility of the molecules in the simulations is close to that in real cases.

(2)The debonding process is characterized by three types of motions, namely,
cavitation/nucleation, plastic yield, and bridge rupture. The covalent bonds provided by the
fibre sizing can significantly increase the plastic flow, forming plastic plateaus up to 5~6 nm
and maintaining bridges up to lengths of over 24 nm. After bridge rupture, the amount of
residual matrix tends to rise with the temperature, and approximately 25 to 80 times more
residual matrix was found on the treated fibre surfaces than on the untreated fibre surfaces.

(3)The fibre sizing does not have a significant effect on the debonding process in the initial stage
up to the peak stress of the interface. Afterwards, the chemical bonds provided by the fibre
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sizing start to protect the interface from separation: the debonding ratio is in the range of 50%
to 80% at the displacement of 3 nm for the sizing-treated interface, whereas for the untreated
interface, the debonding ratio is already approximately 90% to 95% at 2 nm.

(4)The peak stresses of the untreated and sizing-treated fibre-matrix interfaces are nearly equal
and both decrease almost linearly with increasing temperature in the glassy state. For both
interfaces, the peak stress then somewhat plateaus from 7 to 520 K, after which the peak stress
decreases again almost linearly with temperature. The rate of decrease in the last stage
(i.e., >520 K) is significantly higher than that in the glassy state. The simulated variation of
peak stress with temperature is consistent with the previous experimental tests on epoxy. With
reference to Eyring’s theory, the key parameters of the interfaces including the activation
energy density p, and the slope of the peak stress-temperature curve I;—Bln (?) are quantified.

a 0

. . K :
It was also found that p, may be more sensitive to strain rates than U—B In C—E) .
a 0

(5)The trend of variation of elastic modulus of the matrix with temperature is similar to that for
the interfacial peak stress for both interfaces. The modulus decreases more rapidly in the
rubbery state than in the glassy state due to the greater entropic elasticity in the former. Young’s
moduli obtained from the simulations for various temperatures are in good agreement with
previous experimental results. With reference to the theory of thermodynamics, the
contributions of the energetic and entropic elasticity to the elastic modulus are clarified and
quantified.

(6)The toughness of the untreated interface is insensitive to temperature before entering the
rubbery state, while from 560 K to 600 K, a decrease in toughness was observed. These
properties are consistent with previous experimental results on epoxy resin. By contrast, the
toughness of the sizing-treated interface is almost an order of magnitude larger than that of the
untreated interface and is more sensitive to temperature.

(7)The breakage amount of the C-O bonds is larger in the treated interface than in the untreated
interface due to the larger debonding displacement of the former. Informed by the relationship
between the breakage amount and the displacement, the lifetime of the C-O bond under various
temperatures was derived. The so-obtained lifetime was then used with the kinetic theory to
obtain the activation energies AE (€; E},) for the C-O bond at various temperatures. By using the
activation energies as an indicator of the deterioration mechanism, it was found that the
temperature for the accelerated exposure tests of FRP composites using the materials of this
study should not exceed 380 K to ensure that the fundamental deterioration mechanism is not
changed by the increasing temperature.

This study provides significant insights into the fundamental deterioration mechanism of the fibre-
matrix interface under coupled thermal-mechanical actions by performing debonding simulations
at temperatures from 300 K to 600 K. It demonstrates that Eyring’s theory, which has been widely
adopted for polymers, is also applicable to the behaviour of interfacial debonding. Importantly, in
this study, several key properties of the interfaces and key parameters affecting the debonding
process have been quantified; these properties/parameters shed light on the design and
interpretation of accelerated exposure tests and may be used in future multiscale modelling of the
durability of FRP composites.
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Figure 1. (a) Untreated fibre-matrix interface; (b) sizing-treated (grafted silanes) fibre-matrix
interface; and (c) initial MD model before tension process.
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Figure 2. The dimensionless density of the matrix (epoxy resin) as a function of temperature.
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Figure 3. (a) Stress-displacement curves of the untreated fibre-matrix interface at different
temperatures; (b-g) snapshots of the untreated fibre-matrix interface at different debonding
distances and different temperatures (brighter regions show the matrix, darker regions show the
fibre, the coloured arrows point to the locations where visible cavitation (yellow), plastic flow (red)
and bridge rupture (green) occur.); and (h) residual ratio of the matrix on the fibre surface after
debonding as a function of temperature, with the inserts showing representative snapshots.
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Figure 4. (a-d) Morphological evolution of the nonbonding interaction zone at the untreated fibre-
matrix interface at different debonding distances and different temperatures; (¢) Debonding ratio
of the nonbonding interaction zone at different debonding distances as a function of temperature.
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Figure 5. (a)-(f) Snapshots of the treated fibre-matrix interface at different debonding distances
and different temperatures; (g) stress-displacement curves of the treated fibre-matrix interface at
different temperatures; and (h) residual ratio of the matrix on the fibre surface after debonding as
a function of temperature, with inserts showing representative snapshots.
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Figure 7. Comparison of the mechanical properties of the two fibre-matrix interfaces. (a) Stress-
strain curves of the two fibre-matrix interfaces in the initial debonding processes at different
temperatures; (b) variation of peak stress of the two interfaces with the temperature; (c) modulus

of the matrix at the two interfaces at different temperatures.
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Figure 8. (a) Boundary conditions of the MD model; (b) stress state; (c) strain state; and (d)

comparison of the estimated Young’s modulus of the matrix in this study and experimental results
from Ref. [51].
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Figure 9. Variations of the interfacial toughness of the two interfaces with the temperature.
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Figure 10. (a) Molecular morphology of the C-O bond (ether linkage) in the matrix; (b) total
breakage amount of the C-O bonds of the two interfaces after debonding at different temperatures;
and variations of the breakage amount of the C-O bonds in untreated (c) and treated (d) fibre-
matrix interfaces, respectively, as a function of temperature and debonding displacement.
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Figure 11. (a) Breakage amount of the C-O bond at the untreated interface (upper) and the sizing-
treated interface (lower); the average lifetime of the C-O bonds at the untreated interface (b) and
the sizing-treated interface (c) at different breakage amounts as a function of temperature: MD
simulation results (scatter plots) and theoretical estimates (curves).
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