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Abstract 1 

Additive manufacturing facilitates the design of high entropy alloys (HEAs) with well-2 

performing properties compared to conventional manufacturing methods. However, a significant 3 

obstacle to the industrial application of the equimolar CoCrFeNi HEA fabricated through additive 4 

manufacturing is the detrimental impact of thermal cracks on its performance. Here, thermal crack-5 

free CoCrFeNi HEAs with enhanced mechanical properties were obtained by optimizing the 6 

energy input in laser powder bed fusion (LPBF). The lower energy input resulted in finer grains, 7 

leading to simultaneously improved strength and ductility compared to the one fabricated via 8 

higher energy input. To understand the relationship between the microstructure and mechanical 9 

properties, crystal plasticity element modelling (CPFEM) was employed to accurately model the 10 

experimental results. Using the collected constitutive parameters for CoCrFeNi HEA after CPFEM, 11 

in-situ tensile modelling was implemented on a converted orientation map of an as-LPBF 12 

CoCrFeNi sample. The CPFEM results reveals that the appearance of deformed twins during the 13 

initial plastic deformation stage, attributed to a complex distribution of shear strain on the grain 14 

boundaries. The interaction between the deformed twins and dislocation motion emerged as the 15 

primary deformation mechanisms in the as-LPBF CoCrFeNi HEA, resulting in complex stress and 16 

strain distributions. By combing experimental data with modelling techniques, a viable approach 17 

to comprehending the detailed deformation mechanism of deformed twins was established. 18 

Key words: Equimolar CoCrFeNi high entropy alloy; Laser powder bed fusion; Microstructure; 19 

Mechanical properties; Crystal Plasticity Element Modelling; Deformation mechanism  20 
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1 Introduction 1 

Compared to conventional alloys such as steel and Ti alloys, multi-component alloys, also 2 

known as high entropy alloys (HEAs) due to their high mixing entropy [1], generally possess 3 

unique properties. These properties include superior strength and ductility [2], as well as excellent 4 

oxidation and corrosion resistance [3], making them suitable for a wide range of applications from 5 

automobile to aerospace [4]. The equimolar CoCrFeNi HEA with mediocre properties is generally 6 

used as the base materials for designing novel HEAs by introducing other alloying elements [5–7 

8]. Traditional design methods for HEAs still rely on the casting [1], but they require additional 8 

processes such as homogenization or post-processing approaches [9], as well as the combination 9 

of  mechanical alloying and spark plasma sintering (SPS) [10] or other powder metallurgy methods 10 

[11,12]. These conventional approaches are time-consuming and can lead to issues such as 11 

shrinkage cavities [13] in casting or the formation of precipitations [12] in powder metallurgy. 12 

However, customizing complex-shaped HEA specimens for industrial applications is a complex 13 

procedure, which can be directly achieved by additive manufacturing (AM) methods.  14 

Laser powder bed fusion (LPBF) is a widely used AM technique for fabricating HEAs. Brif 15 

et al. [14] first reported the fabrication of CoCrFeNi HEA specimens by LPBF and they found that 16 

these samples exhibited higher strength and ductility compared to conventional engineering 17 

materials. However, LPBF fabrication of CoCrFeNi HEA has its challenges, as it is prone to hot 18 

tearing [15]. This issue often leads to crack formation in the as-LPBF CoCrFeNi HEA specimens, 19 

which can be attributed to improper parameters [16]. Additionally, at elevated temperatures, as-20 

LPBF CoCrFeNi specimens suffer from ductility loss due to crack formation along grain 21 

boundaries caused by nano-clustering [17]. To address this issue, alloying elements such as Al 22 

[18], are added to the CoCrFeNi system to inhibit the formation of hot cracks, so the obtained as-23 
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LBPF Al0.5CoCrFeNi has minimal hot cracks [18]. Despite LPBF-fabricated products are known 1 

to process desirable properties compared to the wrought-annealed samples due to their unique 2 

structures [19],  they often suffer from ductility losses. While optimizing the LPBF parameters can 3 

eliminate cracks [16], there is still a significant reduction in ductility (a near-half loss) comparted  4 

to as-cast samples [20]. Consequently, post-treatments are employed to improve ductility, such as  5 

annealing [21,22] and cold deformation [23], while these treatments can weaken the yield strength 6 

of the as-LPBF samples [21,22]. Cold deformation followed by the annealing has been proven to 7 

effectively improve mechanical properties of as-LPBF CoCrFeNi products [23]. Nevertheless, the 8 

complexity of these processes limits their practical application, highlighting the need for direct 9 

parameter optimization to improve the properties of LPBF-fabricated HEAs. 10 

Studying the principles of deformation mechanisms in engineering materials is crucial as it 11 

provides valuable guidance for designing high-performing materials. In the case of CoCrFeNi 12 

HEA, which has a lower stacking fault energy (SFE) of 32.5 mJ/m2 [24], deformation triggers 13 

twinning-induced plasticity (TWIP) [25]. In-situ experiments, including in situ neutron diffraction 14 

[26], electron backscatter diffraction [27,28], synchrotron x-ray diffraction (XRD) [28], etc, can 15 

be conducted for studying the microstructural evolution during deformation. Alternatively, 16 

simulation methods like crystal plasticity finite modeling (CPFEM) have been used to study the 17 

deformation behavior of TWIP steels [29–32]. CPFEM has also been applied to other HEAs, 18 

including interstitial HEAs [33,34] and CoCrFeNiAlx HEAs [35]. For instance, Lu et al. [33] 19 

studied the stress level-dependent cyclic plasticity and microstructural evolution using constitutive 20 

models derived from the experiments. Zhang et al. [34] also developed a constitutive model to 21 

study the effects of temperature and grain size on strengthening and plasticity mechanism in an 22 

interstitial HEA, finding that increasing the elements in the representative volume element (RVE) 23 



5 

 

approach improves the calculation accuracy. The strain hardening behavior of CoCrFeNiAlx HEAs 1 

was investigated by the CPFEM method, revealing that Al-doped HEA exhibit a higher strain 2 

hardening rate compared to ordinary HEAs without Al [35]. However, these studies rarely address 3 

microstructure evolution during deformation, especially for materials fabricated via AM 4 

approaches. Diehl et al. [29] introduced an integrated CPFEM approach utilizing RVEs through 5 

DREAM.3D [36] and the Düsseldorf Advanced Materials Simulation Kit (DAMASK) [37] 6 

package, enabling in-situ tensile modeling based on experimental grain orientation maps for 7 

studying the microstructural evolution during deformation. 8 

In our study, the effect of the laser energy inputs on the microstructure and mechanical 9 

properties of as-LPBF CoCrFeNi samples was investigated. Thermal crack-free CoCrFeNi HEA 10 

samples with improved mechanical properties were successfully fabricated. Based on the observed 11 

microstructure in the LBPF-fabricated HEA sample, polycrystalline RVEs with the similar 12 

characteristics like grain size and morphologies were used in CPFEM to determine the constitutive 13 

parameters for CoCrFeNi HEA. Furthermore, an in-situ tensile CPFEM was realized to study the 14 

microstructure evolution during deformation, establishing a correlation between microstructure 15 

and macro-deformation behavior. Our study introduces a novel approach to investigating the 16 

deformation behavior in multi-component alloys, and integration of experimental data with 17 

computational modelling can be extended to a broader range of materials, enhancing predictive 18 

capabilities. 19 

2 Methodology 20 

2.1 Material and processing 21 

 22 
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The gas-atomized equimolar CoCrFeNi HEA powders (VMP Inc., China), with a nominal 1 

particle size ranging from 15 μm to 53 μm, were utilized in the LPBF process for specimen 2 

fabrication. The powder morphology was observed in scanning electron microscopy (SEM, Sigma 3 

300, Zeiss, Germany), revealing that the spherical HEA powders with a little satellite powder are 4 

fabricated by the gas atomization process, as shown in Fig. 1 (a). Fig. 1 (b) displays the particle size 5 

distribution obtained using a particle size analyzer (Mastersizer 3000, Malvern, UK), indicating 6 

that the powder has a D50 of 30 μm and a D90 of 47 μm. The microstructure of the HEA powder 7 

was investigated using SEM equipped with an electron backscatter diffraction (EBSD, C-nano, 8 

Oxford Instrument, UK) and energy disperse spectroscopy (EDS, X-Xax, Oxford Instruments, UK) 9 

detectors, demonstrating the formation of equiaxed grains (Fig. 1 (c)) with an distribution of 10 

alloying elements (Fig. 1 (d)). The HEA specimens were fabricated in a LBPF system (SLM 125 11 

HL, SLM Solutions Group AG, Germany) using a zigzag scanning strategy with a 67 ° rotation in 12 

each subsequent building layer. The scanning speed used was 600 mm/s, while the interval and 13 

the layer thickness were set at 100 μm and 50 μm, respectively. To investigate the impact of heat 14 

input on the microstructure and mechanical properties, the laser power was varied in this study, 15 

with values of 225 W and 375 W. Additionally, a pre-heated 304 stainless steel substrate at 150 ℃ 16 

was utilized to reduce the residual stress in the LPBF samples [38]. After the fabrication process, 17 

the densities of the samples fabricated with different energy inputs were measured using a density 18 

balance (Sartorius SQP, Germany) through the drainage method. It was found that both samples 19 

had a similar density of approximately 8.18 g/cm3. 20 
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 1 

Fig. 1 The CoCrFeNi HEA powder used in the LPBF approach of (a) the morphology in SEM, (b) the particle size distribution, 2 

(c) the IPF figure of HEA powders with (d) corresponding EDS element maps; (d) shows the fabrication strategies used in LPBF 3 

and (d) the tensile bar schematic diagram used in the tensile test 4 

2.2 Mechanical tests and characterization techniques 5 

The as-LPBF samples, fabricated using laser powers of 225 W (S1) and 375 W (S2), were 6 

cut from the 304 stainless steel substrates by an electrical wire cutting machine for subsequent 7 

testing. The different planes, including the XY plane perpendicular to building direction (BD) and 8 

XY plane parallel to BD, were ground using wet sandpaper with a step-up mesh number to 2000. 9 

The well-ground surfaces were then polished using a diamond polishing suspension, followed by 10 

the application of oxide particle solution (SiO2, 50 nm) for EBSD preparation. These planes were 11 

observed in an SEM equipped with an EBSD detector at a step size of 2 μm to study the 12 
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microstructure and the texture evolution after LPBF. X-ray diffraction (XRD, SmartLab, Japan) 1 

was performed on the XY surface of S2 with a step size of 0.01°, using a copper target. The sub-2 

micron microstructure of the as-LPBF sample was investigated by transmission electron 3 

microscopy (TEM, JEM F200, Japan) on the sample prepared by a precision ion polishing system 4 

(PIPS II, 695c, USA). A universal testing machine (TestStar Wance, China) was used for 5 

performing the ambient tensile tests with a strain rate of 10-3/s on three samples (as shown in Fig. 6 

1 (e)) to obtain an value property from samples fabricated under different laser powers. The 7 

fracture surface structure was observed in SEM while the microstructure in the near-fracture area 8 

was examined using EBSD and TEM. 9 

2.3 Constitutive model in CPFEM 10 

2.3.1 Crystal plasticity framework 11 

Based on the seminal work of Asaro and Needleman [39] and Pierce et al. [40], the CPFEM 12 

was developed to investigate the deformation mechanisms by incorporating the crystal orientation 13 

and activated slip systems. The following equation gives the expression of the total deformation 14 

gradient F for finite strain [41]:  15 

 16 

𝑭𝑭 = 𝑭𝑭𝑒𝑒𝑭𝑭𝑝𝑝                                                                     Eq. 1 17 

where Fe is the elastic-deformation gradient, contributed by elastic stretching etc.; Fp denotes the 18 

plastic-deformation gradient arising from slipping, twinning and phase transformation. The plastic 19 

velocity gradient tensor, Lp, is obtained by summing the shear strain rates (𝛾̇𝛾𝛼𝛼) in all slip systems, 20 

as expressed in: 21 
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𝑳𝑳𝒑𝒑 = 𝑭𝑭𝒑𝒑(𝑭𝑭𝒑𝒑)−𝟏𝟏 = ∑ 𝛾̇𝛾𝛼𝛼𝒎𝒎𝛼𝛼̇𝑁𝑁𝑠𝑠
𝛼𝛼=1 ⨂𝒏𝒏𝛼𝛼                                                               Eq. 2 1 

where 𝑁𝑁𝑠𝑠 is the activated slip systems of 12 in FCC materials; 𝒎𝒎𝛼𝛼 is the unit vectors along with 2 

shear direction on slip system α, while 𝒏𝒏𝛼𝛼 is the one along with normal direction. Additionally, 3 

the contribution of deformation twining to the factor of Lp is considered and given as follows [42]: 4 

𝑳𝑳𝒑𝒑 = (1 − 𝑓𝑓𝑡𝑡𝑡𝑡)∑ 𝛾̇𝛾𝛼𝛼𝒎𝒎𝛼𝛼̇ 𝑁𝑁𝑠𝑠
𝛼𝛼=1 ⨂𝒏𝒏𝛼𝛼 + ∑ 𝛾̇𝛾𝛽𝛽𝒎𝒎𝑡𝑡𝑡𝑡

𝛽𝛽 ⨂𝒏𝒏𝑡𝑡𝑡𝑡
𝛽𝛽̇ 𝑁𝑁𝑡𝑡𝑡𝑡

𝛽𝛽=1                            Eq. 3 5 

where 𝑓𝑓𝑡𝑡𝑡𝑡  represents the total volume fraction of the deformed twins; 𝑁𝑁𝑡𝑡𝑡𝑡=12 is the number of twin 6 

systems.  7 

2.3.2 Dislocation slip 8 

The constitutive model considers both dislocation slip in the non-twinned FCC phase and the 9 

plastic strain formed by shear deformation during twinning. To account for these effects, a 10 

modified equation based on the Orowan equation [43] is used, which is described as follows [33]:  11 

𝛾̇𝛾𝛼𝛼 = 𝜌𝜌𝛼𝛼𝑏𝑏𝑠𝑠𝑣𝑣0exp {− 𝑄𝑄𝑠𝑠
𝑘𝑘𝑏𝑏𝑇𝑇
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|𝜏𝜏𝑠𝑠𝛼𝛼−𝜏𝜏𝑏𝑏
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𝜏𝜏0
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𝑝𝑝
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}𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠(𝜏𝜏𝑠𝑠𝛼𝛼 − 𝜏𝜏𝑏𝑏𝛼𝛼)                              Eq. 4 12 

where 𝜌𝜌𝛼𝛼 is the current dislocation density of α slip system; 𝑏𝑏𝑠𝑠 is the Burgers vector which equals 13 

√2𝑎𝑎
2

 (a is the lattice constant of CoCrFeNi HEA); 𝑣𝑣0 is the reference dislocation velocity of 1× 10-14 

4 m/s given by Lu et al. [30]; 𝑄𝑄𝑠𝑠 represents the activation energy for the slip of 3.5×10-19 J [31]; 15 

𝑘𝑘𝑏𝑏 is Boltzmann constant while T represents temperature in Kelvin; p and q are the parameters 16 

related to the obstacle profiles [34]; 𝜏𝜏𝑏𝑏𝛼𝛼 , 𝜏𝜏𝑝𝑝𝛼𝛼  represent the backing stress and passing stress, 17 

respectively, while 𝜏𝜏0 is the lattice resistance. These terms are used to describe the kinematic and 18 

isotropic hardening behavior in the following subsections. It should be noted that 𝜏𝜏0  can be 19 

considered constant during deformation. The value of the back stress of 𝜏𝜏𝑏𝑏𝛼𝛼 is determined by the 20 
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number of dislocation pile-ups (especially on GBs and TBs) in the front of obstacles and is 1 

expressed in the following: 2 

𝜏𝜏𝑏𝑏𝛼𝛼 = 𝐺𝐺𝐺𝐺
Λ𝑠𝑠𝛼𝛼
𝑁𝑁𝑎𝑎(1 − 𝑁𝑁𝑎𝑎

𝑁𝑁∗
)                                                         Eq. 5 3 

where 𝐺𝐺 and Λ𝑠𝑠𝛼𝛼 are shear moduli of CoCrFeNi alloy and the dislocation mean free path (MFP) 4 

[44], respectively; the factor (1 − 𝑁𝑁𝑎𝑎

𝑁𝑁∗
 ) represents the screening effect of back stress [45]. To 5 

determine the flux of dislocations per slip band that can reach a boundary, the following equation 6 

can be utilized: 7 

 8 

𝑁̇𝑁𝛼𝛼 = 𝑙𝑙
𝑏𝑏

(1 − 𝑁𝑁𝑎𝑎

𝑁𝑁∗
)|𝛾̇𝛾𝛼𝛼|                                                           Eq. 6 9 

where 𝑙𝑙 is the average distance between slip bands, while 𝑁𝑁∗ represents the saturated value of 10 

piled-up dislocations on the boundaries, which can be assumed as constant during deformation 11 

[30]. This is because the number of piled-up dislocations would not increase further once the factor 12 

of 𝑁𝑁𝑎𝑎 reached 𝑁𝑁∗.  13 

The microstructure geometrical length scale Λ𝑠𝑠𝛼𝛼 given in Eq. 5 can be defined as a combined 14 

effect from grain boundaries (GBs) and twin boundaries (TBs) given in [44]: 15 

1
Λ𝑠𝑠𝛼𝛼

= 1
𝑑𝑑𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔

+ ∑ 𝜉𝜉𝛼𝛼𝛼𝛼𝑓𝑓𝛽𝛽
1

𝑡𝑡(1−𝑓𝑓𝑡𝑡𝑡𝑡)
𝑁𝑁𝑡𝑡
𝛽𝛽=1                                    Eq. 7 16 

where 𝑑𝑑𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔 means the average grain size; and 𝜉𝜉𝛼𝛼𝛼𝛼 represents the interaction between slip and 17 

twin systems (α and β), which includes the coplanar type (𝜉𝜉𝛼𝛼𝛼𝛼=0) and other types (𝜉𝜉𝛼𝛼𝛼𝛼=0.042) 18 

[30]. Based on the TEM results on the deformed structures, the average thickness of twin lamellas 19 
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is 100 ×10-9 m. The effect of forest dislocation obstacles on the passing stress 𝜏𝜏𝑏𝑏𝛼𝛼 in Eq. 4 can be 1 

described by Taylor’s law as [46]: 2 

𝜏𝜏𝑏𝑏𝛼𝛼 = 𝐺𝐺𝐺𝐺�∑ 𝜉𝜉𝛼𝛼𝛼𝛼′𝜌𝜌𝛼𝛼
′𝑁𝑁𝑠𝑠

𝛼𝛼′=1                                                                Eq. 8 3 

where 𝐺𝐺  is the isotropic shear modulus, 𝜉𝜉𝛼𝛼𝛼𝛼′  accounts for the interaction coefficient between 4 

different slip systems, considering self-hardening of 0.122, coplanar of 0.122, collinear of 0.0.625, 5 

orthogonal of 0.07, glissile of 0.137, and sessile of 0.122 interactions [47]. According to the 6 

Mecking-Kocks model [48], a modification of dislocation density-based evolution rate can be 7 

described by:  8 

𝜌̇𝜌𝛼𝛼 = |𝛾̇𝛾𝛼𝛼|
𝑏𝑏𝑠𝑠

( 1
𝑘𝑘Λ𝑠𝑠𝛼𝛼

− 2𝑑𝑑𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝜌𝜌𝛼𝛼)                                                                 Eq. 9 9 

where k characterizes the calibration parameter for the Λ𝑠𝑠𝛼𝛼, and 𝑑𝑑𝑎𝑎𝑎𝑎𝑎𝑎𝑎𝑎 is the minimum distance for 10 

two dislocations annihilation. The dislocation multiplication can be affected by the dislocation 11 

MFP, which is determined by dislocation density, grain size and formation of twins. 12 

2.3.3 Deformation twinning  13 

In addition to dislocation slip, the local plastic deformation can also be attributed to the 14 

deformation twins. A shear deformation parallel to the twin planes would be generated [49], and 15 

the twin system inducing the shear rate can be given as follows: 16 

𝛾̇𝛾𝛽𝛽 = 𝛾𝛾𝑡𝑡𝑡𝑡𝑓𝑓̇𝛽𝛽                                                              Eq. 10 17 

where 𝛾𝛾𝑡𝑡𝑡𝑡 presents the twinning shear strain characteristic of √2/2 for the FCC structure. The 18 

twin fraction change rate can be estimated by [50]: 19 
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𝑓𝑓̇𝛽𝛽 = �1 − 𝑓𝑓𝑡𝑡𝑡𝑡�𝑉𝑉
𝛽𝛽𝑁̇𝑁𝑡𝑡

𝛽𝛽                                                            Eq. 11 1 

where 𝑉𝑉𝛽𝛽 denotes the volume of newly formed twins, given by  2 

𝑉𝑉𝛽𝛽 = 𝜋𝜋
4
Λ𝑡𝑡
𝛽𝛽2𝑡𝑡                                                           Eq. 12 3 

where Λ𝑡𝑡
𝛽𝛽 is the two obstacles mean spacing affected by deformed twins and is calculated by [30]: 4 

1

Λ𝑡𝑡
𝛽𝛽 = 1

𝑑𝑑𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔
+ ∑ 𝜉𝜉𝛽𝛽𝛽𝛽′𝑓𝑓𝛽𝛽

′ 1
𝑡𝑡(1−𝑓𝑓𝑡𝑡𝑡𝑡)

𝑁𝑁𝑡𝑡
𝛽𝛽′=1                                             Eq. 13 5 

where 𝜉𝜉𝛽𝛽𝛽𝛽′  is the interaction factor between different twin systems, including coplanar (𝜉𝜉𝛽𝛽𝛽𝛽′ = 0), 6 

non-coplanar (𝜉𝜉𝛽𝛽𝛽𝛽′ = 0.468) interactions [30]. 7 

The 𝑁̇𝑁𝑡𝑡
𝛽𝛽 in Eq. 11 means the twin nucleation rate that can be calculated by: 8 

𝑁̇𝑁𝑡𝑡
𝛽𝛽 = 𝑁̇𝑁0𝑝𝑝𝑛𝑛𝑛𝑛𝑛𝑛𝑝𝑝𝑡𝑡𝑡𝑡                                                    Eq. 14 9 

where 𝑁̇𝑁0  is the reference rate for twin nucleation. The cross-slip can pass away the piled-up 10 

dislocations and then relieve the local stress concentration [50], but hinders the interaction between 11 

partial dislocations[51]. The comprehensive effect can adversely impact the formation of 12 

deformation twinning. Therefore, the probability of non-cross-slip is given by [50]: 13 

𝑝𝑝𝑛𝑛𝑛𝑛𝑛𝑛 = 1 − exp [− 𝑉𝑉𝑐𝑐𝑐𝑐
𝑘𝑘𝐵𝐵𝑇𝑇

(𝜏𝜏𝑟𝑟 − 𝜏𝜏𝛽𝛽)]                                                      Eq. 15 14 

where 𝑉𝑉𝑐𝑐𝑐𝑐  is the activated volume for dislocation cross-slip which equals to 1.5𝑏𝑏3 =15 

1.67 × 10−29 𝑚𝑚3, 𝜏𝜏𝛽𝛽 denotes the resolved shear stresses on twin systems and 𝜏𝜏𝑟𝑟 is the required 16 

stress for twin nucleation without external stress by promoting two Shockley partials to the critical 17 

distance of 𝑥𝑥𝑐𝑐 = 1.0 × 10−9 𝑚𝑚 [50], which can be expressed as follows:  18 
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𝜏𝜏𝑟𝑟 = 𝐺𝐺𝐺𝐺
2𝜋𝜋

( 1
𝑥𝑥0+𝑥𝑥𝑐𝑐

+ 1
𝑥𝑥0

)                                              Eq. 16 1 

where 𝑥𝑥0 is the equilibrium distance for the two Shockley partials which can be determined by 2 

[52]: 3 

𝑥𝑥0 = 𝐺𝐺
Γ𝑠𝑠𝑠𝑠

𝑏𝑏2

8𝜋𝜋
2+𝑣𝑣
1−𝑣𝑣

                                                      Eq. 17 4 

where Γ𝑠𝑠𝑠𝑠 and 𝑣𝑣 are SFE and Poisson’s ratio, respectively. 5 

The resolved shear stresses of twin systems, 𝜏𝜏𝛽𝛽, given in Eq. 15, can be calculated as: 6 

𝜏𝜏𝛽𝛽 = 𝑺𝑺: (𝒎𝒎𝜷𝜷⨂𝒔𝒔𝛼𝛼)                                                               Eq. 18 7 

This is the driving force of the deformed twins and can also influence the twin nucleation rate. The 8 

probability for formation of the deformation twin can be expressed by: 9 

𝑝𝑝𝑡𝑡𝑡𝑡 = exp [−(𝜏𝜏�𝑡𝑡
𝜏𝜏𝛽𝛽

)𝐴𝐴]                                                          Eq. 19 10 

where 𝜏̂𝜏𝑡𝑡 is the twinning critical stres, and A = 8 [31] represents a fitting constant that is used for 11 

the description of the sharpness of the transition contours between the non-twinned and twinning 12 

statuses [50]. Nucleation of the twins is prone on the GBs and the grain size has a proportional 13 

effect on the size of the most easily activated dislocations [53]. Hence, the stress for activating the 14 

Frank-Read dislocation source is expressed as [30]: 15 

𝜏̂𝜏𝑑𝑑𝑑𝑑 = 𝐺𝐺𝑏𝑏𝑝𝑝
𝑑𝑑𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔

                                                        Eq. 20 16 

where 𝑏𝑏𝑝𝑝 = 0.147 𝑛𝑛𝑛𝑛 (a magnitude of the partials’ Burgers vector) [34]. Eq. 20 only involves the 17 

nucleation of twins rather than the growth of twins. The twins can grow on the stacking fault (SF), 18 
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which is related to the separation of partial dislocations. The formation of a wide SF requires 1 

critical stress, 𝜏̂𝜏𝑠𝑠𝑠𝑠, which can be described in [30] as: 2 

𝜏̂𝜏𝑠𝑠𝑠𝑠 = Γ𝑠𝑠𝑠𝑠
𝑏𝑏𝑝𝑝

                                                                Eq. 21 3 

Combining these two factors, the critical stress for the deformation twinning is given as follows: 4 

𝜏̂𝜏𝑡𝑡 = 𝜏̂𝜏𝑑𝑑𝑑𝑑 + 𝜏̂𝜏𝑠𝑠𝑠𝑠 = 𝐺𝐺𝑏𝑏𝑝𝑝
𝑑𝑑𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔𝑔

+ Γ𝑠𝑠𝑠𝑠
𝑏𝑏𝑝𝑝

                                          Eq. 22 5 

which indicates that the smaller grain size and a higher SFE would have an adverse effect on the 6 

formation of a new twin. 7 

3 Results 8 

3.1 Experimental results 9 

3.1.1 Microstructure 10 

Fig. 2 (a1-a2) present the EBSD orientation maps from the as-LPBF samples, which are 11 

oriented perpendicular to BD. The S1 sample exhibits a combination of columnar-like grains 12 

(coarse grains) and equiaxed grains (smaller grains) with a random microstructure and texture. 13 

Increasing the laser power to 375W results in the formation of coarsened grains, making the 14 

centerline of molten pool more prominent. Hot cracks are absent in those two samples fabricated 15 

through varied energy inputs. Within the centerline, fine equiaxed grains were formed without a 16 

preferred orientation, while the coarse columnar grains exhibited a <101> // BD texture. Fig. 2 (b1-17 

b2) show the EBSD orientation maps on the XY planes of the as-LPBF samples (S1 and S2), 18 

fabricated under different parameters. On the XZ surfaces, hierarchical columnar grains with a 19 

dominating orientation of <101> and a fiber texture are observed. Although an undetected area is 20 

observed as in Fig. 2 b1, it is important to note that this area is distinct from the prominent hot 21 
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cracks observed in a previous study on CoCrFeNi [15]. The average grain size from different 1 

planes of the S1 and S2 samples is depicted in Fig. 3, illustrating that the increased energy input 2 

leads to grain coarsening. Specifically, when the laser powder is increased from 225W to 375W, 3 

the average grain size (or grain width) from the XY planes increased from 51.8 μm to 80.2 μm, 4 

while the average grain size (or grain length) from the XZ planes is nearly double that of the XY 5 

planes. 6 

 7 

Fig. 2 EBSD orientation maps of XY surfaces (perpendicular to BD) from the as-LPBF sample fabricated with laser 8 

power (a1) 225 W, (a2) 375 W, respectively with the corresponding orientation maps of XZ surfaces (b1-b2) 9 
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 1 

Fig. 3 Grain size charts of different planes from those samples fabricated with the laser power of 225 W and 375 W 2 

3.1.2 Phase and sub-micron microstructure analysis  3 

The XRD profiles of the HEA powder and the as-LPBF sample (S2) on the XY plane are 4 

presented in Fig. 4, indicating the presence of FCC structure in both HEA powder and as-LPBF 5 

specimen. Fig. 5 provides a sub-micron microstructure of the as-LPBF sample on the plane 6 

perpendicular to the BD. Fig. 5 (a) and (b) display EBSD Kernel Average Misorientation (KAM) 7 

figure and grain distribution maps of the as-LPBF sample, respectively, revealing the formation of 8 

cell structures after LPBF. The KAM map (Fig. 5 (a)) can reflect the strain rate, with green color 9 

indicating the presence of large strain in the cell boundary of the as-LPBF samples. The grain 10 

boundary distribution map in Fig. 5 (b) illustrates the content of the high-angle and low-angle grain 11 

boundaries, demonstrating that low-angle grain boundaries (<15°) were dominant after LPBF 12 
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resulting in the higher strain in these areas. These findings are quite consistent with the results 1 

observed in the as-LPBF pure copper sample [54]. Further investigation of these cell structures 2 

was conducted in TEM, as shown in Fig. 5 (c), and they were identified as dislocation networks 3 

[22,23,55] due to the large temperature gradient and high growth rate in LPBF [56]. The formation 4 

of a dislocation network structure can significantly enhance the mechanical properties of the as-5 

LPBF samples by impeding the dislocation of motion by the dislocation network [19]. Despite the 6 

presence of inevitable nano-sized Cr oxides [57], as shown in Fig. 5 (d), and even distribution of 7 

alloying elements was observed in the as-LPBF specimen. Additionally, the strengthening effect 8 

of formed oxides after the AM procedure was proven to be negligible [58]. Hence, their presence 9 

was not considered in the following simulation procedure.  10 

  11 

Fig. 4 XRD profiles of HEA power and the as-LPBF sample (S2) 12 
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 1 

Fig. 5 Microstructure from XY plane in S1 of (a) KAM map and (b) band contrast figure with grain boundary 2 

distribution from EBSD (step size of 0.25 μm); (c) and (d) show the dislocation networks captured by TEM under 3 

bright field mode with (e) corresponding EDS element maps indicating an even distribution of alloying elements 4 

3.1.3 Mechanical properties and deformation analysis 5 

The typical engineering tensile stress-strain curves from samples fabricated with different 6 

laser powers are given in Fig. 6. In this study, the as-LPBF sample fabricated at a laser power of 7 

225 W exhibited superior mechanical properties, including a ultimate tensile strength (UTS) of 8 

707 MPa, yield strength of 535 MPa and a fracture strain of 43.2%. Conversely, the S2 sample 9 

(fabricated by 375 W) demonstrated inferior properties compared to S1. This trend can be 10 

attributed to the grain boundary strengthening mechanism [59]. According to the Hall-Petch 11 

relationship [60], samples fabricated with lower laser input displayed finer grains, resulting in 12 

improved and ductility compared to those fabricated with higher laser power. The microstructure 13 

evolution in S1 after deformation was investigated using EBSD and TEM, as shown in Fig. 7. The 14 

EBSD orientation map obtained from the region near the fracture surface revealed that deformation 15 
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twins were produced following extensive deformation. The deformed structures were further 1 

characterized using Electron Channeling Contrast Imaging (ECCI) and TEM methods, with the 2 

selected area electron diffraction (SAED) patterns confirming the presence of deformation twins. 3 

Notably, both dislocation slips and deformation twins were prominent during the deformation 4 

process [25] in CoCrFeNi HEA.  5 

  6 

Fig. 6 (a) Typical stress-strain curves from samples fabricated with different laser power inserted with the specific 7 

mechanical properties and (b) Ashby plots for the UTS against the elongation of as-LPBF CoCrFeNi HEAs 8 
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 1 

Fig. 7 Microstructure from the near fracture area in S1 of (a) EBSD orientation maps (b) ECC imaging maps and (c) 2 

TEM figure showing the formation of deformation twins  3 

3.2 Modelling results 4 

3.2.1 Summary of the modelling framework 5 

The mechanical response of as-LPBF CoCrFeNi HEA during deformation was investigated 6 

using the DAMASK (Düsseldorf Advanced Materials Simulation Kit) package, which is based on 7 

the dislocation-based crystal plasticity constitutive model [37]. A polycrystalline representative 8 

volume element (RVE) was utilized in CPFEM to obtain the parameters in the constitutive model 9 

in CPFEM by fitting the tensile curves between experimental and calculated results in sample S1 10 

which exhibited the best properties. Additionally, the constitutive parameters were verified by 11 

comparing the modeling and experimental results of sample S2, where the grain size was varied. 12 

The RVE, consisting of 27 grains, was meshed into 60 × 60 × 60 elements via Neper utilizing 13 

Voronoi tessellations [61] consisting of columnar morphologies with mean aspect ratios of (0.5, 14 

0.5, 1), to maintain the consistency with the EBSD results (Fig. 3) and the simulated models (Fig. 15 
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8 (a)). A tensile strain with a rate of 0.001 s-1 along X-axis direction was applied in this simulation. 1 

The constitutive formulations used in the DAMASK package can accurately reproduce the active 2 

deformation models, such as the TWIP phenomenon, in CoCrFeNi HEA, using the specific 3 

parameters used in DAMASK. The RVE stress-strain response of the RVE under uniaxial tensile 4 

test at a strain rate of 10-3/s along X-axis direction was compared to the experimental results of S1 5 

and S2 samples is depicted in Fig. 8 (b). It can be observed from Fig. 8 (b) that the predicted stress-6 

strain curves, obtained by adjusting the grain size to match the experimental grain size in each 7 

sample. Consequently, the constitutive parameters were determined, and all parameters used in 8 

CPFEM for CoCrFeNi are provided in Table 1. 9 

 10 

 11 

Fig. 8 The CPFEM framework of (a) building columnar RVE with the mean aspect ratios of (0.5, 0.5, 1), (b) 12 

obtaining the constitutive parameters by fitting experimental and simulated results and (c) performing the in-situ 13 

tensile modeling based on the digital processed EBSD results 14 



22 

 

Table 1 Material parameters used in the CPFEM for CoCrFeNi HEA 1 

 Symbol Description Value 

Elastic 

parameters 

C11, C12, 

C44 
Elastic constants 

219, 126, 130 GPa  

[62] 

Dislocation 

glide 

parameters 

𝑏𝑏𝑠𝑠 Burgers vector for slipping 2.53 × 10-10 m 

𝑁𝑁𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 Total number of slip systems 12 

𝑄𝑄𝑠𝑠 The activation energy for slipping 3.5 × 10-19 J [31] 

𝑄𝑄𝑐𝑐 The activation energy for climbing 3.0 × 10-19 J [31] 

𝜌𝜌0𝛼𝛼 Initial dislocation density 1 × 1010 m-2 

𝜌𝜌𝑟𝑟𝑟𝑟𝑟𝑟 Reference total dislocation density 2 × 1014 m-2 

p/q Exponents in slip velocity 
1.0/1.15  

[34] 

𝑣𝑣0 Reference velocity for slipping 10-4 m/s [30] 

𝑖𝑖𝑠𝑠 Parameter controlling the dislocation MFP 85 

𝜉𝜉𝛼𝛼𝛼𝛼′ Interaction coefficients between slip systems 

0.122, 0.122, 0.625, 

0.07, 0.137, 0.122 

[47] 

Twinning 

parameters 

𝑏𝑏𝑡𝑡𝑡𝑡 Burgers vector for twinning  1.45× 10-10 m 

𝑁𝑁𝑡𝑡𝑡𝑡 Total number of twin systems 12 

𝐿𝐿𝑡𝑡𝑡𝑡 Width of twin nucleus 1.8× 10-7 m 

𝑡𝑡𝑡𝑡𝑡𝑡 Average twin thickness 10 × 10-8 m 
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𝑉𝑉𝑐𝑐𝑐𝑐 Activation volume for slipping and climbing 1.5𝑏𝑏𝑠𝑠3 

𝑖𝑖𝑡𝑡𝑡𝑡 The parameter controlling the twin MFP 6 

𝜉𝜉𝛼𝛼𝛼𝛼 
Interaction coefficients between slip and twin 

systems 

0.0 (coplanar) 

0.042 (cross-slip) 

[30] 

𝜉𝜉𝛽𝛽𝛽𝛽′  Interaction coefficients between twin systems 

0.0 (coplanar)  

0.468 (cross-slip)  

[30] 

Γ𝑠𝑠𝑠𝑠 Stacking fault energy 32.5 mJ/m2 [24] 

 1 

3.2.2 In-situ tensile modelling results 2 

The surface morphology parallel to the BD captured by EBSD from the sample S1(see Fig. 5 3 

(a)) was then transformed into a readable format for DMASK using the DREAM.3D software 4 

package [36]. The same loading condition was applied to the transformed EBSD results, and the 5 

microstructure evolution and fraction of twins at different strain levels were determined (depicted 6 

in Fig. 9). At a strain of 3%, the deformed twins began to grow across an entire grain with a specific 7 

orientation, as depicted in  Fig. 9 (a). As the strain increased, the deformed twins proliferated, as 8 

shown in Fig. 9 (b). In addition, at the end of the deformation, not all the grains formed deformed 9 

twins insides, illustrating deformed twins would be formed in the grain with preferential grain 10 

orientation. To validate the modeling results, an ex-situ EBSD experiment was conducted, and the 11 

results, shown in Fig. 9 (c), exhibited a similar trend given by the in-situ CPFEM modelling. 12 
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 1 

Fig. 9 The microstructure evolution during deformation: (a) orientation maps and (b) fraction of deformed twins 2 

from CPFEM results, (c) the verification on the deformed twins by ex-situ EBSD results 3 

 4 

Fig. 10 illustrates the evolution of plastic shear strain, the Von Mises strain and stress as strain 5 

increases. In Fig. 10 (a), deformation twins start to grow, with the maximum shear strain occurring 6 

at the grain boundaries, where twins are prone to nucleate. Barbier et al. [63] found that newly 7 

formed twins tend to occur in inferior copper or Gaussian texture rather than changing the grain 8 

orientations. In the end, twins form in different grains and the highest shear strain occurs at the 9 

grain boundaries, potentially causing misorientation between neighboring grains during the 10 

deformation. The Von Mises strain, shown in Fig. 10 (b), increases with the tensile strain, with the 11 

maximum strain occurring at the grain boundaries, especially the grain boundary corner. In 12 

contrast to the distribution of the Von Mises strain, the maximum Von Mises stress is not only 13 
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found at the boundaries, including the GBs and TBs, but also within some internal grains. Initially, 1 

a strong stress concentration occurs at GBs (see Fig. 10 (c)). As deformation progresses, the stress 2 

concentration area expands in various directions within discrete grains, accompanied by the 3 

formation of shear bands commonly observed in the ductile alloys and affected by the deformation 4 

forms. The dislocation networks form along the shear direction within the shear bands, resulting 5 

in uneven strains. In grains with inferior orientation for twin formation, severe dislocation pile-up 6 

occurs, leading to high stress within the grain. This implies that grain orientation and loading stress 7 

alone cannot reach the critical resolved shear stress (CRSS) required for twinning initiate. 8 

 9 

 10 

Fig. 10 CPFEM results: (a) the plastic shear stain, (b) Von Mises strain and (c) stress distributions under different 11 

strain levels 12 
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4 Discussion 1 

4.1 Microstructure evolution after LPBF 2 

After LPBF, columnar grains were observed on XZ plane with a grain size nearly double that 3 

of the grains in the XY planes. The traditional theory of solidification, commonly applied in 4 

welding or casting, can be used for investigating the solidification process and microstructure 5 

evolution, which is guided by the ratio between the temperature gradient (G) and the cooling rate 6 

(R) [64]. By decreasing the value of G/R, the solidification modes progress from orderly planar, 7 

cellular, columnar to equiaxed dendritic structures [65]. In LPBF, the high cooling rate of 106 K/s 8 

[65] triggers the growth of cellular structure growth mode to form columnar grains [66]. The 9 

largest temperature gradient direction, which aligns with cellular dendritic growth [67], coincides 10 

with the normal direction from the boundary to the center of the molten pool. As a result, the 11 

increased input energy in LPBF leads to the formation of coarse grains instead of altering the 12 

preferred orientations of as-LPBF samples.  During the LPBF process, the thermal conductivity is 13 

highest along the normal direction to the substrate (the BD direction). Consequently, the columnar 14 

grains grow along the BD on the X-Z surfaces for all the samples (Fig. 2) [65]. Increasing the input 15 

power density reveals the laser track centerlines, where fine equiaxed grains are obstructed by 16 

columnar-like grains, as shown in Fig. 2. During the LPBF process, the temperature gradient (G) 17 

at the pool centerline (CL) is lower than that at the fusion line (FL) [68], while the solidification 18 

rate (R) exhibits an opposite trend, which makes (G/R)CL<< (G/R)FL and causes a transition from 19 

the cellular structures to the equiaxed structures [56]. Hence, the equiaxed grains are formed in the 20 

centerline of the molten pool.   21 
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4.2 Formation mechanism of deformed twins 1 

The SFE would determine the minimum critical shear stress for forming twins. Dislocation 2 

slip and the deformation twin are the dominant deformation mechanisms in CoCrFeNi HEA. At 3 

different temperatures or strain rates, slip and deformation twins compete with each other. 4 

Nevertheless, the latter factor would be dominant during the deformation process, companied with 5 

the dislocation movement [69]. The newly formed twins during deformation reduces the MFP of 6 

dislocations, increasing the driving force for dislocation slip and promoting the work hardening 7 

rate [63,70]. On the other hand, the twin boundaries, formed during deformation, hinder the 8 

migration of dislocation slip and promote the local dislocation pile-up [71], regulating deformation 9 

between different grains and reducing the likelihood of facture in the as-LPBF CoCrFeNi HEA 10 

samples. Additionally, the twinning process during deformation obstructs dislocation slipping in 11 

areas of high strain, leading to plasticity induced by dislocation slip in lower-strain areas and 12 

extending the development of necking shrinkage[71]. 13 

In lower SFE alloys, thicker SFs are easily formed, making it difficult for dislocation co-14 

planar slipping, and prone to producing twins. In general, the critical resolved shear stress (CRSS) 15 

for twinning (𝜏𝜏𝑐𝑐𝑡𝑡𝑡𝑡) is in proportion to the CRSS for slipping (𝜏𝜏𝑐𝑐𝑠𝑠𝑠𝑠), with a coefficient (m) of 1.65 in 16 

Van Houtte’s models [72], expressed as: 17 

𝜏𝜏𝑐𝑐𝑠𝑠𝑠𝑠 = 𝜏𝜏𝑐𝑐𝑡𝑡𝑡𝑡

𝑚𝑚
                                                                    Eq. 23 18 

Sleeswyk and Helle found that the yield stress is determined by the 𝜏𝜏𝑐𝑐𝑠𝑠𝑠𝑠, due to the preferential 19 

activation of dislocation slipping to twinning during deformation [73]. This means that dislocation 20 

motion is predominant during the elastic stage and the initial plastic deformation stage (strain is 21 

less than 3 % in Fig. 10 (a)). During the inceptive plastic deformation stage, dislocation is the only 22 
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mechanism due to the lower 𝜏𝜏𝑐𝑐𝑠𝑠𝑠𝑠 compared to 𝜏𝜏𝑐𝑐𝑡𝑡𝑡𝑡. As the deformation rate increases, the resolved 1 

shear stress would increase to 𝜏𝜏𝑐𝑐𝑡𝑡𝑡𝑡, leading to the nucleation and growth of twins. At this stage 2 

(with a strain of around 3%), the stress concentration produced on the GBs [63], resulting from 3 

uneven deformation formed in polycrystalline materials increases the resolved shear stress to 4 

critical value for twinning, satisfying the conditions for forming deformation twins [74,75]. 5 

Ovid’ko explained that the nucleation of deformation twins, namely the GB slip and the increase 6 

in the driving force for dislocation on GBs, could trigger the relief of partial dislocation on GBs to 7 

form deformation twins [76], which is consistent with the shear strain distribution in Fig. 10 (a). 8 

The growth of twins is also influenced by the local shear stress concentration on GBs [77]. 9 

Additionally, the twin growth is not only determined by the Von Mises stress distribution but also 10 

by the preferred grain orientations [78], as shown in Fig. 10 (c), which can increase the resolved 11 

shear stress to exceed the CRSS for twinning. 12 

However, the formation of twins can alleviate and increase stress in a complex manner, which 13 

is attributed to the interactions between dislocations and twins. The dislocation pile-up formed on 14 

TBs can amplify the local stress level (see Fig. 10 (c)), while the dislocation co-planar slip can be 15 

produced on TBs by consuming the dislocations and then relieving the local stress. Choi et al. [79] 16 

concluded that there are various types of local stress/strain distribution, including the non-twinned 17 

grains, twinned grains, and non-twinned/twinned grains, and the highest stress value observed 18 

between non-twined and twinned grains. The experimental findings on high Mn steel supported 19 

that stress concentration area would result in dislocation file-up and higher local stress [80]. The 20 

formation of twins can alleviate stress concentration in certain areas due to the dislocation 21 

migration across the TBs to the matrix and the subsequent release of concentrated dislocations 22 

[81]. In grains with unfavorable orientations, the initiation of twins necessitates higher stress to 23 
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surpass the CRSS of twinning. On the other hand, the stress relief on partial twin tips resulting 1 

from the shear strain by twin growth, can alter the deformation between twins and the matrix. 2 

Furthermore, unmatched deformation between twins and the matrix can facilitate the fracture of 3 

CoCrFeNi HEA. In addition, the stress concentration and the local shear defects would lead to 4 

fractures in the samples. 5 

5 Conclusions 6 

The CoCrFeNi HEA samples were fabricated using LPBF with varying laser power. The 7 

microstructure and mechanical were investigated, and CPFEM was utilized to study the 8 

deformation behavior of as-LPBF samples based on the model derived from the experimental 9 

results. The main conclusions are as follows: 10 

1) Increasing laser power resulted in the formation of coarser grains in the sample but has 11 

little effect on the texture type. The as-LBPF sample exhibited a <101>//BD fiber texture 12 

on the planes perpendicular to the BD.  13 

2) At higher energy input, the coarse grains formed in the as-LPBF sample would negatively 14 

impact their mechanical properties. The sample manufactured at 225 W exhibited superior 15 

properties with a yield strength of 530±31.67 MPa, UTS of 707 ±16.33 MPa and 16 

fracture strain of 43.2 ± 4.3 %. These properties surpass those reported as-LPBF 17 

CoCrFeNi specimens. 18 

3) The formation of dislocation networks can significantly increase the yield strength of as-19 

LPBF samples compared to those fabricated using traditional approaches. Additionally, 20 

twins formed in the deformation process can hinder the dislocation motion and promote 21 

a high ductility. 22 
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4) Based on the CPFEM results, the dislocation motion dominates the initial stage of 1 

deformation process in the as-LPBF sample. Deformation twins are then prone to nucleate 2 

on the grain boundaries with higher shear strains level around 3%. The elevated shear 3 

strain during the deformation provides the driving force for the formation of new twins. 4 

The interaction between twins and dislocations resulted in complex stress and strain fields, 5 

ultimately leading to sample rupture at the end of the deformation stage. 6 
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