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Abstract:

The ‘pseudoplastic’ deformation and failure of the carbon/carbon composites (C/Cs) are
strain-rate-sensitive while the mechanism has not yet been properly elaborated. To delve into
the design and fabrication strategy of the C/Cs towards high strain rate impact applications, the
influences of preform architectures and carbon nanotubes (CNT) doping on the dynamic
mechanical behaviors of the C/Cs were studied, showing that the CNT-doped plain weave
preform exhibits better anti-impact performances than the other structures. The experimental
results indicate that the fragmentation of the C/Cs at high strain rate is due to the activation of
all the possible cracking paths with excessive kinetic energy deposited, which is significantly
different with the growth of a main crack under the quasi-static loading. A two-scale modeling
is established to backtrack from the macroscale mechanical response to the microscale cracking
behavior, where the quasi-static and dynamic failure of the composite were elaborated within
a unified framework of linear elastic fracture mechanism. The coupling of the experiments and
modeling revealed that the CNT-doped layer would constrain the microcracking behavior at
elevated strain rates. Further nanomechanical tests and molecular dynamics simulations verify
that the buffering function and the enhanced energy absorption of the CNT-doped layer are
responsible for the improved anti-impact performances of the C/Cs.
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1. Introduction

Carbon fiber reinforced carbon matrix composites (C/Cs) are excellent thermostructural
materials for aerospace applications due to their lightweight, superior thermal stability and
mechanical performances up to 3000 °C [1-3]. During the service life of the C/Cs thermal
protection parts (i.e., leading edges and heat shields for hypersonic vehicles), they are highly
possible to encounter impact loadings [4, 5]. The loss of the space shuttle Columbia was caused
by the debris impact and the hole formation in a C/C thermal protection panel, leading to
excessive heating and the failure of the left wing integrity [6, 7]. Therefore, understanding,
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predicting, and delving into the dynamic fracture of C/Cs are critical for the design of C/C parts
towards aerospace applications. However, most of the existing literatures have focused on the
quasi-static failure of the C/Cs while the research that concerns with the dynamic failure is rare.
The insufficient accumulated knowledge related to the dynamic mechanical behavior and
associated damage mechanisms, the high costs involved in both the development and the test
of these composites, and the associated intellectual property issues, together make it difficult
to achieve an in-depth understanding of the dynamic deformation and failure of the C/Cs.

The dynamic mechanical behavior of C/Cs concerns with both the dynamic deformation
at small strains and dynamic failure at large strains. Previous literatures focusing on the
dynamic deformation pointed out that the damping of C/Cs are sensitive to the loading strain
rates and frequency. Furtherly, the intrinsic matrix and interfacial microcracking were
considered as the major source of the damping in the dynamic deformation. The higher defect
(interlayer sliding in the matrix and interfacial debonding between the fiber and matrix) density
generally results in higher internal friction and more significant damping [8, 9]. Liu et al and
Cheng et al also found that the weakening of interfacial strength and matrix microcracking,
which is a result of the thermal/mechanical fatigue loadings, would contribute to the increased
internal friction of the C/Cs [10-12]. Based on these works, the critical role of microcracking
in the dynamic deformation of the C/Cs can be identified.

The dynamic failure of the C/Cs are also found to be strain-rate sensitive. Several
literatures have reported that the elevated stiffness, strength, and failure strain with the
increased strain rates under different loading conditions [13, 14]. Yuan et al. reported that both
the compressive stiffness and strength increased at a strain rate of 500/s compared with the
quasi-static loading conditions [15]. Li et al. found that the dynamic strength of the needle
punched C/Cs was increased significantly with the strain rate while the brittle fracture feature
became more pronounced at higher temperature[16]. Guo et al. also reported that a
transformation from nonlinear to brittle failure occurred under the increasing strain rate from
2x107* to 1862 /s for the needle-punched C/Cs [17]. Furtherly, Jin et al have established an
empirical relationship between the dimensionless compressive strength and strain rate for C/Cs
by using a bilinear fitting algorithm at different temperatures [14].

Despite that these works successfully proved the strain rate sensitivity of the C/Cs, the
intrinsic mechanisms responsible for the strain rate sensitivity has not yet been fully identified,
and the role of microcracking was not addressed. As a result, there is still no unified theoretical
framework established and no microscale constitutive model proposed to elaborate and predict
the failure of the C/Cs at different loading rates. Specifically, it is still difficult to explain the
nonlinearity (or ‘pseudoplasticity’) of the C/Cs which are composited by the brittle carbon
fibers (CFs) and pyrolytic carbon (PyC) matrix. Currently, two major challenges exist in
establishing a unified theoretical framework dealing with the rate-dependent failure of the C/Cs:

The first challenge is the lack of a microscale constitutive model which could properly
describe the fracture of the C/Cs. By far, most of the research works focused on the elastic
deformation of the C/Cs [18], while very few efforts were made to model the fracture process.
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Additionally, the microstructural features of the C/Cs were always ignored in modeling the
fracture of the C/Cs while the macroscale engineering failure criteria was adopted to describe
the fracture and post-fracture stiffness degradation. Chao et al. used the Tsai-Wu polynomial
criteria and the Puck stiffness degradation coefficient to model the failure and the followed
stiffness degradation of the C/Cs under flexural loadings, respectively [19]. Bian et al.
simulated the compressive failure of the C/C plates with open holes, where the maximum stress
criterion and the von Mises criterion were adopted for the fiber and matrix, respectively [20].
Han et al have utilized a combination of maximum stress and the quadratic nominal stress
criterion to predict the mechanical performance of the needle-punched C/Cs [21]. The
macroscale dynamic failure of the C/Cs can be thoroughly described and predicted but the
microstructural changes cannot be accurately captured or predicted using these models.

The second challenge is how to involve the strain rate sensitivity into the constitutive
model. The available rate-dependent constitutive models always proceed within the framework
of plasticity. Among them, the Johnson-Cook (J-C) model [22, 23] and the ZWT model [24,
25] are popular. These constitutive models are reasonable in the numerical simulation of metal
or polymer materials since the plasticity of polymer and metals have been well recognized and
established. On the other hand, the carbon materials are generally regarded as brittle materials,
where neither the activation of dislocations nor the stretching/rotating of long chain bonds
could be expected for the carbons. There are no experimental evidence supporting or
elaborating the physics behind these plasticity-based constitutive models for the C/Cs.
However, the plasticity-based constitutive models were utilized in elaborating the rate-
dependent behaviors of C/Cs. For example, a strain hardening based constitutive model, which
was developed specifically for ductile materials, was used in modeling of the impact failure of
the C/C leading edge panels for the Columbia shuttle [26]. In view of this, Guo et al have
proposed an analytical model which considers the damage accumulation and the resulted
stiffness decrease, where an explicit relationship between the model parameters and the strain
rate is established, and it fits well with the macroscale stress-strain curves under both in-plane
and out-of-plane compression conditions [13, 27]. However, there is still no available
microscale constitutive models that can directly link the microstructural changes (especially
the microcracking) to the macroscale dynamic mechanical response of the C/Cs.

Given the brittle nature of the carbon materials, the deformation and failure of the C/Cs
should be analyzed within the framework of linear elastic fracture mechanic (LEFM). Among
the constitutive models that deal with the dynamic fracture of brittle solids, the
phenomenological models (i.e., JH-1, JH-2 and JHB models) are mostly applied due to their
computational efficiency and robustness when used for large scale simulations [28-31]. These
phenomenological models, however, always require excessive adjustable parameters and suffer
from the disadvantages of overfitting. An alternative strategy to establish the constitutive model
is to use the continuum damage method. Although it is useful and efficient in defining the
deformation and fracture behavior of the composite materials at the macroscale, the microscale
details are difficult to be implemented in the continuum damage models. There is still a lack of
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efficient modeling strategy to feasibly identify the role of various microstructural modifications
and nanomaterial doping on the macroscale mechanical response of a brittle composite. In other
words, the current available models cannot answer the most critical problem: how to improve
the anti-impact performance of the C/Cs?

From the engineering aspects, the capability to absorb the impact energy of the C/Cs is
poor compared with other composites (i.e., metal and polymer matrix composites). It is difficult
to improve the anti-impact capability of the C/Cs once the structure of the CF preforms and the
properties of the PyC matrix are set. As a result, most of the existing works only focused on
the dynamic deformation and failure of C/Cs with a specific preform architecture [4, 5, 14, 15,
17, 32]. In recent years, intensive efforts have been made to the optimization of CF preform,
nanomaterial (i.e., carbon nanotubes (CNTs), SiC nanowires, and graphene layers) doping, and
many improvements have been achieved in the quasi-static and fatigue performances [33-36].
However, the efficiency of these newly developed modification routines has not yet been
evaluated under the dynamic loading conditions. In this research, we demonstrated that the
anti-impact performance of the C/Cs can be tailored by varying the CF preform architecture
and with the aid of CNT doping. Furthermore, a multiscale modeling framework to connect the
microcracking and the macroscale deformation and failure was developed. Three critical
problems were addressed: (1) How to incorporate the microcracking into the rate-dependent
constitutive model? (2) How does the varied CF preform architecture tailor the fracture
behavior at different strain rates? (3) How does the CNT doping influence the microcracking
and contribute to the enhanced anti-impact capability?

2. Material and methods

In this section, the details relating to the fabrication, mechanical tests and microstructural
characterizations of the C/Cs are provided. In subsection 2.1, the fabrication procedures of the
C/Cs with varied preform structures and CNT doping are presented. In subsection 2.2, the
quasi-static and dynamic mechanical test details are illustrated, where the essential background
knowledge of the Split Hopkinson pressure bar (SHPB) tests are also briefly introduced. In
subsection 2.3, the characterizations required for acquiring the multiscale structural features

and the nanoindentation behaviors of the C/Cs are given.

2.1 The preparation of the C/Cs with varied preform structures and CNT doping.
Three different types of CF preforms were used, as shown in Fig. la-c: (1) the 2.5D
needle-punched CF felt (2.5D-C) with a density of 0.60+0.02 g/cm?; (2) 2D plain-weaved CF

laminates (2D-C) with a density of 0.65+0.02 g/cm?®; and (3) CNT doped 2D plain-weaved CF
laminates (2D-CNT-C) with a density of 0.66+0.02 g/cm>. All the preforms are made of the

PAN-based CF (T300, Toray Inc). The 2.5D-C was made by the alternate stacking of non-
woven CF cloth layer (6K, 0.5 mm in thickness) and short-cut web CF layer (0.5 mm in
thickness) followed by the Z-direction needle punch process using the CF yarn (6K). The 2D-

C had an ellipse fiber yarn cross-sectional shape which was 0.2 mm in height and 0.8 mm in
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width, and the gap between the weaved yarns was 0.2 mm.

The 2D-CNT-C was prepared by the electrophoretic deposition (EPD) of CNTs on CF
cloth prior to the stacking of the cloth. The detailed process of the EPD process can be found
in Ref. [33]. Briefly, to conduct the EPD of CNTs, CNT powders (Purity: 97%, Diameter: 20-
80 nm, Timesnano Inc., China) were dispersed in isopropyl alcohol with a concentration of 1.6
g/L to form the CNT suspension. Subsequently, the CNT suspension solution was ultrasonically
dispersed. During the EPD process, the CF cloth (40 mmx60 mm) was fixed as the cathode,
and a steel plate with the same size was used as the anode. The EPD time was set as 6 minutes
to realize a homogeneous CNT layer on the CF cloth as shown in Fig. 1d. After the EPD process,
the CNT doped CF cloth was stacked up to form the 2D-CNT-C preform. The volume fractions
of the CF and CNT are estimated to be ~36% and 0.5% in the 2D-CNT-C preforms.

All the three types of CF preforms were fully densified by the isothermal chemical vapor
infiltration (CVI) method [37], the setup of which is briefly illustrated in Fig. 1e. The CVI
parameters were set as follows: a total pressure of 5 kPa, deposition temperature of 1000 °C,
CH4 with a flow rate of 20 L/h without dilution gas. The CVI time was 200, 300 and 260 hours
for 2.5D-C, 2D-C and 2D-CNT-C, respectively, after which a density of ~1.7 g/cm® was
achieved for the C/Cs, and the typical microstructures of them are shown in Fig. 1f-h. The C/C
composites fabricated from the 2.5D-C, 2D-C and 2D-CNT-C preforms are labeled as 2.5D-
C/C, 2D-C/C and 2D-CNT-C/C, respectively.

(a) (b) (c)
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Fig. 1 A brief illustration of the CF preform architectures, CVI densification process and the
microstructural of the final 2.5D-C/C, 2D-C/C and 2D-CNT-C/C. (a) the typical structure of
the 2.5D needle punched CF felt, which is composed by the stacking of the 0°/90° non-woven
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CF cloth and the short-cut CF web, and pinned together by the z-direction needle punched CF
bundles. (b) the typical structure of the plain weaved 2D laminated CF felt, which is made by
stacking the plain-weaved CF cloth in a uniform direction; (c) the typical structure of the CNT
doped plain weaved 2D laminated CF felt, where the CNTs were deposited on the surface of
the plain weaved 2D cloth surface via the electrophoretic deposition method; (d) typical
morphology of the EPD CNT layer on the CF surface; (e) the setup of the isothermal chemical
vapor infiltration of the three types of carbon felts; (f)-(h) the typical polarized light microscope
(PLM) photos of the densified 2.5D-C/C, 2D-C/C and 2D-CNT-C/C, where the lighter regions
in the micrographs are the infiltrated PyC matrix.

2.2 The setup of the mechanical tests.

The size of the specimens for both the quasi-static and dynamic tests was ® 5 mm x 3.5
mm, and the heigh was along the layer-stacking direction of the C/Cs. Prior to the mechanical
tests, the specimens was polished to a surface roughness lower than 0.5 um using the diamond
paste and ultrasonically cleaned in deionized water. The quasi-static compressive deformation
behaviors of the C/Cs were tested using a CMT5304-30KN testing machine at a strain rate of
0.003/s at 28 °C. The force and displacement history of the specimens was recorded by the
testing machine. The peak load was adopted to calculate the static compressive strength of the
specimen.

The dynamic compressive experiments were conducted using the SHPB apparatus in the
strain rates of ~700 - 1800/s as shown in Fig. 2a. The strain rates were adjusted by changing
the gas pressure of the striker bar. Based on the theory of one-dimensional elastic wave
propagation, the stress gy, strain &, and strain rate &g of the specimen can be evaluated as [38]:

o, = E(A%)gT (1)
£y =— 2150 J-Ot £ dr )
h= e 3
C,=vE/p, 4)

where i and e are the transmitted and reflected strain pulses, respectively; C, donates the
longitudinal elastic wave velocity in the Hopkinson bar; E is Young’s modulus of the
Hopkinson bars, p, is the density of the Hopkinson bars; [; and Ag are the length and cross-
sectional area of the specimen; A is the cross-sectional area of the Hopkinson bars. In the
current experiments, the striker bar, incident bar and transmission bar were made from the
18Ni-C350 stainless steel (density: 7.8 g/cm?, yield strength: 300 MPa, Young’s modulus: 190
GPa, Poisson’s ratio: 0.28, Cy: 5000 m/s). The geometry parameters of the SHPB apparatus are
listed in Table 1.



Table 1 The geometry parameters for the SHPB
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Fig. 2 The setups for the split Hopkinson pressure bar (SHPB) tests: (a) A brief illustration
of the SHPB equipment; (b) illustration of the stress wave propagation through the specimen
at the SHPB tests; (c) typical signal generated in the dynamic compressive tests using the SHPB
tests. (d) the obtained typical experimental stress and stress equilibrium coefficient a(t) vs.

time curves, where a(t) is defined by Egs. 5-7 and is a nondimensional parameter which
7



measures the difference between the stress on the opposite surface of the specimen; (e)

corresponding stress and strain rate vs strain curves -strain of (c).

Two basic assumptions must be satisfied when applying Eqgs. 1-3: (1) the one-
dimensional stress wave propagation, and (2) stress equilibrium at the opposite surfaces of the
specimens in contact with the bars. By using the one-dimensional elastic bars where the
duration of the stress pulse employed was much greater than the transit time for the stress pulse
in the specimens, assumption (1) was completely considered to meet [39]. Besides, it is
imperative to determine whether the stress equilibrium condition is achieved in the specimens
during the loading. The stress equilibrium coefficient a(t) is introduced to evaluate the stress
equilibrium condition within the specimen [38, 39], and

_|Ao(1)
a(t)= o () ()
Ao(t)=o(x,,t)—o(x,,t) (6)
o (1) = o(x,,t)+0(x,,t) 7

2

where o(x,,t) and o(x,,t) are stresses on the incident bar/specimen and transmitted
bar/specimen interfaces, respectively. A typical a(t) curve of the 2D-C/C is shown in Fig. 2¢.
A dynamic equilibrium deformation state is established after the first 20 ps with the o(t) less
than 0.05. At this point, the stress acting on the C/C specimen is about 80 MPa, which is less
than 20% of the failure stress. Therefore, the stress equilibrium state was kept for the most part
of the impact process (Fig. 2d), where the key information related to the stress-strain behavior
of the C/Cs could be correctly captured.

Additionally, a copper pulse shaper, 5 mm in diameter and 2 mm in thickness, was used
to ensure a constant strain-rate acting on the specimens during the SHPB impact tests [40]. It
can be observed from Fig. 2e that a quasi-constant strain rate was also achieved with the strain
ranging from 0.07 to 0.17, which covered the major deformation stage of the C/Cs. Therefore,
both stress equilibrium and constant strain rate were realized in the loading process of the C/Cs
during the SHPB test, and the rationality of the experiments can be confirmed. However, a
strange rising part of the incident wave signal emerged occasionally when the strain rates were
higher than 1200/s (Fig. 2¢), which might result from the fracture of the cooper shaper due to
its small size. Thus, the match among the shaper diameter, the properties of the bars, the tested

specimens and the resulting constant strain rate region should be optimized in future research.

2.3 Characterization details

A nanoindentation system (Hysitron TI980) was used to measure the hardness and
indentation modulus of the PyC matrix before and after the CNT doping. Before the indentation
tests, the surface of the specimens was polished to a surface roughness less than 0.5 pm. A
Berkovich nano-indenter with a tip radius of 20 nm was used, and the maximum load was set

as 10 mN with a loading rate of 400 uN/min. The load-displacement curve was extracted from
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the indentation tests, and at least five specimens were test for each type of PyC. The damage
prior to the final fracture of the specimens was characterized using a micro-Computed
Tomography equipment (u-CT) (Y. Cheetah, Maximum operation voltage: 160 KV; Maximum
target power: 10W; 3D resolution: 1.5 pum). The morphologies of the fractured specimens were
observed by the scanning electronic microscopy (SEM, GeminiSEM 300, ZEISS). TEM
specimens were prepared by ion thinning at a low angle for 5 min (model 691, Gatan). The
nanostructure of the CNT doped pyrocarbon was examined by high-resolution transmission
electron microscopy (HRTEM, FEI Talos F200X, FEI).

3. The development of a rate-dependent constitutive model for C/Cs based on the linear
elastic fracture mechanism (LEFM)

From the aspect of micromechanics, various microcracking processes (i.e., interfacial
debonding, fiber breakage, matrix cracking) contribute to the pseudoplasticity of the brittle
composites [41], while the collective behavior of the microcracking has not been thoroughly
investigated [36, 42-44]. In view of this, an attempt is made to establish a modeling framework
which connects the microscale microcracking and the macroscale finite element (FE) modeling
under both quasi-static and dynamic loading conditions. The proposed multiscale model is
established within the framework of LEFM, the physical foundations of which is more solid
than the strain-rate hardening and viscoplasticity for the C/Cs. In addition, the macroscale
stress-strain at varied loading rate can be experimentally measured, but the microscale cracking
under high strain rates cannot be in-situ monitored and is of more academic interests. Thus, the
main goal of the established model is to unravel the evolution tendency of the microcracking
behavior in the C/Cs at varied loading rates instead of just simulating the macroscale stress-
strain curves. To achieve this goal, the detailed microscale constitutive modeling and
macroscale FE modeling are provided in the followed sections, where the strain rate sensitivity
is incorporated into the microscale model and the geometrical details of the fiber yarns are

simulated in the macroscale model.

3.1 The microscale rate-dependent constitutive model for the C/Cs

In the microscale model, the failure of an element is assumed to be caused by the
propagation of multiple microcracks inside the element as shown in Fig. 3a. A linear elastic
deformation of the element is assumed until the final fracture. The collective microcracking
behaviors are addressed in the microscale constitutive model. For the microcracks inside the
brittle solids, their evolution generally involves three major processes: (1) the initiation of the
microcracks from the existing flaws; (2) the growth of the microcracks under the external
loading; (3) the coalescence of the microcracks and the formation of the main crack at the
quasi-static loading condition or the fragmentation of the brittle solid at high strain rates.

(1) The initiation of the microcrack from an existing flaw
9



The intrinsic flaws, such as grain boundaries, pores, and misaligned grains, can all
possibly cause stress concentrations and serve as the initiation sites of microcracks. Despite
that the initiation, growth, and coalescence of multiple microcracks strongly affects the
dynamic failure, the detailed evolution (growth and coalescence) of each microcrack is difficult
to be tracked in numerical simulations due to the excessive computational costs. Besides, it is
also difficult to decide whether a flaw at a specific location would develop into a microcrack
or not since various aspects (i.e., the detailed microstructural information around the flaw,
temperature, external loading). For simplicity, in the present work it is assumed that the initial
microcrack density, 1, only relates to the strain rate, and the flaws follow the uniform
distribution and orientation in the carbon materials as shown in Fig. 3a.

(2) The rate-dependent growth of the microcrack under the external loading

In brittle solids, the growth of the microcracks is driven by local stress concentration at
the microcrack tips [45, 46]. The microcracks are assumed to be in the shape of the wing cracks
as shown in Fig. 3a, where the wing crack is a typical form of microcrack that is commonly
used for analyzing the microcrack evolution inside a brittle solid [47]. The wing cracks nucleate
from the existing flaws (segment Ao with a length of 2a) Under compressive load, frictional
sliding over the faces in segmentations B1 and B2 is activated, which causes the crack to
furtherly grow from the tips. After a short initial curving, B1 and B2 will align themselves in
the direction to maximize the mode-I stress intensity factor K;., which is parallel with the
maxim principal compression component.

Theoretically, the crack will extend once the stress intensity factor (SIF), K, at its tip is
higher than the model I critical fracture toughness of the material K., or

K, >K, (8)
and the crack extend velocity of the jth crack is defined by [48]:
I = (i ©)
! K, -0.5K,.

where ¢;,,4, 15 the Rayleigh wave speed of the material and y is a fitting parameter [49]. The
physical meaning of this equation is that: the dynamic growth of the crack is solely determined
by the crack tip intensity K;, while the upper limitation of the crack growth rate is the Rayleigh
wave speed Cp,qy. Furtherly, according to Sammis and Ashby’s work [50], with the applied of
only the compressive stress,

-1.1

where L is the ratio of the crack length to the flaw radius (L = [/a) as shown in Fig. 3a.

(10)

(3) The collective behavior of the microcracks approaching the final fracture

The most difference between quasi-static and dynamic fracture is that: according to Eq.(9),
the velocity at which the microcrack can propagate, [, is finite, at a sufficient high loading rate
the coalescence of the microcracks into a main crack is inhibited. Instead, new internal
microcracking patterns with much higher density are developed inside the solid to dissipate the
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excessive energy deposited in the solids. Thus, in the dynamic fracture, the concept of the main
crack is weakened, where the induced microcracks propagate independently until the final
fragmentation.

Despite that modulus degradation will occur once the microcracking damage develops
inside a brittle solid, the soft stage of the C/Cs from the experimental results is slight in
appearance until the final fracture. For reducing the computational costs, a nearly linear
microscale constitutive model is proposed for the C/C composite until the damage threshold
ftnresnota 18 reached, which is followed by the instant fragmentation of the volume without the
capability of further load bearing. By setting a uniform damage factor threshold, f;j;esnoia» the
rate-strengthening phenomena can be captured as shown in Fig. 3c¢. In such a way, a rate-
dependent linear deformation of the volume ¥ can be defined.

According to the work of Budiansky and O’Connell [51], the damage function f(t) is

quantified as:
2

V1
f(t)—£(1+v)(5—4v)£2 (11)

where v is the Possion ratio of the material, and () is the cracking factor. By assuming that all
the wing cracks are of the uniform length and aligned parallel with each other, () is defined as:

Q=n/ (12)
where 1 is the crack density, [ is the length of the wing crack. As demonstrated in Fig. 3b, the
cracking is activated at a strain of &, and the further increase of the strain enables the
propagation of the crack with a speed of l'], which is decided by the tip stress intensity factor
K; defined by Eq. 10. The failure is defined with a damage threshold f;p;esnota, Which is
decided by both the length of a single crack and the crack density 1.
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Fig. 3 The microscale RVE constitutive model: (a) The illustration of the basic assumption
that there exist a large density of parallel wing cracks within a microscale volume, and the wing
crack contains two wings with an initial length 1. (b) The illustration of the typical microcrack
growth, damage accumulation and fracture process in the constitutive model: (i) A single
microcrack will propagate from an initial flaw once the crack tip K; > K., and the velocity of
microcracking is determined by K; and limited by ¢4y ; (i1) The damage inside one fiber yarn
element is determined by the combination of the microcrack density and the wing crack length.
When the damage reaches the threshold fipresnoia, an instant fracture of the element is assumed.
According to this constitutive model, a higher strain rate (the red dash line) would result in
shorter wing crack length and lower damage than the lower strain rate (the blue solid line),
which will furtherly contribute to a higher strength under the same finresnoia-
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Fig. 4 The typical stress-strain curves of the microscale elements with different defect
density ratio at elevated strain rates (Ngynamic/Nstatic=0.8, 1.0, 2.0 and 5.0 for a-f,

respectively), which clearly shows that the Ngynamic/MNstatic an efficiently tailor the dynamic

strength of the C/Cs.

Under this basic assumption, the strain rate sensitivity of the brittle elements can be
defined as shown in Fig. 3b. Among the parameters in the microscale model, the microcracking
density n is of primary concern, since it has a significant impact on the failure behavior as
shown in Fig. 4. It is previous learned that the types and densities of flaws that are triggered to
initiate a microcrack are different at different strain rates, thus n is a strain-rate dependent
parameter [52]. The optimization of the microstructures will significantly influence the flaw
distribution by tailoring the preform structures, porosity, and interfacial bonding states, and a
better understanding of the evolution of 1 with varied preform structures and nanomaterial
doping will provide valuable insights for the optimization of the C/Cs.

3.2 The macroscale FE model for simulating the stress-strain response of the C/Cs

The in-situ experimental measurement of the microcracking density at high strain rates is
difficult or even impossible. To numerically explore the dynamic microcracking behavior, the
microscale constitutive modeling is linked to the macroscale FE modeling. Different
microconstituents (CFs, PyC matrix and CNT/PyC interphase) are assembled in the voxel-
based macroscale FE model for the 2D-C/C and 2D-CNT-C/C as shown in Fig. Sa. The short-
cut web layers are involved in the 2.5D-C/C, where the fibers oriented randomly. The
microcracking inside the short-cut web layers exhibits more dispersity than in the fiber yarns
of the 2D- and 2D-CNT-C/C. As a result, the assumption that all the wing cracks are of the
uniform length and orientation is no more valid for the 2.5D-C/C, while the further refine of
the constitutive model is beyond the main object of the current work. Therefore, the geometrical
model of the 2.5D-C/C has not been involved in the current work and only the experimental
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results are provided.
(1) The geometrical modeling of the 2D-C/C and 2D-CNT-C/C

For the 2D-C/C and 2D-CNT-C/C, the voxel-based geometrical modeling at the fiber yarn
scale is performed using the TexGen software [53] and reshaped into cylinder shape using a
customized python script. The geometry of the yarns is described by a set of sinusoidal curves
for a compact contact between the warp and weft yarns. The geometry parameters (a: width of
the fiber yarn; /: the gaps between the fiber yarns; 4. thickness of the laminate) are measured
from the SEM images of the CF cloth. The geometrical model consists of 15 layers of CF cloth,
while each layer is consisted by 5 warp and 5 weft yarns. Since only the CFs and PyC matrix
can be defined in the original TexGen model, the CNT/PyC interphase was separated from the
matrix phase also using another customized python script, where the single layer of matrix
voxel neighboring the fiber yarn was defined as the CNT/PyC interphase. The overall size of
the unit cell was 1.0 x 1.0 x 0.2 mm? for the unit cell as shown in Fig. Sa, and the overall size
of the tested specimen was @ 5.0 mm x 3.5 mm. Therefore, enough unit cells were incorporated
into the full-scale geometrical models during the FE modeling to accurately simulate the overall
mechanical responses. It is then defined that the macroscale mechanical response equals with
the averaged mechanical properties of all the voxel elements, where the average stress 033 and

strains €33 in a macroscale model are defined as followed:

— 1
o =;jV oudV (13)
— 1

B = [ &y (14)

A total of 786000 elements are meshed to account for a more accurate description of the
spatial distribution of the microconstituents.
(2) the detailed deformation and failure criteria for the macroscale modeling

To accurately model the geometry features of the microconstituents, generally very large
number of voxel elements are required. Thus, the monitoring of the detailed evolution (growth
and coalescence) of microcracks within every single voxel element is of extremely high
computational costs. To avoid this disadvantage, the followed simplifications are made based
on the microscale constitutive model:

(1) The deformation behaviors of all the voxel elements are assumed to be purely
anisotropic elastic until the final failure and the modulus degradation caused by the
microcracking damage is ignored. Specifically, the fiber yarn, PyC matrix and the CNT/PyC

interphase in the C/C are modeled with linear orthogonal anisotropic C3D8R elements

following the 3D Hooke’s law, the stress-strain relationship of them can be expressed as [54]:
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(i1)) The Gibbs free energy density is adopted as the only failure criteria for the fiber
yarn. Although various failure criteria have been proposed for the composite materials under
quasi-static loading conditions [55-58], generally more than 4 or even over 20 parameters are
involved in these models. The incorporation of the strain rate will introduce more parameters
and further complicate the modeling. From the engineering aspects, there is generally no
sufficient experimental data to calibrate these sophisticated models. Additionally, some of the
adopted damage parameters cannot be experimentally quantified under the dynamic loading
conditions. Thus, in the current situation, the adopted failure criteria should be both simple
enough and can bridge the microstructural evolution and the macroscale failure behavior. In
view of this, herein the Gibbs free energy density is used here as the failure criteria. The
modified Gibbs free energy density, G, is defined as [59, 60]:

2 2 2 2 2 2
O (o) O T T T V,,0,,0 V..0,,0. V,,0,,0.

~2u  9» 9t fis o, " Pp@u9n MiPn®:n 73Y»93 (16)
2E, 2FE,, 2E, 2G, 2G,; 2G, E, E, E,,

In the original expression used by Maimi et al [60], six independent damage parameters
are implemented in associated with the stiffness components. However, the stiffness
degradation is ignored in the current model, so the use of the damage parameters is avoided. In
the simplest form, the element will failure instantly once its Gibbs free energy exceeds the
threshold value:

G,

in—situ

> Gthreshold ( 1 7)

In such a way, only one adjustable parameter Gipresnoiq Desides the engineering constants is
defined, which makes it feasibly to calibrate with the experiments.

The engineering constants of the PyC matrix and the fiber yarn section simulated in our
previous research work [61] were used in the current model and listed in Table 2. The modulus
of the CNT/PyC interphase was measured using the nanoindentation method, which is shown
in the latter section. To model the dynamic fracture of the C/Cs with and without the CNT/PyC
interphase, the explicit analysis of the composite model is conducted with a constant strain rate
at the top surface and is supported with a fixed rigid body plate at the bottom end as shown in
Fig. Sb. After the establish of the geometrical model and the definition of the deformation and
failure of the voxel elements, the explicit analysis of the impact process was performed as
shown in Fig. 5b. The proposed failure criteria were implemented into the established model
using a customized user subroutine VUMAT. It was assumed that most of the failure during the
impact occurred in the fiber yarn section since it owes the highest defect density, the Gunreshold

of the fiber yarn section is set to be the only adjusted parameters. As for the PyC and the
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CNT/PyC interphase, large Gunreshold Was adopted to ensure that their fracture was after the fiber
yarn section, where a Ginreshold™>800 for the PyC and a Ginreshola™>2000 for CNT/PyC elements
were recommended.

Table 2 The adopted material constants in the macroscale FE modeling

Eu E2 Ess G2 Gis Gos

GPa) (GPa) (GPa) "™ V" Y™ (Gpay  (GPa)  (GPa) e

CF yarn 143 24 35 0.29 0.29 0.27 22 22 4.3 varied
PyC 13 13 3.8 0.29 0.10 0.10 13 13 3 800
CNT/PyC 2.5 2.5 2.5 0.29 0.29 0.29 13 13 3 2000

(a) (b)
PyC matri CNT reinforced The macroscale

C/C composite compression FE model

{

CNT interphase

I—-X Cross-sectional view

specimen

Weft ;
CF preform PyC matrix

CFyarn

CNT T '
interphase

m—p>-

Top view

Fig. 5 The macroscale FE model for simulating the stress-strain response of the composite,
where (a) a single layer of the plain-weaved fiber cloth is modeled with 5 warp and 5 weft
yarns, where a is the width of the fiber yarn; / is the gap between the fiber yarns; / is the
thickness of the laminate. The CF preform, CNT interphase and the PyC matrix are assembled
to form the whole composite. After the geometrical modeling, the modeled C/C composite is
subjected to the compressive stress with designed strain rate, as shown in (b).

3.3 The bridging between the microscale and macroscale models

The gap between the microstructural details and the macroscale dynamic mechanical
response is the major challenge for establishing the strain-rate-dependent models for the C/Cs.
In view of this, the Gibbs free energy density Ginresnoia @dopted in the macroscale modeling
is directly related to the microscale cracking behavior. For an element in the microscale
constitutive model,

G=[ode=G,(+u&n) (18)
where G, is the Gibbs free energy density under the quasi-static loading condition, and u(¢,1)
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is the enhancement factor under the dynamic loading. For a purely elastic deformation, once
Ginreshola 18 acquired, the evolution of the microcracking density at a specific loading rate can
be identified by backtracking using the microscale constitutive model. Thus, the Gibbs free
energy density G serves as a bridge between the microcracking and the macroscale dynamic
failure process as shown in Fig. 6. The macroscale geometrical and FE modeling together with
the experimental results is to find out the relationship among Ginreshold, 1(€) and €.

- DMA analysis: Post-failure CT cccccccccccccne
Verify I - and SEM characterizations Verify {
P — 4 nternal slipping of :
the wing microcracks L X H
Quasi-static & dynamic H
CT scan: Porosity 5 N [
compression tests : Calibrate :

*perimEHts &
Microcracking initiation

d\a(acterizat,b% Output 1: Output 2:
#— \ Simulated stress-strain Cracking pattern

Damage evaluation ?;g %
2 o PyC matrix 1. Elastic deformation
2 &
2 il 3D Hooke’s law
4 N CNT/PyC
2. Failure criteria:

Failure criteria

Gibbs free G>Go

energy density

Recalibrate

Microscale modeling Macroscale modeling

Fig. 6 The connection between the microscale constitutive model and macroscale FE
model, where they are bridged by the Gibbs free energy density defined in both the microscale
macroscale models. The whole FE modeling is a backtracking process from the macroscale
geometrical modelling to the microscale cracking behavior. The experimental results are used
to calibrate the stress-strain curve of the macroscale model, and the dynamic mechanical
analysis (DMA) and CT characterizations are used to verify the backtracked microscale crack
density.

3.4 Molecular Dynamics simulations

Molecular Dynamic simulations were implemented to investigate the effect of CNT
doping on the mechanical response of the PyC layers in the nanoscale. All simulations were
performed by using the LAMMPS package with the ReaxFF reactive force field specified for
hydrocarbons [62]. The size of the simulation box was set as 50x50x50 A® and periodic
boundary conditions were imposed on X, Y and Z directions. Pure layered Pyrolytic carbon
and CNT doped PyC was modeled, respectively. All systems were equilibrated at 300 K for 10
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ps to eliminate the irrationality of the initial configuration of the molecules. Afterwards, the
systems were heated to the target temperature in 10 ps. OVITO was used to visualize the
simulation results [63]. The time step of all simulation was set as 0.25fs.

4. Mechanisms behind the strain rate sensitivity of the C/Cs

The microcracking-based constitutive and geometrical model has been introduced in
section 3, and this model will be utilized to unravel the relationships between the microcracking
and the macroscale mechanical response of the C/Cs in this section, where the effect of nano-
doping on the evolution of the dynamic microcracking density (n(€)) can be learned. In
subsection 4.1 the mechanical testing results at varied € will be presented. In subsection 4.2,
the characterization of the fracture morphologies and the cross validation between the
experimental and simulated fracture patterns are performed. In subsection 4.3, the evolution of
n(&) with € will be discussed and the influence of nano-doping on 1n(£) will be thoroughly
explored. In subsection 4.4, the post-failure fragmentation behaviors of the C/Cs are
characterized and the relationship between the ultimate strength and the defects density is

obtained.

4.1 The mechanical testing results of the C/Cs at varied loading rates

The strain rate sensitivity of the C/Cs with varied preform structure and CNT doping is
experimentally verified in 700 ~1800/s (Fig. 7). The stress-strain curves of the 2.5D-C/C
indicate the presence of the nonlinearity at a low strain (~20% of the failure strain, Fig. 7a),
which is caused by the detachment of the needle-punched CF bundles. After this detachment,
a quasi-linear deformation is observed until the final fracture. For both the 2D-C/C and 2D-
CNT-C/C, linear deformations are confirmed (Fig. 7 e & i) with a slight pseudoplasticity stage
near the failure, indicating the retained integrity of the specimen during the loading. Both the
failure strain and strength of the three types of C/Cs are of statistical scatters, while an overall
increasing tendency of the failure stress/strain with the elevated strain rate is detected at ~700-
1800 /s. The energy absorption capability E, prior to the final fracture is also one of the most
important capabilities of structural materials. Like the failure strain/stress, the E, also
increased with the strain rate (Fig. 7d, h, & 1).

An empirical formula is used to fit the dynamic failure strain/strength/E, with the strain
rate € [64], which is expressed as:

F(¢)=F,

raic(Alog e+ B) £ €(700,1800) (19)
where F(€) stands for the expected failure strain/strength/E, of the C/Cs varying with €;
Ftatic 18 the compressive failure strain/strength/E, at the quasi-static condition; the parameters
A and B are obtained from the linear regression analysis of the experimental results, where A
is the strain rate effect coefficient, and B is the bias coefficient in the linear fitting algorithm.

Generally, a higher A indicates a more pronounced strain rate sensitivity.
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Fig. 7 A summary of the typical mechanical properties of the 2.5D-C/C, 2D-C/C and 2D-CNT-
C/C varied with strain rate: (a), (¢) and (i) typical stress-strain curves of the 2.5D-C/C, 2D-C/C
and 2D-CNT-C/C; (b), (f) and (j) the strain rate vs. failure strain fitting of the 2.5D-C/C, 2D-
C/C and 2D-CNT-C/C; (c), (g) and (k) the strain rate vs. strength fitting of the 2.5D-C/C, 2D-
C/C and 2D-CNT-C/C; (d), (h) and (1) the strain rate vs. E, fitting of the 2.5D-C/C, 2D-C/C

and 2D-CNT-C/C.
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Eq. 19 fits well with all the C/Cs as shown in Fig. 7. For the tested specimens, the E,
exhibits the highest A (2.5D-C/C: A = 6.89, 2D-C/C: A = 1.66, 2D-CNT-C/C: A = 3.30)
compared with the failure strain (2.5D-C/C: A = 2.30, 2D-C/C: A = 0.77, 2D-CNT-C/C: A =
1.25) and strength (2.5D-C/C: A = 1.94, 2D-C/C: A = 0.37 , 2D-CNT-C/C: A = 1.03).
Given that the microstructure and mechanical properties of the C/Cs generally exhibit
significant scatters [61, 65], the above results indicate that E4 could be a more feasible and
profound index for evaluating the strain rate sensitivity than both the failure strain and strength.

A summary of the mechanical results is provided in Fig. 8a-c. It is learned from the
experiments that: (1) The 2.5D-C/C exhibits the lowest failure strength and E4 under both
quasi-static and dynamic loadings (700-1800/s); (2) Compared with the 2.5D-C/C, the 2D-C/C
shows the improved anti-impact capability, where the strength and E, of 2D-C/C improved by
98% and 82%, respectively, compared with the 2.5D-C/C at 100-1800/s; (3) The failure strain
and E, of the 2D-CNT-C/C is improved significantly at 1000-1800/s, but the strength only
increases slightly than the 2D-C/C at 1000-1800/s. Compared with the 2.5D-C/C, the failure
strain, strength and E4 of 2D-CNT-C/C improve by 8%, 123% and 141%, respectively at 1000-
1800/s, clearly demonstrating that the tailoring of the preform structure and CNT doping are
efficient in improving the anti-impact capability of the C/Cs. Additionally, compared with the
3D weave-pierced [13], 3D needle-punched [14] and 2.5D needle punched [15] C/Cs, the 2D-
CNT-C/C also exhibit superior strength at 700-1000/s. However, currently no available data on
the impact behavior of the 3D braided C/Cs has been reported due to their extremely high
fabrication costs. Thus, further investigations are still required to provide a more systemic

evaluation of the preform structures on the impact behavior of the C/Cs.
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Fig. 8. The average failure strain, strength and E 4 of the 2.5D-C/C, 2D-C/C and 2D-CNT-
C/C at quasi-static, medium (700-1000 /s) and high (1000-1800 /s) strain rates. (a) The
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comparison of the failure strains; (b) the comparison of the strength; (c) The comparison of

absorbed energy density.

4.2 The characterization of the fracture morphologies and the simulated cracking pattern

The fracture morphologies of the tested C/Cs under quasi-static loadings are shown in Fig.
9. Multiple cracks are observed for all the C/Cs. For the 2.5D-C/C (Fig. 9a), the exfoliation of
the fiber bundles in Z-direction and the shear cracking inside the short-cut web layers are
observed, since the non-woven layers possess superior mechanical strengths than the short-cut
web layers. For the 2D-C/C (Fig. 9b) and 2D-CNT-C/C (Fig. 9¢), inter- and intralayer cracks
are both observed. This is because that all the layers inside the 2D-C/C and 2D-CNT-C/C are
equivalent, so the shear crack would propagate through the layers rather than constrains within

a single layer.
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Fig. 9 The experimental and simulated 2.5D-C/C, 2D-C/C and 2D-CNT-C/C cracking patterns
under quasi-static compressive loading: (a)-(c) the top and side view of the cracked 2.5D-C/C,
2D-C/C and 2D-CNT-C/C, which are both dominated by the inter- and intralayer shear cracking.
(d) and (e) are the simulated cracking pattern of the 2D- and 2D-CNT-C/Cs, where the

simulated cracking patterns are consistent with the experimental observations.

On the other hand, the macroscale FE modeling accurately represents both the inter- and
intralayer fracture in 2D-C/C and 2D-CNT-C/C (Fig. 9d&e). In the simulation process, only
the fiber yarn sections are assumed to failure when their in-situ Gibbs energy density, G,
excesses the Gipresnoia> While the PyC matrix and CNT/PyC interphase are assumed to remain
the integrity until the final fracture. The consistency between the experimental observed
cracking patterns and the simulated results confirms the rationality of this assumption, which
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is also consistent with the fact that the microstructure of the CF yarn sections contains the
higher density of flaws (interfaces, microcracks and micropores) than the PyC matrix and the
CNT/PyC interphase.

Much higher density of microcracks emerge at elevated strain rates instead of the
formation of the main cracks as in the quasi-static tests. The p-CT images of the SHPB
specimens verify this phenomenon (Fig. 10a, ¢ and e). For the 2.5D-C/C at 720 /s, high density
microcracks vertical to the layer direction develop in the short-cut web layers (Fig. 10a). For
the 2D-C/C at 800 /s, several delamination sliding cracks are observed, and slight rotation of
the CF yarns also occurs (Fig. 10c). On the other hand, for the 2D-CNT-C/C at 730 /s, the
interlaminar sliding and torsion of the CF yarns are significantly reduced due to the enhanced
interlaminar bonding by the CNT doping ((Fig. 10¢). Fragmentation of the C/Cs is expected to
occur when the strain rate increases furtherly. For the 2.5D-C/C at 1600 /s (Fig. 10b), the
detaching of the z-direction CF bundles is also detected, while multiple splitting and breakages
of the CFs emerge in the short-cut web layer. The collected fragments after the SHPB tests
exhibit severe CF bundle breaking/splitting and interfacial debonding. The 2D-C/C at 1520 /s
shows multiple fiber bundle breaking accompanied by the debonding of the fibers within the
bundle (Fig. 10d). Besides, the collected fragments are different from the 2.5D-C/C, where the
CF are totally debonded from the PyC matrix and fractured in shorter lengths. After the CNT
doping and at 1620 /s, the interfacial debonding inside the remained part is inhibited, but the
fragments are in even smaller size, indicating that more CF breakage have occurred, and more

energy has been consumed during the impact (Fig. 10f).

Medium strain rate High strain rate

] .5D—C/C _ (b) _ 2.5D-C/C
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Fig. 10 The fracture morphology of 2.5D-C/C, 2D-C/Cs and 2D-CNT-C/C at the strain rate

range of 700-1800 /s characterized by the u-CT and SEM: (a) the p-CT slice of the damaged
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2.5D-C/C at a strain rate of 720 /s; (b) the fracture morphology of 2.5D-C/C at a strain rate of
1600 /s; (c) the pu-CT slice of the damaged 2D-C/C at a strain rate of 800 /s; (d) the fracture
morphology of 2D-C/C at a strain rate of 1520 /s; (e) the p-CT slice of the damaged 2D-CNT-
C/C at a strain rate of 730 /s; (f) the fracture morphology of 2D-CNT-C/C at a strain rate of
1620 /s.

4.3 The microcracking density evolving the strain rate and CNT doping

To better understand the role of CNT doping on the microcracking behavior at high strain
rates, the microcracking density n(£€) is numerically solved based on the multiscale model. The
methodology to probe into the microcracking with the aid of the experimental data and the
established multiscale modeling is shown in Fig. 11a. Since the stress equilibrium is achieved
for the tested strain range as discussed in Section 2, the Gipresnoig decides the failure
stress/strain of the specimen. By tailoring the Gipresnoid, continuously evolved stress-strain
curves can be obtained, and the Gi,reshold — Ofailure relationship can be determined as shown
in Fig. 11c. A linear Ogjyre-10210(Gihreshold) relationship is captured by the model as shown
in Fig. 11d. Despite the existence of the CNT/PyC interphase, there is only slight differences
between the strength-logi10(Ginreshold) Slope, which is consistent with the experimental results
that the doped CNT only contributes to slightly increased strength (Fig. 7).

After recalibrating with the experimentally measured strength at varied €, the € -Ginreshold
relationship is furtherly identified (Fig. 11e), where a more pronounced increasing tendency of
Gihreshold With & is induced after CNT doping. Subsequently, the Ginreshold-£ relationship is
furtherly backtracked using the microscale constitutive model, and thus the & - n(€)
relationship can be finally learned. Distinctive cracking behaviors are detected before and after
the CNT doping, where the CNT doping significantly restrains the initial (&) and decreases
the damage during the impact loading (Fig. 11f). Tehrani et al pointed out that better inter- and
intra-laminar strengths by the CNT doping is the reason for the improved anti-impact capacity
of the woven CF reinforced carbon nanotube-epoxy composite [66]. However, Bie et al found
insignificant increase in the epoxy strength but significantly improved anti-impact performance
with CNT doping [67]. The current finding would provide an alternative explanation for this
contradictory phenomenon, where the reduces cracking density should be the dominated
mechanism contributed to the improved anti-impact performance.
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Fig. 11 The simulation results from the microcracking-based constitutive model. (a) the flow
chart of the interactions between the experiments and the multiscale model to obtain the € — 1
relationship. (b) the distribution of the in-situ Gibss free energy density, G, of the 2D- and 2D-
CNT-C/C at varied strain rates. Under the quasi-static loading, only a small portion of the
elements excesses the Ginreshold and thus fractures. However, more elements fractures in the 2D-
CNT-C/C than in the 2D-C/C. (c) The simulated stress-strain curves of both the 2D- and 2D-
CNT-C/C with different Gnreshold ; (d) the relationship between the predicted strength and the
Gihreshold » Showing a linear increase of the strength with the logarithmic increase of the Ginreshold ;
(e) The calibrated Ginreshold from the experimental results; (f) The backtracked cracking density

at varied strain rates.

4.4 The multiscale fragmentation of C/Cs at varied in-situ free Gibbs energy density
After passing the peak stress, the excessive deposition of kinetic energy would result in
fragmentation of the C/Cs, where the excessive G;,_git+, €nables the further growth and
multiple bifurcation of the microcracks. As shown in Fig. 12, the fragmentation exhibits
multiscale features. For the 2D-C/C and 2D-CNT-C/C, in the nanoscale, the layered PyC matrix
splits into nanosized debris (Fig. 12a), since the PyC is a typical two-dimensional material with
relatively weak interlayer boding. With the decreased G;,_s;ty, the nanoscale splitting of the
PyC layers is reduced, while the microscale multiple fracture of the CF yarns accompanied by
the high-density CF-PyC interface debonding dominants the fragmentation. The further
decrease of G;,,_sit, leads to the reduced CF breakage and interfacial debonding density, so the
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macroscale debris that retains the assembled yarns can be collected (Fig. 12d). For the 2.5D-
C/C, since the CFs are randomly oriented in the short-cut web layer, the multiple fracture of
the CF yarns and the shear-induced interface debonding dominants the fragmentation. A
significantly lower G;,_sit, 1n the 2.5D-C/C is expected due to its low failure strength, and the
nanosized splitting of the PyC is not observed. Based on the above observations, it is revealed
that the fragmentation in the C/Cs is strongly influenced by the CF yarn orientation and
Gin—situ> Where the CF fractures, interfacial debonding and the nanosized splitting of the PyC
matrix are the dominant mechanisms of fragmentation.

Additionally, another distinct feature of the dynamic fragmentation is that the crack
bifurcations occur in much higher density than in the quasi-static cracking. There is a
preference of crack deflection (interfacial debonding) and crack penetration (fiber fracture)
when the cracking path encounters the dissimilar interfaces under the quasi-static loading.
However, under the dynamic loadings, both the interface debonding and CF breakage have
occurred simultaneously at multiple sites. This phenomenon indicates that much more cracking
paths are activated upon the deposition of excessive kinetic energy, which is significantly
different with the final coalescence of the microcracks into a main crack under quasi-static
loading. However, currently the theory of LEFM is still inefficient in dealing with such
complex cracking scenarios [68].
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Fig. 12 The fragmentation behavior of plain weaved and needle punched C/C, where the
fragmentation of both the 2D-C/C and 2.5D-C/C shows multiscale features. With high absorbed
energy, the nano-microscale fragmentation of the matrix is detected for the 2D-C/C. and with
the lowered absorbed energy, the multiple fracture of the CFs and the interfacial debonding is
detected for both 2D-C/C and 2.5D-C/C. And from the aspect of macroscale observations, the

inter- and intralayer microcracking of the fiber cloth are the dominated fragmentation processes.
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Meanwhile, it was confirmed in our previous works that the microcracks are efficient in
deflecting and bifurcating the main crack, which can help increase the ultimate strength of the
C/Cs under quasi-static conditions [36, 61]. Also, the fragmentation behavior (Fig. 12) proves
that the deterministic role of the main crack in the final fracture is replaced by the individual
propagation of all the possible microcracks. This furtherly indicates that the interactions of the
microcracks are constrained at higher loading rates, thus a lower density of defects is expected

to acquiring better anti-impact strength at high strain rates.

5. The buffering effect of the CNT/PyC layer on the improved anti-impact capability

The above analysis clearly reveals that the tailoring of preform architectures and CNT
doping significantly influences the microcracking density in the C/Cs. Furtherly, the role of
CNT doping in constraining the microcracking density is discussed as follows.

The pores and the defects inside the PyC matrix are supposed to be the major sources of
microcracking of the brittle specimens [69]. During the CVI process, pores are inevitably
formed inside the C/Cs, which exhibit significant influence on the microcracking [70]. The
porosity of the 2.5D-C/C, 2D-C/C and 2D-CNT-C/C was ~6.8%, 6.5% and 6.2%, respectively
(Fig. 13a&b). In all the tested C/Cs, most of the pores are of small size (less than 10~ mm?>,
region I&II in Fig. 13a). Large pores (region III) can be detected for the 2.5D-C/C but is
eliminated in the 2D preforms due to the improved homogeneity of the preform. The portion
of medium-sized pores also decreases (107 to 10" mm?, region II in Fig. 13a) in the 2D-C/C
compared with the 2.5D-C/C. With the doping of CNTs which serve as the nanofillers in the
preform, the medium-sized pores in the 2D-CNT-C/C were furtherly reduced. Herein, the
reduced porosity induced by the synergy of tailored preform structure and CNT doping would
contribute to the weakened stress concentration inside the C/Cs and thus reduced
microcracking initiation density.

Internal friction or damping of material refers to the dissipation of energy to the
surrounding environment by the reversible microstructural movements, which are mainly
composed by the nanoscale relative sliding of the PyC layers and the microscale relative sliding
between the CF and the PyC interfaces [71]. Generally, the higher internal friction indicates
greater capability to attenuate impact shocks generated during an impact. Two findings are
revealed by measuring the internal friction of the C/Cs at the ambient temperature (Fig. 13c¢&d):
(1) the internal friction of the unidirectional C/C is much higher than the 2D-C/C. That is to
say, the activated flaws inside the fiber yarn are of much higher density than that in the 2D-
C/C, which is consistent with the basic assumption that the CF yarn contains higher intrinsic
flaws and thus lower Gipresnoia than the PyC matrix. (2) The internal friction of both the
unidirectional C/C and 2D-C/C increases after CNTs doping. Thus, although the CNTs are of
low volume fraction, their ability to attenuate the impact shocks are profound.
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Fig. 13 The characterizations of the possible microstructural defects in the tested C/Cs: (a) the
porosity distribution of the 2.5D-C/C, 2D-C/C and 2D-CNT-C/C; (b) the 3D illustrations of the
porosity of the 2.5D-C/C, 2D-C/C and 2D-CNT-C/C, respectively. (c) a brief illustration of the
sources of internal friction inside the C/Cs, where the nanoscale interlayer friction inside the
PyC matrix and the fiber-matrix interfacial sliding are the two dominant mechanisms
responsible for the internal friction of the C/Cs. (d) typical internal friction of the unidirectional
and 2D C/Cs with and without CNT doping at the frequency of 0.1-10 Hz.

On the other hand, the microstructure of the CNT/PyC interphase is characterized as
shown in Fig. 14. A homogenous CNT layer is formed on the CF cloth with the aid of the
electrophoretic deposition. Then after the CVI process, a dense CNT/PyC interphase can be
prepared surrounding the CF (Fig. 14b&c). Compared with the original PyC matrix, the CNT
doping induces misaligned graphene layers in the CNT/PyC interphase (Fig. 15¢). As a result,
the CNT/PyC layer is much softer than the PyC matrix, which is confirmed by the
nanoindentation tests (Fig. 14 d&e). The indentation modulus of the CNT/PyC layer is only

28



7.1 GPa, which is only 17.8% of the indentation of PyC matrix (39.6 GPa). Thus, the CNT/PyC
interphase serves as a buffer layer, forming the sandwich system together with the PyC matrix
and the CFs. Due to the soft nature of the CNT/PyC layer, the impact wave can be significantly
attenuated, and the shock energy can be more efficiently absorbed in the 2D-CNT-C/C. On the
other hand, the CNT doping does not induce the formation of additional pores inside the C/Cs,
and the enhanced internal friction due to the CNT can be ascribed to the misaligned graphene
layers (Fig. 15a-c). However, from both the fracture (Fig. 14b&c) and the analysis in section
3, the flaws induced by the CNT doping has not been activated to initiate microcracks.
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Fig. 14 The construction of the CNT/PyC layers in the 2D-C/C: (a) the morphology of the
EPD CNTs on the carbon fiber cloth; (b) the CNT/PyC interphase sandwiches the fiber and the
matrix after the CVI process; (c) enlarged SEM morphology of the CNT/PyC layer; (d) typical
nanoindentation load-depth curves for the PyC matrix and the CNT/PyC layer; (e) compressive
modulus and (f) hardness of the PyC matrix and the CNT/PyC layer, showing that the CNT/PyC
layer is much softer than the PyC matrix.

Furtherly, the MD simulation (Fig. 15d) confirms that the CNT/PyC layer will failure at
a higher stress and thus dissipate more energy upon the compressive loading than the PyC.
After CNT doping, the failure stress of the CNT/PyC interphase increases by 36%, with 94.5%
more energy dissipated, compared with the original PyC. The unique microstructure of the
CNT/PyC interphase contribute to the significantly improved energy absorption capability of
the 2D-CNT-C/C. Therefore, the anti-impact capability of the 2D-CNT-C/C can be
significantly improved with the buffering function and enhanced energy dissipation of the CNT
doping.
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Fig. 15 The comparsions between the microstructural features and nanoscale mecahnical
behaviors of the PyC and CNT/PyC. (a) HRTEM image of the interface between the CNT/PyC
layer and the CFs; (b) and (c) are the enlarged HRTEM image of the PyC matrix and the
CNT/PyC layer with the corresponding selected area electronic diffraction (SEAD) patterns
attached at the right-upper area of each HRTEM image. The trips in the HRTEM images are
graphene layers, where the stacking manners of the graphene are different in the PyC and
CNT/PyC. The selected area electronic diffraction (SEAD) pattern is a statistical result of the
preferred orientation of the graphene layers. In the PyC matrix, the graphene layers basically
oriented in a uniform direction, where with a preferred orientation angle captured in the SAED
pattern. The doping of CNTs into the PyC caused the formation of turbostratic graphene layers.
Thus, in the CNT/PyC interphase, the graphene layers were highly curly with unobvious
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preferred orientation angle in the related SAED pattern. It can be observed that the PyC was
highly anisotropic, but the CNT/PyC interphase showed obvious isotropic features. The right
side shows the modeled atomic structures of the PyC and CNT/PyC. (d) MD simulation of the
compressive behavior of the simulated stress-strain curve of the CNT/PyC layer and the PyC
matrix, the inserted figures are the original and compressed atomic structure of the CNT/PyC
layer and the PyC matrix, respectively.

6. Conclusions

In summary, the influences of both the CF preform architectures and CNT doping on the
dynamic mechanical behaviors of the C/Cs were experimentally verified and numerically
simulated. The experimental results confirmed that the anti-impact capability of the 2D plain-
weaved CF preform is better than the 2.5D needle-punched CF preform and could be furtherly
improved with CNT doping. The fragmentation of the C/Cs under dynamic loading is mainly
consisted by the nanoscale splitting of the PyC matrix, microscale multiple fracture of the CFs
accompanied by interfacial debonding, and macroscale fracture/detach of the yarns. This is
significantly different with the final coalescence of the microcracks into a main crack under
quasi-static loading. The CNT doping enables the construction of CNT/PyC buffer layers,
whose modulus is only 17.8% of the PyC matrix. As a result, it could significantly buffers the
impact wave and enhance the energy dissipation capability of the C/Cs.

Based on the experimental results, a multiscale modeling strategy was developed to
analyze the dynamic fracture of 2D-C/C and 2D-CNT-C/C within the framework of LEFM.
The strain rate sensitivity is derived from the collective microcracking behavior at limited
velocity, thus both the quasi-static and dynamic failure of the composite can be explained in a
unified theoretical framework rather than discussed separately in conventional macroscale
models. The model backtracked from the macroscale mechanical response to the microscale
cracking behavior and revealed that the CNT/PyC layer would constrain the microcracking

behavior at elevated strain rates.
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