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Abstract

To illustrate the microstructural factors of grain refinement for enhancing mechanical
properties, the fine-/ultrafine-grained TWIP steels with a product of strength and elongation of
~71 GPa-% were first prepared by combining rolling and stress relief annealing. Subsequently,
the evolution of dislocations, stacking faults, and associated substructures of the fine-/ultrafine-
grained TWIP steels was analysed by using in-situ EBSD tensile tests and TEM characterisation
of the interrupted strain experiments. The results reveal that the excellent mechanical properties
of the TWIP steels are attributed to dislocations and associated dislocation cells, dislocation
walls, dislocation tangles, stacking faults and associated Lomer-Cottrell locks (LCs), nano-
twins, primary and secondary twins and their interactions during plastic deformation. The

density of geometrically necessary dislocations (GNDs) was evaluated based on the modified
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Ashby’s model and compared with experimental results, indicating that grain size heterogeneity
can promote the accumulation of GNDs, which facilitates the generation of subgrains and new
boundaries to reduce the mean free path (MFP) of dislocations, thus enhancing strain hardening.
Meanwhile, the interaction of lamellar primary and secondary twins in fine grains and the
generation of stacking faults and nano-twins in ultrafine grains at higher strains can further
promote strain hardening to elevate strength. Furthermore, the effects of grain orientation and
grain size on the activation and evolution of dislocations and twins were elucidated. In ultrafine
grains, twinning is strongly inhibited due to the elevated critical shear stress for twinning,
resulting in more stacking faults and nano-twins, but fewer dislocation cells. The present work
contributes to an in-depth understanding of the mechanical properties of fine-/ultrafine-grained

materials to exploit their potential for industrial applications.
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1. Introduction

Twinning-induced plasticity (TWIP) steels have been a research hotspot over the last
decade due to the perfect combination of high strength (>1 GPa) and considerable plasticity
(>60%) [1]. The excellent mechanical properties are attributed to the abundant deformation
twins and dislocations that can provide continuous strain hardening during plastic deformation,
making them a promising candidate for large-scale applications in the automotive and structural
industries [2]. Unfortunately, the relatively low yield strength (YS: 200-500 MPa) of TWIP
steels compared to the advanced high strength steels (AHSSs) greatly limits their wide
application in industries [3]. Therefore, grain refinement strategies such as severe plastic
deformation (SPD), including equal channel angular pressing (ECAP) [4-6], surface
mechanical attrition treatment (SMAT) [7], high pressure torsion (HPT) [8], and accumulative
roll-bonding (ARB) [9, 10], have been employed to improve the YS of TWIP steels in recent
years [2]. However, there is often a trade-off between strength and ductility in these strategies
[11]. In particular, plasticity loss after grain refinement to fine and ultrafine grains (100 nm<d<1
um) [12, 13] is a technological bottleneck in enhancing mechanical properties [14-16]. In order
to develop new approaches to address the simultaneous enhancement of strength and ductility,
it is urgent to further elucidate the activation and evolution of the plastic deformation
mechanisms affecting the mechanical behaviour of fine-/ultrafine-grained TWIP steels.

It is widely accepted that the excellent mechanical properties of TWIP steels with moderate
stacking fault energy (SFE), typically in 18-45 mJ/m? [17] or 20-40 mJ/m? [18], are mainly
attributed to the dynamic interaction between deformation twins and dislocations during plastic
deformation [19, 20]. The abundant deformation twins in the grains reduce the mean free path
(MFP) of dislocations [21], which increases the chance that the motion of mobile dislocations
is blocked by boundaries to enhance strain hardening [22], while the layered structure of twins

induces an increase in dislocation back stresses, which further enhances strain hardening



capacity [22]. Meanwhile, as the grain size decreases, the evolution of stress induced by the
blocked dislocations near grain boundaries (GBs) can be approximated as a linear increase in
YS of polycrystalline materials with decreasing square root of the grain size, i.e., the Hall-Petch
effect [23]. On the other hand, grain refinement increases the critical resolved shear stress
(CRSS) for twinning and thus retards mechanical twinning [2, 24], called the reverse grain size
effect of twin [25], which is related to the combined effect of the SFE and grain size [25]. Grain
refinement is thought to increase the SFE [15], while higher SFE inhibits deformation twinning
and facilitates dislocation slip [26]. Therefore, the effect of grain refinement on the competition
and synergy of dislocation slip and deformation twinning needs to be further explored.

Twins typically nucleate near GBs during plastic deformation of TWIP steels and serve as
a barrier to dislocation slip resulting in dynamic grain refinement, i.e., called the dynamic Hall-
Petch effect [19, 27]. Indeed, the nucleation of twins and the subsequent development of twin
substructures were also regulated and controlled by grain size [28]. For example, the frequency
of deformation twins decreased when the average grain size was reduced to 3 um [24]. This
was consistent with the conclusion that the number of in-grain deformation twins also decreased
significantly when the average grain size was reduced to 1.8 um, indicating that deformation
twinning was strongly inhibited by grain refinement [29]. However, it was recently found that
grain refinement increased the number density of deformation twin nucleation near GBs when
the grain size was less than 1 um, even though deformation twinning was suppressed [30].
Furthermore, it was reported that the dominant mode of initial plastic deformation changed
from dislocation slip and tangle to stacking faults in Fe-22Mn-0.6C TWIP steel grains less than
or equal to 1 um [2], which was also confirmed by the result that ultrafine-grained Fe-31Mn3Al-
3Si austenitic TWIP steel was observed at yielding [14]. These TWIP steels in these
experiments usually contain both fine and ultrafine grains [2, 14, 31], which may be more

favourable for comparing the activation and evolution of slip and twinning close proximity to



critical size grains [14]. Whether grain refinement inhibits or enhances deformation twin
nucleation needs to be determined experimentally via tracing the microstructural evolution and
mechanical behaviour from initial plastic deformation to fracture [32] to elucidate the grain size
dependence of the twin nucleation and growth.

The activation of slip and twinning is not only influenced by the grain size [29, 33], but
also by the grain orientation, the local stress state and the mechanical behaviour of the
neighbouring grains, for instance, twin bundles in neighbouring grains [24]. It is confident that
the activation of slip and twinning is directly regulated by the maximum shear stress for slip
and twinning [2]. The suppression of mechanical twinning was regarded as similar to the
suppression of e-martensite formation by grain refinement, whereby mechanical twinning
might be delayed by an increase in the SFE of the C-atom segregation near the GBs or the
dislocation back stress [34, 35], which was achieved by elevating the CRSS for twinning in
TWIP steels [24, 25]. In turn, dislocation activation was also controlled by grain size, as
illustrated by the observation of planar slip and cross-slip of dislocations via the in-situ
transmission electron microscopy (TEM) test, which elaborated the role of dislocation activity
in influencing the plastic deformation [36]. Indeed, the inhibition of twinning might be due to
the rapid accumulation of dislocations resulting in an increase in the back stress of the
dislocations on the slip plane, whereas the high level of back stress narrowed the width of the
stacking faults, promoted cross-slip of the dislocations, and reduced the interaction of partial
dislocations required for mechanical twinning [33]. Meanwhile, most of the stacking faults and
deformation twins in ultrafine grains were associated with GBs, and thus the synergy and
competition between slip and twinning were closely related to GBs [2]. When the grains were
smaller than the critical size, GBs became the main sources and sinks of dislocations [37].
During tensile deformation, the grains gradually rotated with increasing strain. Meanwhile, the

lattice rotation paths and rates were highly heterogeneous both between grains and in individual



grains, contributing to the formation of subgrains [38], which promoted the generation of new
boundaries and varied the GBs fraction, resulting in a dynamic variation of grain size which
further influenced the competition and synergies of slip and twinning.

To further decipher the intrinsic relationship between microstructure and mechanical
properties, a micromechanical tensile experimental method is utilized for in-situ EBSD
observation of fine-/ultrafine-grained TWIP steels prepared by rolling and stress relief
annealing in this work. Simultaneously, the activation and evolution of dislocations, stacking
faults, dislocation substructures, stacking fault substructures and their interactions, are explored
based on interrupted strain experiments and TEM characterisation to elucidate the effect of
different deformation mechanisms on strain hardening during plastic deformation.

2. Experimental details
2.1 Material preparation

TWIP steel with the composition shown in Table 1 was melted in an Ar-filled vacuum
furnace and then hot rolled to obtain 10 mm thick sheets. The sheets were cold rolled several
passes into sheets with a thickness of 2 mm containing fine grains with an average grain size of

about 8.49 um. 2 mm thick sheets were rolled in a two-roll cold mill with rolling stresses <

1500 KN on one side to produce sheets by adjusting the different press-down displacements
and combining them with the stress relief annealing. Specifically, the sheets with a thickness of
2 mm were cold rolled to ~1.2 mm and then annealed at 700 °C for 10 min (the first cycle).
Then, the annealed sheets were cold rolled to ~0.8 mm and annealed at 700 °C for 10 min (the
second cycle). The sheets processed in the second cycle were finally cold rolled to ~0.6 mm.

Table 1. Chemical compositions of the experimental TWIP steel (mass fraction, %)

C Mn Si Al S P Ti Fe
0.59 15.68 0.074 1.19 0.006 0.008 <0.01 Bal.

Some grains in the final sheets obtained were elongated along the rolling direction (RD).

These grains with high internal stresses were not favourable for obtaining a clear microstructure

6



in the in-situ tensile experiments. Therefore, the annealing process was carried out in a staged
heating mode from room temperature to 600 °C at a rate of 10 °C/min, and then to 700 °C at a
rate of 3 °C/min, holding for 10 min and then cooling. Finally, combining the rolling and
annealing, referring to this work [27], the schematic illustration of thermo-mechanical process
route for experimental steels is summarized in Fig. 1. TWIP steels with fine and ultrafine grains

were prepared, which provided important raw material support for subsequent experiments.
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Fig. 1. The Schematic illustration of thermo-mechanical process route of fine-grained and
fine-/ultrafine-grained TWIP steels. T: temperature, RT: room temperature, HR: hot rolling,
CR: cold rolling, AC: air cooling, FC: furnace cooling.

2.2 In-situ EBSD characterisation of tensile tests

The fine-/ultrafine-grained TWIP steel sheets were processed by molybdenum wire-cut
electrical discharge machining method [39] to obtain rectangular dog-bone-shaped tensile
specimens, as shown in Fig. 2(a). The specimens were then ground until the surface was flat
and smooth without obvious defects. Then electrochemical polishing was carried out with 10%
perchloric acid-ethanol (HC1O4-C2HsOH) electrolyte solution [40] in an ice-water bath at a
voltage of 20 V for 40-60 s to remove the damaged surface. As shown in Fig. 2(b), the initial
microstructure in the gauge region is composed of typical equiaxed austenite grains with FCC
lattice type. The tension axis (TA) is parallel to the RD. The grain size distribution is presented

in Fig. 2(c).



@7 R ()

[T R1

26+0.10/>H<1+0.01
42 ¢ 2+0.01

>—<2+0.01
Y L

1 RD//TA e
. - —>
unit: mm =
BN

2 3 4 5
Grain diameter (um)

Fig. 2. In-situ EBSD tensile (a) specimen and its dimensions, (b) EBSD phase distribution
map of initial microstructure and (c) the grain size distribution of fine and ultrafine grains.
The self-developed bidirectional trapezoidal screw in-situ tensile testing device and
control system were employed for micromechanical tests. The tensile rate was set to 1 pm/s
(5x10%*s") along the RD and the values of displacement and load were recorded by
displacement and force sensors. Meanwhile, a field emission electron microscopy (FEI Quanta
650 FEG SEM) equipped with an EBSD probe (EDAX-TSL) was utilized to capture the
microstructural information during the in-situ loading. The step size was set to 0.05 pum.
Simultaneously, local EBSD imaging was performed in the observation area to explore the
microstructural features at different strains to analyse the potential origin of the excellent
mechanical properties.
2.3 TEM characterisation of interrupted strain tests
For the interrupted strain tests, the dog-bone-shaped specimens with a gauge section of
10x3x0.6 mm?® were prepared by molybdenum wire-cut electrical discharge machining. Then,
the specimen was clamped in a universal testing machine (WDW-200). The loading rate was
0.6 mm/min, i.e., the strain rate of 10~ s”!. The tensile axis (TA) was parallel to the RD. Different
specimens were loaded to strains of 0.1, 0.2, 0.3, 0.4 and fractured, respectively.
After unloading the tensile specimens at predetermined strains, their gauge sections were
cut into the thickness of ~0.5 mm flat specimens using electrical discharge machining and then

ground to <100 um using 800-grit SiC sandpaper. Discs of 3 mm diameter were then prepared
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by stamping and ground to a <75 pum foil using 1200-grit SiC sandpaper. Finally, the discs were
further thinned to perforation by double-jet electrochemical polishing at 20 V and -30 °C using
an electrolyte solution consisting of 90 vol.% methanol and 10 vol.% perchloric acid. TEM
characterisation was carried out using an FEI Tecnai F30 instrument operating at 200 k'V.
3. Results
3.1 Mechanical properties

The true stress-strain curves of TWIP steels are obtained based on the tensile tests, as
shown in Fig. 3(a), where the solid red circle markers are stop points for EBSD observation in
the in-situ tensile test. It can be intuitively seen that the Y'S and ultimate tensile strength (UTS)
of the fine-/ultrafine-grained TWIP steel are elevated while the uniform elongation (UE) is
slightly decreased compared to the fine-grained TWIP steel. The increase in YS adapts to the
empirical Hall-Petch equation, given by fitting: YS=143.1+184.1/\d . The fine-/ultrafine-
grained TWIP steel presents excellent mechanical properties, which is directly related to the

higher strain hardening rates illustrated in Fig. 3(b).
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Fig. 3. Mechanical properties of fine-grained and fine-/ultrafine-grained TWIP steels: (a)
stress-strain curves and (b) strain hardening rate curves. The solid red circle markers are stop
points for EBSD observation in the in-situ tensile test.

Clearly, the strain hardening process can be divided into three stages according to the

changes in the slope [33], with a rapid decrease from higher values in stage I to a smooth stage
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I, which is the result of the coupling effect of complex deformation mechanisms [15, 41]. The
fluctuations in stage II for fine-grained TWIP steel are attributed to the fact that mechanical
twins become more active [33]. Then after a slow decline, the strain rate reaches ~0.5, entering
stage III, which is often accompanied by damage accumulation and plastic instability before
fracture [42]. It is noteworthy that the fine-/ultrafine-grained specimen maintains higher strain
hardening rates in both stages I and I1, the underlying reasons here need to be further explored.

The UTS and UE were extracted based on experimental data. The product of strength and
elongation (PSE) of engineering was calculated. In particular, the engineering UTS of the fine-
/ultrafine-grained TWIP steel is higher than 1000 MPa. The UTS-UE of some typical steels
including fine-grained and ultrafine-grained steels in references [5, 11, 14, 15, 29, 33, 43-47] is
compared and the results are shown in Fig. 4. Clearly, the TWIP steels in this work have
excellent mechanical properties. Their PSEs all exceed 60 GPa-%. Particularly, the fine-
/ultrafine-grained TWIP steel has a higher PSE, ~71 GPa-%. Undoubtedly, such results can
indicate an improvement in the strength-plasticity trade-off difficulty [48]. Thus, it is crucial to

elucidate the underlying deformation mechanisms to exploit their potential for industrial

applications.
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Fig. 4. Comparison of the ultimate tensile strength-uniform elongation of this work with that
of references [5, 11, 14, 15, 29, 33, 43-47]. F/UFG: fine/ultrafine-grained, FG: fine-grained.
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3.2 Microstructural evolution

To further investigate the microstructural evolution of the fine-/ultrafine-grained TWIP
steels with excellent properties during plasticity deformation, the in-situ EBSD method
provides a reliable solution strategy. Fig. 5 shows the microstructural evolution characterised
by inverse pole figures (IPFs) during the in-situ tensile test at different strains of 0.1, 0.2, 0.3
and 0.4. The microstructure of the undeformed specimen is presented in Fig. 5(a). To further
explore the different deformation mechanisms of grains with different orientations, sizes and
positions, four different typical sets in the monitoring area are marked as Set 1, Set 2, Set 3 and
Set 4 with several grains respectively, where Set 4 consists totally of ultrafine grains. It is worth
noting that at £=0.4, due to the limitation of the scanning range, only a portion of the full region

is selected to detect, where Set 2 and Set 3 are not included.

Fig. 5. IPFs of microstructures of the fine-/ultrafine-grained specimen at different strains: (a)
undeformed, (b) £=0.1, (¢) €=0.2, (d) €=0.3, (e) £=0.4.

With the increase of strain, all grains are significantly elongated, and deformation twins
are present in some grains at €=0.2 in Fig. 5(c), which is consistent with the findings [45]. In
addition, new boundaries appear in some grains elongated along the TA direction. These
deformation twins and boundaries are further extended and grown at £=0.3 in Fig. 5(d).
Meanwhile, many substructures [45, 49] are generated near the GBs, which may be the result
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of dislocation pile-up and stacking fault development. Next, when the strain increases to 0.4, it
can be found that there are large differences in the orientation of different positions in some
grains, which are gradually broken into several subgrains in Set 1. The formation of subgrains
can further coordinate deformation and delay the fracture [38, 50], while the reduction in grain
size increases the strength and hardening rate.

To elucidate the relationship between plastic deformation and grain orientation, the (100)
polar figures (PFs) of different strains are depicted in Fig. 6. Statistically, there is no obvious
change in the orientation distribution in Fig. 6(a)~(d), and this also confirms that the subgrains
generated by the dislocation accumulation have a limited effect on the grain orientation
distribution of all grains. A small number of deformation twins have a negligible effect on the

overall distribution results of grain orientation. The significant distribution difference in Fig.
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Fig. 6. (100) PFs of microstructures of the fine-/ultrafine-grained specimen at different

undeformed

strains: (a) undeformed, (b) €=0.1, (c) €=0.2, (d) €=0.3, (e) ¢=0.4.

Combined with the microstructural evolution based on EBSD-IPFs and EBSD-PFs, the
dislocation accumulation needs to be explicitly elaborated to explore the distribution of plastic
deformation between and in grains. Fig. 7 illustrates the kernel average misorientation (KAM)
distribution of the fine-/ultrafine-grained specimen at different strains. The KAM values of
undeformed specimen near GBs are low and negligible. Different KAM values are represented
by different colours in the figure, blue for the lowest value (0°) and red for the highest (5°). It
can be seen that the red area maintains increasing with strain, which implies that the KAM is

increasing moderately. It is also noted that the KAM values near the GBs are generally higher.
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Due to the close relationship between KAM and GNDs, GND density can be calculated based
on the KAM with the following equation [51, 52]:

2HKAM

Penp = 1ib (1)

where p.,, 1s the GND density; 6,,,, represents the local misorientation in the KAM maps [51];

b=0.25 nm is the magnitude of the Burgers vector [22]; u=kl is the kernel size [53], where k is
the defined nearest neighbour and / is the scan step [54]. Thus, the KAM maps can directly
present the distribution of GND density. Consequently, the red colour area means that the GND
density is higher, where the dislocation pile-up is more significant.

Furthermore, severe lattice distortions are produced near the GBs due to the large number
of dislocations pile-up in Fig. 7(d) and (e), resulting in an unclear display of the KAM values
here. Combined with the trend of dislocation distribution near GBs in Fig. 7(a)~(d), these
unidentifiable regions due to lattice distortion should have higher KAM values. However, they
are regarded as regions with lower KAM values, which introduces some errors in the statistics.
These unidentifiable regions are exactly the locations of subgrain distribution generated by the

higher GND density in Fig. 5(d) and (e).

10 pm undeformed

50

# Unidéntifiable regions

00

Fig. 7. KAM maps of microstructures of the fine-/ultrafine-grained specimen at different

strains: (a) undeformed, (b) €=0.1, (c) €=0.2, (d) £=0.3, (e) ¢=0.4.
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4. Discussion and analysis
4.1 Distribution of misorientation angle

Since GBs become the main dislocation sources and sinks when the grains are smaller than
the critical size [33, 37], their distribution and type frequency directly affect the activation of
plastic deformation mechanisms. The deformation twins generated at large strains also
introduce new boundaries in Fig. 5, which dynamically reduces the average grain size.
Meanwhile, based on the EBSD-IPFs, the subgrain generation due to dislocation accumulation
can further induce the generation of new boundaries [55, 56]. Although these boundaries are
almost low angle grain boundaries (LAGBs), they can affect the distribution of the
misorientation angle and also contribute to the reduction in grain size. All these factors can
enhance the strain hardening and delay the appearance of microcracks.

Fig. 8 illustrates the distribution of misorientation angles calculated based on the EBSD

data. Here, the nearly perfect misorientation angle of ~60° indicates the typical » 3{111}

coherent twin boundaries. It can be noticed that the LAGBs increase while the twin boundary
fraction gradually decreases with increasing strain, which seems to contradict the previous
conclusions [40, 57]. To elucidate the potential reasons leading to this phenomenon, the
evolution of the deformation twin boundary fraction is presented in Fig. 8(b) based on the
previous self-developed code [40] characterizing the ratio of pixel size for the corresponding
colours of the GBs and twin boundaries in the overlapping EBSD maps. It is worth noting that
the results here exclude the annealing twin boundaries in the undeformed state, so they are able
to directly elucidate the evolution of deformation twins. However, the appearance of
deformation twin boundaries is not detected before €=0.2, implying that dislocation slip
dominates plasticity in this stage. With increasing strain, the deformation twin boundary
fraction decreased from 2.0% at €=0.2 to 1.2% at €=0.4. However, the deformation twin

boundary fraction increased from 2.1% at €=0.2 to 16.9% at fracture in the TWIP steel with an
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average grain size d=10.5 pm [40]. On the one hand, as the plastic deformation continues, the
GND density near the GBs increases, resulting in the lattice orientation mismatch here, which
further promotes the formation of subgrains [55] and new boundaries, thus greatly enhancing
the LAGBs fraction [11]. On the other hand, the rapid accumulation of dislocations induced by
plastic deformation in the fine-/ultrafine-grained TWIP steels increases the back stress on the
dislocation in the slip plane [58]. The higher back stress narrows the width of stacking faults,
facilitates the cross slip of dislocations, and reduces the interactions between partial dislocations
required for mechanical twinning, which inhibits twinning [33]. Indeed, this conclusion is
confirmed by the fact that lamellar deformation twins with significant thicknesses are found in

only a few fine grains in Fig. 5. This is another key factor for the reduction of the deformation

twin boundary fraction.
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Fig. 8. (a) The distribution of misorientation angle in the test. (b) Comparison of deformation
twin boundary fractions between the fine-/ultrafine-grained (this work) and coarse-grained
[40] TWIP steels at different strains.

4.2 Evolution of typical features

It is well-known that the SPD can effectively reduce grain size without changing the alloy
composition [43, 45, 59-61]. To explore the deformation behaviour of grain interior, the IPFs
of the Set 1~Set 4 selected at different strains in Fig. 5 are exhibited in Fig. 9, where Set 1~Set

3 are mainly composed of fine grains and Set 4 is filled with ultrafine grains. It is clear that the
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micromechanical behaviour of the grain interior is affected by the grain orientation. Specifically,
no mechanical twins are observed in Set 1 and Set 4 during all deformation stages, whereas
obvious deformation twins are observed in Set 2 and Set 3 with different orientations. As a
result, the average grain sizes of Set 2 and Set 3 are dynamically reduced due to the partitioning
of the deformation twins. Also, the average grain sizes of Set 1 and Set 4, where plastic
deformation is dominated by slip, are also reduced due to subgrains generation in Fig. 9(e).
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Fig. 9. IPFs of different grain sets in the in-situ EBSD tensile test under uniaxial tensile: (a)
Set 1, (b) Set 2, (c) Set 3 and (d) Set 4 marked in Fig. 5. (e) Variation of the average grain size
with strain for Set 1-Set 4.

Carefully, it should be noticed that the several grains marked in Fig. 9(a), in Set 1 at £€=0.3,
grain A3 is broken into two grains along the loading direction. Obviously, the newly generated
grain A4 has a different orientation from the grain A3. As the strain increases to 0.4, many
subgrains are produced to coordinate the larger deformation. In contrast, in Set 2 of Fig. 9(b),
the new twins further refine the grain B1, and the angle between the twin B2 and the loading

direction is ~45°, which is consistent with the direction of maximum shear stress. This looks
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different from the angle between the twin C3 and the loading direction is ~75° in Fig. 9(c),
where the matrix grain C1 is close to the grain orientation of the neighbouring grain C2.
Unexpectedly, the twin does not appear in grain C2, but a new boundary is generated,
suggesting that the nucleation of twins may be related to local stresses [14, 24] in addition to
grain orientation. For Set 4, when the strain increases to 0.4, all grains are elongated while local
grains clearly rotated, e.g. grains D1 and D2. Also, some grains are broken from one grain into
two grains, e.g. grains D9 and D10 are separated from grain D4 and D8, respectively. In this
respect, it is similar to the deformation behaviour of Set 1.

To further elucidate the dislocation activity of different grains, the KAM distributions of
Set 1~Set 4 are presented in Fig. 10. The different grain sets indicate that the KAM values
increase with strain and their distribution is very heterogeneous, mainly concentrated near GB
and some subgrains. As shown in Fig. 10(a), the KAM values are larger at the grain edges,
implying a higher GND density here when £=0.4. Therefore, the local lattice of these grains
may actively rotate here due to GNDs pile-up [50], eventually leading to the formation of
subgrains R1 and R2. However, the KAM values near the twin boundaries in Fig. 10(b) are not
high, whereas they are higher in Fig. 10 (c). Meanwhile, the GNDs gathered near the twins and
grain boundaries in Fig. 10(b), suggests that the growth of deformation twins can relieve the
local stresses to further promote dislocation multiplication [28, 40]. The high KAM near the
newly generated boundary in Fig. 10(c) suggests that the aggregation of GNDs allows the grain
C2 to rotate locally, thus contributing to the generation of new boundaries [50].

For Set 4 composed of ultrafine grains in Fig. 10(d), GNDs are mainly concentrated near
the GBs due to the limitation of grain size. The difference is the newly generated grain D10 has
a higher GND density while grain D9 does not. Grain D10 separated from grain D8 reveals that
high GND density can induce the generation of subgrains even in the ultrafine grains. The grains

D9 may be partially lattice rotation due to tensile deformation resulting in separation of the
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grains D4. The statistical results of the KAM distributions of all four grain sets are shown in
Fig. 10(e), where they are more dispersed and less frequency different as the strain increases.
Meanwhile, the peaks of their distribution move to a higher value, indicating an increase in the

average KAM values of the grain sets.
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Twin bou

ndary =3
£=0.1
e=0.2
e=0.3
£=0.4

Twin boundary

>
. V 4

Fig. 10. KAM distributions of different sets in the in-situ EBSD tensile test: (a) Set 1, (b) Set
2, (c) Set 3 and (d) Set 4, where circles indicate higher KAM values. (e) Statistics of KAM
distribution of Set 1~Set 4.

4.3 Evolution of GND density

Based on the average KAM values of all grains in Fig. 7 and Set 1~Set 4 in Fig. 10, the
results are shown in Fig. 11(a). The difference in the KAM maps of Set 1~Set 4 reveals that the
average KAM values are regulated by the microstructures induced by different deformation
mechanisms [52, 57]. Obviously, the average KAM values of Set 2 and Set 3 with twinning-
mediated plasticity are lower than those of Set 1 and Set 4 with slip-dominated plasticity, and
the average KAM value of Set 2 is the lowest while that of Set 1 is the highest, which is

attributed to the dislocation pile-up promoting the formation of subgrains in Set 1, further
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hindering dislocation motion [55] and resulting in an increase in KAM values. In contrast, Set
2, which relies on twinning to relieve local stress concentration, presents low KAM values in
the twinned region. Indeed, both subgrains generated by dislocation slip and twin boundaries
introduced by twinning reduced the local grain size, thus exacerbating dislocation pile-up near
boundaries to enhance strain hardening.

It is widely expected that the poor plasticity of nano/ultrafine-grained metals is usually
due to the limited strain hardening capability in the ultrafine and complicated deformation
microstructure with highly stored dislocations where it is difficult to introduce more
dislocations [62]. Therefore, it is crucial to explore the evolution of dislocation density to
further improve the material strength and ductility. Eq. (1) reveals the relationship between
KAM and GND density, which is an important basis for microstructural deformation
inhomogeneity. The GND density can be calculated based on Eq. (1) and the results are shown
in Fig. 11(b). Meanwhile, the GND density can be estimated using the typical Ashby’s model
[63]. Considering the effect of deformation twins on the MFP of dislocations, Ashby’s model

can be modified using the following equation [22]:

~£(1,_F
Paro = 4b[d ’ 29(1—F)j @)

where ¢ is the macroscopic plastic strain, b is the magnitude of the Burgers vector and d denotes
the average grain size. ' and e are the volume fraction and the mean thickness of the
deformation twins [22, 64].

In fact, twin boundaries and GBs have been considered when calculating grain size based

on EBSD-IPFs. Therefore, p.,, 1s estimated based on the average grain size in real time. The
estimated pg,, 1s compared with the measured results in Fig. 11(b). Due to the smaller average
grain size of Set 4 in Fig. 9(d), the estimated p,,, is higher compared to the others. However,

the average grain sizes of Set 1~Set 3 are larger while the activation of different deformation
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mechanisms in the grains results in larger differences in GND density, so the error between their

estimated and measured p,, of all grains is larger. Carefully, it can be noticed that the
measured pg,, is slightly higher than the estimated ones, which may be attributed to the

microstructure inhomogeneity promoting the GND density in the test [13].
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Fig. 11. (a) The average KAM and (b) GND density of all grains and Set 1~Set 4. The
average grain size of all grains and the evaluated GND density based on the modified Ashby's
model are included in (b).

4.4 Evolution of dislocation and stacking fault

The average KAM of Set 1 is slightly lower than that of Set 4 when undeformed, whereas
the average KAM of Set 1 is slightly higher than that of Set 4 at e=0.1 and remains until fracture
in Fig. 11, which suggests that the activated deformation mechanisms may be different for fine
and ultrafine grains at initial deformation. Also, there is no significant lamellar twin in ultrafine
grains during the overall deformation stages. To further reveal the inherent reasons for these
phenomena, more critical observations based on TEM are needed [65]. Hence, specimens with
different pre-strains were obtained by utilizing interrupted strain tests and their microstructures
were characterised by TEM to elucidate the microstructural evolution during strain hardening.

Annealing twins can be seen in the bright field (BF)-TEM image of the undeformed
specimen in Fig. 12(a) and the selected area electron diffraction (SAED) patterns in Fig. 12(b).

Meanwhile, there are no obvious defects in the ultrafine grain in Fig. 12(c) and the regular
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arrangement of atoms on both sides of the GB can be clearly seen by high resolution
transmission electron microscopy (HRTEM) in Fig. 12(d), and no obvious defects or second
phase particles are observed here. As the strain increases to 0.1, a large number of dislocations
are activated and dislocation walls are formed in the fine grain with a grain size of 2.1 pm in
Fig. 12(e). Due to the activation of different slip systems and their interaction, an angle of ~60°
is presented. In Fig. 12(f), dislocations are activated in the ultrafine grain with a grain size of
0.85 um but no obvious dislocation substructure appears. The reduction of grain size can elevate
the CRSS for slip, slip thus is preferentially activated in the fine grains at the same local stress.
The HRTEM image in Fig. 12(g) indicates that more stacking faults are formed near the GBs
due to the activation of Shockley partial dislocation, which is confirmed by the results of SAED

pattern in Fig. 12(h).

200 nm 5 nm

Disloc€ation tangle

Dislocation walls

5nm.  Stacking fault

Fig. 12. Representative microstructures and defects in fine-/ultrafine-grained specimens. (a)

Annealing twins and (b) SAED patterns, (c) ultrafine grain with a grain size of 0.69 um and
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(d) HRTEM image near GBs of the undeformed specimen. Dislocation substructures in (e) the
fine grain with a grain size of 2.1 pm and (f) the ultrafine grain with a grain size of 0.85 um,
(g) stacking faults near GBs and (h) corresponding SAED pattern of the specimen deformed
to €=0.1. Dislocation substructures in (i) fine and (j) ultrafine grains, (k) stacking faults near

GBs of the specimen deformed to £€=0.2, (1) HRTEM image of the local area in (k).
When the strain increases to 0.2, more dislocations are activated and the interactions
between dislocations successively form dislocation cells and cell structures as demonstrated in

Fig. 12(i). Due to the grain size limitation, several dislocation walls and dislocation tangles

appear in ultrafine grains in Fig. 12(j). Meanwhile, dislocations pile-up near the GBs due to the

blocking effect of GBs, which further enhances strain hardening. More stacking faults are
formed near the GBs that act as the sources of dislocation emission in Fig. 12(1). When £=0.3
in Fig. 13(a), many deformation twins appear in fine grains. It is accepted that stacking faults
can contribute to the generation of twins. Shockley partial dislocations were emitted and formed
the stacking fault near GBs [37, 65], and the nucleation of deformation twins was further
facilitated by more partial dislocations moving near the stacking fault [66]. It is also commonly
believed that deformation twins in alloys are nucleated by the dissociation of pre-existing
dislocations into partial dislocations, which can form multi-layered stacking faults. All require

the glide of partial dislocations with Burgers vector of a/6 [112] on success {111} planes [28].

Moreover, the twin boundaries are barriers to dislocation motion, which promotes dislocation-
twin interactions and the formation of dislocation cells and dislocation walls between the twin
lamellas, as shown in Fig. 13(b). Meanwhile, in Fig. 13(c), many stacking faults (L3) are found
in the matrix grains according to the HRTEM image, and some of these stacking faults develop
into twins (L2) due to the aggregation of partial dislocations, which can be named as nano-
twins because they are very thin [67, 68] and the thickness is only ~5 nm. In addition, the SAED

patterns in the local area (L4) reveal that the interaction of the stacking faults can form the
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Lomer-Cottrell locks (LCs) [69, 70], which act as a strong obstacle for further dislocation

motion on two (111)-type slip planes and thus enhancing strain hardening.
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Fig. 13. Representative microstructures and defects in fine-/ultrafine-grained specimens
deformed from €=0.3 to fracture. (a) Layered deformation twins, (b) dislocation substructures
generated by the interaction of dislocations, deformation twins and GBs, (c) Matrix (L1),
nano-twins (L2) and stacking faults (L3) formed by the accumulation of Shockley partial
dislocations near GB and LCs (L4) generated by stacking faults interactions when €=0.3. (d)
Interaction of primary and secondary twins, (e) dislocation substructures and subgrains, (f)
developing stacking faults and (g) growing nano-twins and their HRTEM images at €=0.4. (h)
BF-TEM image of microstructures and (i) intertwining of twin bundles and dislocation
substructures, (j) HRTEM images of stacking faults and nano-twins of fractured specimens.

Twin nucleation near GBs may become more frequent with increasing strain. Meanwhile,
the different degree of the motion of twinning partial dislocations suggests a different degree
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of growth kinetics of deformation twins depending upon the local stresses [65]. In this work,
the nucleation and development of LCs and nano-twins suggest that GBs can continuously emit
several Shockley partial dislocations [41]. Generally, Shockley partial dislocations move in an
inclined twin confined between a precipitate and a stacking fault, thereby leading to the growth

of the deformation twin [65]. Meanwhile, the SFE (7 =27.8 mJ/m?) is calculated from the

thermodynamic model [17], which permits a dislocation to be dissociated into two Shockley
partial dislocations, leading and trailing, with a stacking fault between them [2]. This further
elucidates the underlying reason for the appearance of stacking faults and nano-twins near the
GB in Fig. 13(c). The strain increases to 0.4, different twin systems are activated to interact
with primary twins in fine grains in Fig. 13(d), and the angle between the primary and secondary
twins is approximately 70°. In some grains, subgrain formation is induced by the development
of dislocation cells and cell structures [4, 55] (Fig. 13(e)). For ultrafine grains, the stacking
faults are activated to form LCs with ~70° angle in Fig. 13(f) and previous stacking faults grow
into nano-twins, resulting in an increased number of nano-twins and orderly distribution in the
grains as shown in Fig. 13(g).

As the grain size decreases to ultrafine grain scale, the GB-mediated plastic deformation
mechanism becomes active [2], which is confirmed in the BF-TEM images of the
microstructure at the fracture. In Fig. 13(h), it can be seen that the deformation twins are densely
distributed and intertwined in fine grains, and the GBs become fuzzy due to high local stresses
caused by the dislocation pile-up. The interactions between dislocation walls, dislocation cells
and deformation twins are more prominent. Fig. 13(h) demonstrates the formation of twin
bundles, where the lamella-by-lamella twins are developed by the embedded stacking faults.
The dislocation substructures are more pronounced, which facilitates subgrains generation and
grain rotation, resulting in further grain refinement. This is consistent with the finding that the

frequency of LAGBs found in the in-situ EBSD test increases at higher strains in Fig. 8.
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Meanwhile, the HRTEM images and SAED patterns of ultrafine grains in Fig. 13(j) reveal the
development of stacking faults and growth of nano-twins, suggesting that stacking faults and
nano-twins play an important strengthening and toughening role during plastic deformation.

Interrupted strain experiments and TEM characterisation reveal that stacking faults and
deformation twins are intimately related to GBs. Dislocations are preferentially activated in fine
grains, and ultrafine grains require higher local stresses to activate slip due to the elevated CRSS
for slip. With increasing strain, stacking faults and nano-twins in ultrafine grains mediate plastic
deformation while dislocation and their substructures and laminar deformation twins in fine
grains dominate plastic deformation. It is also elaborated that deformation twins and stacking
faults reduce the MFP of dislocations, which exacerbates the subsequent dislocation-twin and
twin-twin interactions, resulting in intertwined dislocation substructures interacting with
stacking fault substructures, thus enhancing strain hardening. Notably, LCs and nano-twins are
found in this investigation to enhance strain hardening as well. Coherent twin boundaries serve
as an important location for deformation localisation in the grain, while misorientation and high
strain gradients can occur nearby [71], which is likely to be a precursor for crack initiation.
5. Deformation mechanisms of the fine-/ultrafine-grained TWIP steels

The deformation mode may be influenced by grain orientation and local stress variations
at the grain scale [24] in addition to grain size [2]. Under low strain levels, the activation of slip
and twinning is regulated by the respective critical shear stress. Therefore, the fact that the fine-
/ultrafine-grained TWIP steel exhibits a higher strain hardening rate in Fig. 3 may be intimately
related to the grain size (Hall-Petch effect) altering the CRSS for slip and twinning [2].
Although, the CRSS for twinning can be obtained in several methods [24, 72, 73], here, the
higher shear stress for twinning can promote twin nucleation and growth, and the shear stresses
required to activate deformation twins include the stresses that activate the source of Frank-

Read dislocation and the separation of partial dislocation to form a stacking fault [24]. On the
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other hand, these stacking faults can be regarded as nano-twins of one atomic layer thickness.
These nano-twins may nucleate at stacking faults in a heterogeneous or random manner and
grow via Shockley partial dislocations [74]. Deformation twins are associated with the motion
of Shockley partial dislocations that are side-by-side along the stacking faults in the successive

{111} -type slip planes. Thus, the CRSS for twinning can be given by the following:

c Vsee bp
= +—" 3
Ttwmnlng b d ( )

p

where 7., 1 the CRSS for twinning. bp = \/§b/ 3 is the magnitude of the Burgers vector of
Shockley partial dislocation. G=62 GPa is the shear modulus. g is the SFE. It is notable that

the higher y4 and smaller grain size make twin nucleation and growth more difficult, which

is a crucial factor why significant lamellar twins can be observed in the fine grains but not in
the ultrafine grains in Fig. 9.

Meanwhile, the CRSS for slip can be calculated by the following [74]:

0
¢ _ Oys

Tolip = V (4)

where 75, is the CRSS for slip. M is the Taylor orientation factor. oy is the yield strength of

slip
single crystal, which can be estimated by the equation [51, 74]:

Kip

Jd

where o, is the polycrystalline yield stress that is usually obtained directly by mechanical

)

0 _
Oys = Oys —

experiments. K, is the Hall-Petch slope and d is the grain size. Meanwhile, Fig. 14(a) shows

the distribution of Schmid factors at different strains calculated based on the EBSD data. The
average Schmid factors for both dislocation slip and deformation twinning slightly decrease
with increasing strain, which may be related to the grain refinement and local lattice rotation.
At yielding, the average Taylor factor M=1/ms in Eq. (4) and ms=0.439 is considered as the

average Schmid factor for slip at undeformed. Based on Egs. (3) and (4), the CRSS for slip and
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twinning at yielding are calculated, as demonstrated in Fig. 14(b). Grain refinement elevates
the CRSS of the polycrystals, which is consistent with previously reported results [24], such
that at yielding, the CRSS for slip is significantly lower than that for twinning, and thus slip is
preferentially activated, which is consistent with the experimental result in Figs. 5 and 8 where
deformation twins are not observed until €=0.2.
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Fig. 14. (a) The distribution of Schmid factors at different strains. (b) Critical shear stresses
for slip and twinning of single crystal and polycrystals at yielding.

In Table 2, comparing the Euler angles and maximum Schmid factors (ms and m¢) before
and after deformation of the grains in Set 1~Set 4, it can be indicated that grains do rotate during
the deformation process. The rotation angles () of these grains are all less than 10° when €=0.3.
It can be found that ms is larger than m in grains A1-A3, and m is slightly larger than ms only
in the generated grain A4 in Set 1 at €=0.3, but there is no twin in grain A4. Furthermore, only
grain A3 has no change in the active slip system (S1) and twinning system (T2) before and after
the deformation and has the smallest rotation angle in Set 1, 8.08°. In contrast, in grain B1,
although there is no change in the active slip system (S7) and twinning system (T12), m
increases from 0.43 at undeformed to 0.46 at €=0.3 due to the grain B1 rotation (8.55°), whereas
there is no significant change in ms. For grains C1 and C2, ms and m; are the same at undeformed
(0.46 and 0.44, respectively). However, ms is greater than my in grain C2 at £=0.3, while m; is
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greater than ms in grain C1, so that grain C1 favours twinning while grain C2 may be slip-
dominated under the same local stress. Meanwhile, slip makes the rotation angle of grain C2
(5.44°) smaller than that of C1 (7.74°). Thus, the twin C3 appears in grain C1. In Set 4, different
grains rotate during plastic deformation. The absence of twins in grains D4, D6 and D7 with my
larger than ms may be due to the smaller grain size, which makes twin activation more difficult,
directly suggesting that the competition between twinning and slip is related to the grain size.
In addition, the active slip and twinning systems are changed only in grain D4 at £¢=0.3, and
grain D9 separated from grain D4 has the same active slip and twinning systems as grain D4
before deformation.

Table 2. Variation of Euler angles and the corresponding maximum Schmid factors from
undeformed to €=0.3 in Fig. 9. Where 6 denotes the grain rotation angle. S1-S12 and T1-T12

denote 12 slip systems and 12 twin systems, respectively (details in Appendix A)

Grain set Grain number undeformed 0.3 6 ()

010 4 92(°) ms m 91 ¢ p2(0 mg my

Al 305.22 22.77 28.89 0.44/S4 0.42/T6 287.83 28.2244.24 0.42/S1 0.42/T3 8.17
A2 306.25 23.60 28.40 0.44/S4 0.42/T6 295.96 26.4239.73 0.45/S1 0.38/T3 8.73

Setl A3 73.43 31.8049.77 0.45/S1 0.41/T2 80.61 31.4544.10 0.43/S1 0.39/T2 8.08
A4 90.34 30.08 42.11 0.36/S8 0.37/T12 --
B1 116.96 43.23 34.50 0.41/S7 0.43/T12 113.55 42.64 29.05 0.41/S7 0.46/T12 8.55
Set 2 B2 300.05 7.38 58.60 0.44/S1 0.47/T2 Twin
Cl 293.60 13.26 29.79 0.46/S4 0.46/T6 284.91 19.11 36.38 0.41/S4 0.42/T6 7.74
Set 3 C2 30.21 10.06 32.76 0.44/S12 0.44/T5 25.01 8.81 35.22 0.44/S12 0.43/T5 5.44
C3 190.61 43.02 84.21 0.43/S10 0.48/T8 Twin
D1 210.59 16.62 68.27 0.48/S10 0.42/T9 207.85 14.54 70.65 0.48/S10 0.43/T9 4.82
D2 37.65 31.6023.92 0.46/S12 0.45/T7 46.65 32.81 14.81 0.49/S12 0.47/T7 9.71
D3 207.9517.0270.51 0.48/S10 0.41/T9 193.01 14.32 86.95 0.48/S10 0.42/T9 2.89
D4 289.83 48.3749.12 0.36/S1 0.40/T3 289.33 46.0543.22 0.36/S4 0.39/T6 4.19
Set 4 D5 204.01 17.06 74.79 0.48/S10 0.41/T9 201.92 15.4073.62 0.47/S10 0.41/T9 6.72
D6 249.87 6.37 87.79 0.49/S1 0.50/T2 267.53 8.48 69.31 0.49/S1 0.50/T2 5.77
D7 38.58 42.5267.41 0.46/S1 0.49/T2 31.75 44.7377.64 0.44/S1 0.50/T2 9.44
D8 119.33 33.99 36.98 0.42/S10 0.38/T9 115.87 31.07 40.68 0.44/S10 0.39/T9 5.61
D9 287.5342.3345.36 0.36/S1 0.37/T3 -

To further investigate the activation of slip and twinning, the resolved shear stresses for

slip and twinning are calculated at yielding and €=0.1, and the results are displayed in Fig. 15,
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where only slip is activated at yielding due to the resolved shear stress for twinning being less

c

than z, aip and 7. are calculated based on the average grain size of the material. At

twinning * 2

€=0.1, the resolved shear stresses for twinning of grains B1 and C1 are greater than those of

c

slip and they also exceed 7y, » resulting in the twin activation, which is confirmed by the

subsequent results based on the EBSD-IPFs and BF-TEM images. Whereas in grains D4, D6
and D7 although the resolved shear stresses for twinning is greater than the slip one, the
enhanced back stress due to dislocations pile-up results in weakening the interaction of
Shockley partial dislocations, which affects the expansion of the stacking faults. Furthermore,
the LCs observed in HRTEM images also inhibit the development of stacking faults into twins,

so that no visible lamellar twins are observed in the ultrafine grains, only nano-twins.
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Fig. 15. The resolved shear stresses for slip and twinning of grains A1~D8 at yielding and
e=0.1.

Grain refinement has been reported to retard mechanical twinning by increasing the CRSS
for twinning in TWIP steels [24]. Microscopically, the competition between twinning and
dislocation slip is also affected by grain orientation and local stress. Therefore, to elucidate the
effect of grain orientation on slip and twinning, IPFs of Set 1~Set 4 at different strains are shown
in Fig. 16. It can be determined that the plastic deformation of the main three grains of Set 1 in

Fig. 16(a) is dominated by dislocation slip, and the dispersion of grain orientation in IPFs with
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increasing strain suggests that the accumulation of dislocations promotes the lattice rotation to
regulate the strain distribution in the grains and further coordinate intergranular strains and
stresses. In contrast, Set 2 in Fig. 16(b) mainly generates deformation twins to release local
stresses, and the twinned matrix grain Bl is orientated close to <111>//TA direction, as reported
earlier [2, 24]. A slightly dispersed distribution of grain orientation is also exhibited, which may
be attributed to the accumulation of GNDs. In Fig. 16(c), twin C3 appears in grain C1, while
dislocation slip is dominant in grain C2. Also, different modes are activated for grains with
different orientations in Set 1~Set 3. However, in Fig. 16(d), for the grains in Set 4, even close
to the <111> direction, no obvious deformation twins are produced, which may be due to the
grain size regulating the activation of the deformation modes and influencing the subsequent
interactions between the dislocation substructures and the stacking fault substructures. Indeed,

the nano-twins are present in the ultrafine grains at larger strains in the HRTEM images.
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Fig. 16. Grain orientation of (a) Set 1, (b) Set 2, (c) Set 3 and (d) Set 4 along the RD//TA

direction at different strains.
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It is well-known that grain orientation is crucial for the activation of the deformation
mechanism [1, 2]. The grain orientation dependence of dislocations and stacking fault was
analysed in many reports [2, 24, 75]. The relationship between grain orientation and the Schmid
factor for leading (mcp) and trailing (mrp) partial dislocations is displayed in Fig. 17(a), which
suggests that the formation of stacking fault is favoured when the Schmid factor for the leading
partial dislocations (mrp) is larger than that of trailing partial dislocation (mrtp) [2, 75].
Meanwhile, a comparison of the Schmid factors for twinning (m¢) and perfect dislocation slip
(ms) in Fig. 17(b) reveals that m¢>ms in grain orientations close to the <111> and <101>
directions, which favours the activation of twinning, as confirmed by the experimental results
in Fig. 16. Based on Fig. 17(a) and (b), Fig. 17(c) can be obtained, and the preferred activation
mechanism in different grain orientations is revealed by comparing the Schmid factors in the
IPFs, where the orientation domains of mip>ms imply that the twins are easily activated,
whereas slip is more preferred to dominate in orientation domains of mrp>mrp.
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0.4
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Fig. 17. Distribution of Schmid factors affected by grain orientation in IPFs for (a) leading

(mrp) and trailing (mrp) partial dislocations, (b) perfect dislocation slip (ms) and twinning
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(my), and (c) mrp, ms and mrp. (d) Deformation mechanisms of different grains in fine-
/ultrafine-grained specimens. Where A and B denote fine grains of different grain orientation
types in (c).

Nevertheless, dislocations and dislocation substructures dominate plasticity in ms>mrp and
mtp>mep types oriented grains [2]. Therefore, based on the plastic deformation of the fine-
/ultrafine-grained specimens, fine grains A (m¢ms) and B (ms>m;) and ultrafine grain are
selected to explore the microstructural evolution from initial deformation to fracture,
respectively, as shown in Fig. 17(d). At initial deformation, the fine grains are predominantly
dislocation-activated to form several dislocation substructures while the ultrafine grain appears
clear stacking faults. With the increase of strain, the twins and dislocation cells in grain A are
activated while dislocation slip dominates plasticity in grain B to successively form dislocation
walls, dislocation cells and a few nano-twins. Meanwhile, the ordered arrangement of GNDs in
grain B similar to grain C2 in Fig. 9(c) promotes the formation of new boundaries, resulting in
the generation of subgrains. Grain A illustrates secondary twins and the interaction with primary
twins with increasing strain. In ultrafine grains, there are fewer dislocation cells, but special
LCs are formed by the interaction of stacking faults, while the overlapping of stacking faults
near GBs generates nano-twins, which may be an essential factor for enhancing strain hardening
in fine-/ultrafine-grained TWIP steels.

Based on the above analysis, the plastic deformation of the TWIP steels is not only affected
by grain size, but also by grain orientation and local stress. Grain refinement can increase the
CRSS for slip and twinning. Meanwhile, multiple mechanisms often interact and contribute to
strain hardening, and induce abundant microstructures associated with dislocations and stacking
faults, such as dislocation cells, dislocation walls, cell structures, stacking faults, nano-twins,
laminar twins and their intertwining, resulting in synergistic effects on the strength and

plasticity of the fine-/ultrafine-grained TWIP steels.
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6. Conclusions

In this work, the intrinsic co-relation between microstructure and mechanical behaviour of
fine-/ultrafine-grained TWIP steels was explored by utilizing the in-situ EBSD uniaxial tensile
tests and TEM characterisation of the interrupted strain specimens. The activation and evolution
of dislocations, stacking faults and their associated substructures were analysed by combining
IPFs, PFs, BF-TEM and HRTEM images. The underlying deformation mechanisms of fine and
ultrafine grains affected by grain size and grain orientation were elucidated. The main findings
are summarized as follows:

(1) The fine-/ultrafine-grained TWIP steels were prepared by rolling and stress-relief
annealing. Their higher strain hardening rates and excellent mechanical properties with the PSE
increasing to ~71 GPa-% are attributed to the abundant microstructures and their interactions
in fine and ultrafine grains during plastic deformation, including dislocations and associated
dislocation cells, dislocation walls and dislocation tangles, stacking faults and associated LCs,
nano-twins, and the intertwining of primary and secondary twins.

(2) The increase in GND density can be well estimated by the modified Ashby’s model.
The GND density is lower in grains with twin-mediated plasticity compared to grains with slip-
dominated plasticity. The higher GND density favours local lattice rotation, which can facilitate
the generation of subgrains and new boundaries. This directly results in an increase in LAGBs
frequency and a decrease in deformation twin boundary fraction during deformation.
Meanwhile, the generated boundaries including subgrain boundaries and twin boundaries can
promote grain refinement to reduce the MFP of dislocations, thus enhancing strain hardening.

(3) TEM characterisation reveals that dislocation is preferentially activated and
subsequently dominates plasticity in fine grains while stacking fault is more pronounced in
ultrafine grains during the initial deformation. With increasing strain, some obvious laminar

primary and secondary twins are generated in fine grains, which are intertwined with each other,
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while obvious LCs are found in the ultrafine grains, and nano-twins are formed by the
overlapping of stacking faults at higher strains, which can further enhance strain hardening.
(4) The competition and synergy between dislocation slip and deformation twinning are
not only affected by grain orientation, but also controlled by the grain size and local stress. By
comparing the distribution of Schmid factors for leading and trailing partial dislocations, perfect
dislocation slip and twinning in IPFs, it is elucidated that the <111> and <101> directions are
favourable for twinning while <001> direction is beneficial for slip. Furthermore, the resolved
shear stresses for slip and twinning are calculated based on Schmid factors, suggesting that
twinning is strongly inhibited in ultrafine grains. Also, the microstructural evolution reveals

more stacking faults and nano-twins, but fewer dislocation cells in ultrafine grains.
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Appendix A: The slip and twin systems of TWIP steels with fine and ultrafine grains

Table A1. The main slip systems of TWIP steel in this work.

No. Slip plane Slip direction No. Slip plane Slip direction
S1 (111) [-110] S7 (1-11) [10-1]
S2 (111) [10-1] S8 (1-11) [011]
S3 (111 [0-11] S9 (1-11) [110]
S4 -111) [101] S10 (11-1) [-110]
S5 -111 [110] S11 (11-1) [101]
S6 -111 [0-11] S12 (11-1) [011]

Table A2. The main twin systems of TWIP steel in this work.

No. Twin plane Twin direction No. Twin plane Twin direction
T1 111 [11-2] T7 -1-11) [112]
T2 111 [-211] T8 (-1-11) [2-11]
T3 111 [1-21] T9 (-1-11) [-121]
T4 (-111) [211] T10 (1-11) [121]
T5 (-111) [12-1] T11 (1-11) [21-1]
T6 -111) [1-12] T12 (1-11) [-112]
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