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Abstract

Alloy design based on single—principal-element systems has approached its limit for
performance enhancements. A substantial increase in strength up to gigapascal levels
typically causes the premature failure of materials with reduced ductility. Here, we
report a strategy to break this trade-off by controllably introducing high-density ductile
multicomponent intermetallic nanoparticles (MCINPs) in complex alloy systems.

Distinct from the intermetallic-induced embrittlement under conventional wisdom,



such MCINP- strengthened alloys exhibit superior strengths of 1.5 gigapascals and
ductility as high as 50% in tension at ambient temperature. The plastic instability, a
major concern for high- strength materials, can be completely eliminated by generating
a distinctive multistage work-hardening behavior, resulting from pronounced
dislocation activities and deformation-induced microbands. This MCINP strategy

offers a paradigm to develop next-generation materials for structural applications.

High-performance materials with gigapascal strengths and large ductility are
highly desirable for enhancing engineering reliability and energy efficiency, as well as
reducing CO emissions for material production. However, developing advanced
materials with a substantial improvement of both strength and ductility is highly
challenging because of strength and ductility’s mutually exclu- sive relationship (1).
Single-phase alloys usually display a good ductility but relatively low strengths. The
introduction of nanotwins and transformation- induced martensites has shown their
capability of giving a combined increase of strength (2, 3). However, the yield strength
obtained from these approaches remains limited, which is generally insufficient for
structural applications. Second- phase intermetallic compounds (IMCs) provide an
efficient approach for enhancing alloy strengths (4, 5); however, most IMCs with
atomically ordered structures are intrinsically brittle. The gain of gigapascal strengths
by introducing high- density IMCs invariably leads to a reduced resistance to fracture.
The highly reactive elements, such as Al in the Ni3Al intermetallic phase, will also

increase the susceptibility of these inter- metallics to moisture-induced environmental



embrittlement and further lower their tensile ductility (6, 7). Moreover, the
microstructural heterogeneity of IMCs tends to introduce a localized stress-strain
concentration and trigger micro- cracks under loading (8). Consequently, the early onset
of plastic instability leads to a catastrophic failure of these materials.

Conventional alloy design based on single— principal-element alloy systems cannot
break through this thorny dilemma, because of the limited abilities for further
optimizing alloy chem- istries and microstructures. Recently proposed metallurgical
design in multi—principal-element alloy systems offers a promising pathway to al-
leviate these concerns (2, 9—12). Nevertheless, the results obtained so far have been
disappointing at ambient temperatures, at which high-strength ductility enhancement
has not been realized yet. A typical example is the IMC hardening in face- centered
cubic (fcc) high-entropy alloys (HEAs), in which the fcc-HEA matrix with a high work-
hardening capability can suppress crack propa- gation and promote a retention of
ductility only to a limited extent (13—15). Thus, when the yield strength of these alloys
reaches up to 1 GPa, their tensile elongation is reduced substantially, far below what
can be achieved in the freestanding fcc-type HEAs (14).

In this study, we developed an innovative design strategy to eliminate ductility loss
in gigapascal-strength alloys. Our design concept aims to controllably create the ductile
multi- component intermetallic nanoparticles (MCINPs) for coherent strengthening in
the fcc-type HEA systems (Fig. 1A), in which we achieved in situ ductilization with a
nanoscale precipitation of MCINPs by controlling the order-disorder phase

transformation and elemental partition. Such conceptual design enables us not only to



fully exert the strengthening effect of intermetallic nanoparticles but also to maintain a
high work- hardening rate and plastic deformation stability. As a result, our MCINP-
strengthening (MCINPS) alloys have achieved an exceptional strength- ductility
combination without encountering the common problems of early local necking and
limited uniform ductility.

We designed a series of MCINPS alloys, but, because of the page limitation, we
only focus on two model alloys, (FeCoNi)86-Al17Ti7 (Al7Ti7) and (FeCoNi)86-Al8Ti6
(Al8Ti6), to illustrate the proof of concept based on systematic thermodynamic
calculations (fig. S1 and table S1). By highly alloy- ing with Ti and Al additions, we
successfully introduced high-density .12 intermetallic nano- particles in the FeCoNi-
base alloy systems. In this approach, we selected the FeCoNi for the matrix to achieve
a large “FCC+L12” dual-phase region for a dense precipitation. The partial partitioning
of Fe and Co atoms into the L12 phase (table S1) helped to improve the intrinsic
ductility of the L12 intermetallic phase (6, 7). Also, we reduced the propensity for
environmental embrittlement (6, 7) of the alloys by adding Ti to reduce the Al content
in the L12 intermetallic phase (16). These bulk nanocomposited MCINPS alloys were
pre- pared by arc melting and followed by thermo- mechanical treatments. The typical
polycrystalline structures we identified were composed of uni- form equiaxed grains
(about 40~50 mm) (Fig. 1B). Within the grain interior, the near-spherical MCINPs
(about 30~50 nm) were uniformly dis- tributed in the matrix with a high volume frac-
tion up to 50 to 55% (Fig. 1C). We characterized the fcc-L12 dual-phase nanostructures,

as shown in Fig. 1D, with x-ray diffraction (XRD). We detected only a very small



amount (~0.3%) of submicro- meter L21-phase precipitates at grain boundaries (fig.
S2). We conducted electron backscattered diffraction (EBSD), which indicated a
homoge- neous and fully recrystallized microstructure with a random distribution of
various oriented grains in both AI7Ti7 and A18Ti6 alloys (figs. S3 to S5). We found that
the MCINPs were per- fectly coherent with the matrix from transmis- sion electron
microscopy (TEM), selected-area electron diffraction (SAED), high-resolution TEM,
and fast Fourier transformation (Fig. 1E). We de- termined a small lattice mismatch of
the MCINP- matrix interface of ~0.21% for the Al7Ti7 alloy and ~0.16% for AI8Ti6
(fig. S6), dependent on the alloy composition. The small values of the lattice mismatch
effectively enhance the nano- scale stabilization of the MCINPs without any
heterogeneous coarsening (8, 17, 18).

We observed typical microstructural features (Fig. 2A) with a clear elemental
partition be- tween the matrix and MCINPs (Fig. 2, B and C, and table S2). The Ti and
Al atoms occupied the B site of the L12 phases with a close-packed A3B- type crystal
structure. The Ni atoms occupied the A site (18, 19), whereas the Fe and Co atoms could
occupy both sites, depending on the chemical composition (6, 20). It is possible that 2
atomic % (at %) of Fe or Co atoms can enter the B sub- lattice, as the sum of Ti and Al
atoms is only ~23 instead of 25 at % (Fig. 2C and table S2). We performed first-
principles calculations in 80-atom supercells (35 Ni, 7 Al, 11 Ti, 19 Co, and 8 Fe atoms)
on the basis of the atom probe to- mography (APT) compositional analysis. We
constructed two L12-ordered models based on the (Ni35Col7Fe8)(Al7Til11Co2)

composition with 2 at % Co occupying the B sublattice and the



(Ni35Co19Fe6)(Al7Til1Fe2) composition with 2 at % of Fe occupying the B sublattice.
The model with Fe in the B site had a lower formation energy of —0.025 eV atom—1,
supporting that Fe occupies on the B sublattice (fig. S7). Thus, we identified the L12-
type MCINPs as the quinary (Ni43.3C023.7Fe8)3(Ti14.4Al18.6Fe2) phase (Fig. 2D),
which had a major impact on the mechanical response of the present alloys.

Furthermore, we measured the engineering stress-strain curves of our MCINPS
alloys at am- bient temperature (Fig. 3A and table S3). The main concern regarding the
traditional alloy design with a high density of IMCs is severe em- brittlement. Our
MCINPS alloys had a tensile yield strength (sY) as high as 1 GPa and an ultimate tensile
strength (sUTS) of ~1.5 GPa while having a ductility of up to ~50% as the tensile
elongation. The local necking in the Al7Ti7 alloy was sup- pressed, and the strength
was five times higher than that of the single-phase FeCoNi-based alloy (12) (Fig. 3A).
The AI7Ti7 alloy still showed a su- perb work-hardening ability (sSUTS —sY =440 MPa,
sY/sUTS =0.7), even at such a high yield strength in the post-yield region. All of these
ensure a large safety margin against fracture, which is vital for reliability in engineering
applications. The Al17Ti7 alloy has an extremely high value of sSUTS x ELT (72 GPa %)
when compared other high- performance alloys at room temperature (Fig. 3B) (2, 4, 5,
8,11, 13, 14, 19, 21, 22).

We attribute the pronounced increase in yield strengths to the precipitation
hardening by these high-density L12-type MCINPs (16). The superb work-hardening
capacity accounts for the large ductility (Fig. 4). Unlike traditional alloys, our MCINPS

alloys exhibit the distinctive multiple- stage work-hardening behaviors responsible for



different deformation stabilities. Both alloys have a gradual decrease in the work-
hardening rate during the early strain up to 22% because of dislocation-controlled
plastic deformation processes (13). Plastic instability onset generates necking in the
Al8Ti6 alloy upon further straining. The Al7Ti7 alloy, by contrast, has a markedly
different deformation behavior as the work hardening continues at larger strains. The
instantaneous work-hardening exponent n in this stage shows a linear increase with a
high value 0f 0.43 (Fig. 4B), which implies the onset of an additional deformation mode,
en- abling an extended uniform deformation to be sustained.

With the aim of deciphering the origin of the unusual work-hardening behavior of
the Al7Ti7 alloy, we carefully investigated the dynamic evo- lution of deformation
substructures at different strains with TEM (Fig. 4C). At the true strain of ~10%, the
deformation was dominated by the planar slip of dislocations along the {111} pri- mary
slip planes, similar to that observed in most fcc-type alloys (23-25). As the true strain
increases to ~22%, we observed well-developed HDDWs along the primary slip
systems. The formation of these directional dislocation substructures (dislocation arrays
and HDDWs) produced a long-range back stress that makes dislocations in the interwall
space difficult to move through them, leading to an increased work-hardening response
(26-28). Moreover, we observed wavy slips in the interwall space, indicating that the
dislocation cross-slip is effectively activated at this stage. The intensive polyslips of
dislocations are helpful for relieving the stress concentra- tion on the {111} primary
slip planes. Mean- while, the progressive accumulation of these in-directional

dislocations and their mutual in- teractions produced a pronounced forest dislo- cation



hardening, i.e., the short-range effective stress hardening (29-32). We conducted tensile
load-unload-reload tests to further quantify the dynamic evolutions of the work-
hardening re- sponses and associated flow stress partitioning behaviors (fig. S14). We
observed a large increase in short-range effective stress, the strengthen- ing contribution
of which is almost identical to that of the long-range back stress hardening. Therefore,
the high work hardening of the A17Ti7 alloy within this stage originates from both the
back stress hardening and forest dislocation hardening, which enables this alloy to
maintain an unusually higher work-hardening state with- out local necking. By contrast,
as for the true strain of ~22%, the dislocation structure of the AI8Ti6 alloy is mainly
dominated by the planar- slip dislocations along the {111} primary slip planes (fig. S8).
The resultant long-range back stress hardening is comparable to that of the A17Ti7 alloy,
accompanied with a lower increase in effective stress. We ascribe the inferior work-
hardening response of the AI8Ti6 alloy to an in- sufficient effective stress hardening,
leading to a relatively earlier onset of plastic instability.

With the further deformation to the true strain in the range of 28%~38% for the
Al7Ti7 alloy, the main deformation characteristics are deformation-induced
microbands. We detected neither mechanical twinning nor transformation- induced
martensite, which are generally observed in other ductile-disordered alloys (2, 11). We
believe their absence is due to the medium to high stack- ing fault energies of the matrix
alloy (33, 34). More- over, the formation of such high-density MCINPs will greatly
reduce the spacing size of the matrix channel down to a much finer scale of only sev-

eral nanometers, which in turn further increases the resolved stress for twin formation



(35). Under these restrictions, the microbands act as another important deformation
mode to provide an ad- ditional work-hardening source to accommodate the imposed
strain, leading to an exceptional plas- tic stability at the high-strength level. Different
from the shear-bands’ softening effects observed in metallic glasses and nanotwinned
alloys (36, 37), the deformation-induced microbands, similar to the low-angle grain
boundaries (fig. S9), are an important ductilizing mechanism to control the deformation
stability of high-Mn alloys, namely the so-called microband-induced plasticity (MBIP)
effect (38-40). By introducing a high-density MCINP in the Al7Ti7 alloy, we
engineered the MBIP ef- fect into the Mn-free nanostructured alloys. The formation of
these microbands can generate a large increase in back stress hardening (fig. S14D),
which is conducive to maintain the work- hardening capacity in the A17Ti7 alloy for a
continuous and stabilized plastic deformation. Moreover, the grain subdivision and
refinement induced by these dislocation substructures fur- ther contribute to the strength
enhancement be- cause of the dynamic Hall-Petch effect (38, 41). The relatively weaker
microband-forming ability of the AI8Ti6 alloy might be ascribed to its lower dislocation
accumulation in the early stage, in which the internal stress is insufficient to activate
the cross-slip of dislocations as well as the sub- sequent formation of microbands (25,
41-44). Al- though we observed some microbands in the necking region (fig. S15), the
resulting strain hardening in AI8Ti6 comes too late to compen- sate for the decrease of

load-carrying capability caused by the geometric softening.

The coherent strengthening by the L12-type Ni3Al (namely, the g’ phase) has been



extensively investigated in Ni-base superalloys (19). However, most previous Ni3Al
phases are compositionally simple and contain a lower level of ternary ele- ments, and
the resulting superalloys show serious ductility reductions with increasing strengths (fig.
S10). The multicomponent nature associated with the improved intrinsic mechanical
proper- ties of the MCINPs is the structural origin that primarily accounts for the
specific mechanical properties of our MCINPS alloys. Several major contributions
from the MCINPs account for the surprising ductility improvement for the alloys. First,
according to the physical-metallurgy prin- ciple of ordered Ni3Al alloys, macro-
alloying with Fe and Co decreases the ordering energy and im- proves the intrinsic
ductility (6, 45, 46), whereas a high level of the Al content leads to a serious
environmental embrittlement when tested in air (6, 7). For instance, an addition of 15
at % Fe im- proved the ductility to ~9% of normally brittle Ni3Al (6). A notable
example of environmental em- brittlement is the decrease in ductility of boron- doped
Ni3Al from 50% to 5% in air if the Al content is increased from 24 to 25 at %. Ti doping
in our alloys results in decreased Al content and large- ly reduces the environmental
embrittlement. The higher Ti/Al ratio also promotes a substantial increase in the
antiphase boundaries energy and a higher work-hardening because of the genera- tion
of dislocations cross-slip (47), which in turn favors the activation of microbands and
produces an extended uniform deformation (43, 44). The optimum level of Ti in these
alloys is determined in the range of 6.5 to 7.5 at %, and the excessive Ti additions will
promote the formation of more brittle L21 particles at grain boundaries, resulting in an

intergranular fracture. The potential grain- boundary embrittlement can even be



eliminated by further tailoring of boron additions and/or processing conditions. Second,
the low lattice misfit enables the MCINP to be stabilized at the nanoscale and uniformly
distributed without het- erogeneous coarsening, which effectively reduces the stress-
strain concentrations at local regions and suppresses the nucleation of microcracks
during deformation (8, 18). Moreover, from the perspective of electronic structure,
small valence electron concentration values (~8.0) of the MCINP prevent the
transformation from the ductile or- dered cubic phase to the brittle hexagonal phase
(such as h-Ni3Ti) (48). For more clarity, we care- fully evaluated the bulk mechanical
properties of our present multicomponent L12 alloys, in which the chemical
compositions are based on the APT analysis of the Al17Ti7 alloy (Fig. 2C). As expected,
the present multicomponent L12 alloy is substan- tially stronger and more ductile than
the simple Ni3Al (49), exhibiting a ductility of ~40%, a yield strength of ~600 MPa,
and also an excellent stain- hardening ability of about ~2.1 GPa (fig. S11). The
incorporation of these strong and ductile MCINPs allows us to not only effectively
impede the dislocation motion for strengthening but also increase the damage tolerance
and dislocation storage of the alloys.

In conclusion, we proposed an innovative alloy design strategy by engineering
high-density MCINPs in complex alloy systems to achieve su- perb mechanical
properties at ambient temper- ature. We demonstrated experimentally that the MCINPS
alloys are simultaneously ultrastrong and ductile, with no strength-ductility trade-off
and plastic instability. This alloy design strategy can also be feasibly applied to many

other alloy systems, such as nanostructured alloys, steels, superalloys, and also HEAs,



to achieve desired and enhanced properties for specific applications. The resulting new-
generation complex alloys could lead to superior structural properties, which are of both
great fundamental and applied importance for advanced engineering applications
involving automobiles, bullet trains, cryogenic devices, and aircraft and aeronautic

systems.
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Figure Captions

Fig. 1. Conceptual design and microstructural characterizations of the MCINPS alloys.
(A) Schematic of the design concept of the MCINPS alloys. MCM, multicomponent
matrix. (B) Scanning electron microscopy (SEM) image of the A17Ti7 alloy exhibiting
the typical equiaxed grain structures. (C) SEM image of the A17Ti7 alloy revealing the
uniform distribution of high-density L12 MCINP within the grain interior. (D) XRD
patterns showing the phase compositions of the A17Ti7 alloy. a.u., arbitrary units. (E)
TEM image of the Al7Ti7 alloy showing the nanostructured morphology. The inset
shows the corresponding SAED pattern. (F) Rep- resentative high-resolution TEM

image confirming the interfacial coherency.

Fig. 2. Spatial morphology and multi- component nature of the MCINPs.

(A) 3D reconstruction map of an APT needle tip confirming the nanocomposited
microstructure of the A17Ti7 alloy.

(B) High-resolution atom maps showing the atomistic distribution within the L12
MCINP of the Al17Ti7 alloy.

(C) Proximity histogram across the matrix and nanoparticles revealing the
multicomponent nature of the MCINPs of the Al7Ti7 alloy. (D) Ordering
crystallographic structure and site occupancy of the L12 MCINP by density functional

theory (DFT) calculations of the A17Ti7 alloy.

Fig. 3. Exceptional strength-ductility combination achieved in the MCINPS alloys at



ambient temperature. (A) Engineering stress-strain curves of the MCINPS alloys
compared with the FeCoNi base alloy (12), showing a significant increase of strength
without ductility reduction. The Al7Ti7 alloy exhibits ductile dimpled structures
without macroscopic necking. (B) Yield strength versus the product of strength and
ductility of the MCINPS alloys compared with those of other high-performing materials

(2,4,5,8,11, 13, 14, 19, 21, 22).

Fig. 4. Multistage work-hardening behaviors and de- formation micro- mechanisms of
the MCINPS alloys at ambient temper- ature. (A) Work- hardening rate curves of the
MCINPS alloys. (B) Dynamic change of the work-hardening exponent (i.e., the
instantaneous work- hardening exponent) within the uniform deformation process of
the MCINPS alloys. (C) Dynamic evolu- tion of the deforma- tion substructures of the

Al7Ti7 alloy with increasing tensile loading.
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