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ABSTRACT

We developed a novel high-performance L1;-strengthened high-entropy alloy
(HEA) in the multicomponent Ni- Co-Fe-Cr-Al-Nb system. The phase transformation,
mechanical properties and associated deformation behaviors were systematically
investigated through combinational analyses involving the three-dimensional atom
probe tomography (3D-APT), transmission electron microscopy (TEM) and first-
principles calculations. In contrast to conventional alloys that generally strengthened
by Ni3(Al, Ti)-type precipitates, a high density of coherent L12 nanoprecipitates with
a new chemical constitution of (Ni, Co, Fe, Cr)3(Al, Nb) can be controllably introduced
via elaboratively tuning the content of Al and Nb, resulting in a large lattice misfit of
~0.78% that rarely achieved in previous HEAs. The newly developed
(Ni2Co2FeCr)92AlsNbs HEA enables excellent tensile properties at a large temperature
window from room temperature to 870 °C. More remarkably, an anomalous growth in

yield strength can be observed at the temperatures above 600 °C, showing a peak yield
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stress over 720 MPa when deformed at 760 °C, which surpasses most of the previous
L1>-strengthened HEAs, as well as the commercial superalloys. Detailed TEM analyses
revealed that the multicomponent L1, precipitates are mainly sheared by the super-
partial dislocations, forming superlattice intrinsic stacking fault (SISF) loops coupled
with antiphase boundaries (APBs). Such an interesting deformation substructure
enables sustained work hardening and produces high tensile strengths at the high
temperatures. The underlying mechanisms of those SISF loops were carefully discussed,

which could be possibly ascribed to the local elemental segregation on the planner faults.
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1. Introduction

Metallic alloys strengthened by dispersed nanoparticles provide the basis of
designing multifarious load-bearing materials for engineering applications. The recent
discovery of L1>-strengthened multicomponent high-entropy alloys (HEAs) ! has
been demonstrated as a new paradigm for developing advanced structural materials
with superior mechanical performance due to their unique microstructures and
intriguing work-hardening behaviors %, In particular, owing to the similar
microstructure (y +v') to the commercial Ni-based superalloys, these L1-strengthened
HEAs are considered as promising alternatives for heat-resistant materials. While
extensive studies have been carried out during recent years, there are two primary
limitations on their widespread applications. First, most of the L1;-strengthened HEAs
studied were mainly confined to the Al-Ti-bearing systems, relying on introducing the
L1, Nis(Al, Ti)-type particles for hardening purpose. These HEAs systems were

generally reported with low solvus temperatures and associated insufficient volume



fractions of the L1» precipitates, leading to quite limited temperature capacities of these
alloys. For example, He et al. [5] reported that only a small volume fraction of coherent
L12 nanoparticles (~20%) can be formed in the (FeCoNiCr)s- Ti2Als alloy. Moreover,
it is worth mentioning that these Ni3(Al, Ti)-type nanoparticles could only be thermally
stabilized in a relatively low temperature range (650~850 °C), making them
unsatisfactory for many practical applications. Similar results have also been reported
in the Alp sCuCrFeCoNi HEA system ), where the L12-solvus temperature lies between
800 °C and 850 °C. In addition, the precipitate/matrix lattice misfits are usually small
in these Al-Ti-bearing HEAs [61%) resulting in a limited coherency strengthening due to
the less pronounced elastic interaction between the dislocations and precipitates [,

Thus, to address these critical issues for achieving enhanced high-temperature

performance, compositional optimization is urgently needed.

On the other hand, the high-temperature deformation behaviors and mechanisms
of the L1, strengthened HEAs are far from being explored, which greatly hinders the
further development of such materials. Previous studies indicated that benefiting from
the combined merits of both the ductile multicomponent matrix and precipitates, the
L1,strengthened HEAs enable a great capacity to get a superior strength-ductility
combination in a wide temperature window. Indeed, various toughing mechanisms,
such as deformation-induced nano-twinning ['?!, dislocation- induced microbands !
and dynamic refined SFs [7), can be readily activated in the L1>.strengthened HEAs
deformed at cryogenic and room temperatures. However, whether those toughening
mechanisms can be effectively operated at the elevated temperatures is still an open
question. It was, in fact, suggested by several investigators that the toughing
mechanisms triggered at room temperature are generally inapplicable during the high-

temperature deformation due to the growing thermal effect. For example, in Ni-based



superalloys 3] plastic deformation at room temperature is typically dominated by the
glide of 1/2<110> super-dislocations at {111} planes. With increasing temperature,
dislocation cross-slip on the cubic {100} planes starts to operate, resulting in quite
different dislocation substructures associated with the variations of flow stresses.
Therefore, to develop superior heat-resistant L1;.strengthened HEAs, it is imperative
to get a deep insight into the underlying dislocation behaviors and the dislocation-
precipitates interactions at high temperatures, which are, however, remains poorly

understood until now.

To overcome these challenges, here we designed a novel dual-phase HEA
reinforced by the unique (Ni, Co, Fe, Cr)3;(Al, Nb)-type multicomponent L1,
nanoparticles, generating superior mechanical properties at both ambient and elevated
temperatures. First of all, to achieve the enlarged precipitate/matrix lattice misfit and
increased solvus temperature of L1> precipitates, the Nb element was chosen here due
to its intrinsic larger atomic size and higher melting temperature than that of the Ti
element. By this way, we successfully achieved a higher volume fraction of the L1»
precipitates and associated more pronounced strengthening efficiency at elevated
temperatures. Secondly, by means of multiscale analyses of APT, TEM and first-
principles calculations, basic mechanisms of alloying effects on the phase stabilities of
the compositionally complex precipitates were clearly elucidated. More importantly,
we systematically investigated the temperature dependence of tensile strength of the
newly developed Llsstrengthened HEA, and the detailed deformation micro-
mechanisms were also carefully discussed. The results achieved here are both
technically and scientifically important to the accelerated development of high-

performance HEAs for elevated temperature applications.



2.Materials and methods

2.1Alloys preparation

Our previous study indicated that deviating from the equal-molar restriction by
decreasing the Fe and Cr concentrations in the NiCo- FeCr quaternary system will
greatly widen the L1, phase region and improves the alloy design space '], In light of
this, the Ni2Co2FeCr was selected as the base alloy in our present study, whereas the
Al and Nb elements were controllably added to introduce precipitation hardening. For
convenience, the alloys studied here will be labeled by their Al and Nb concentrations,
referred as the Al4, Nb4, AI2Nb4, and Al14Nb4 HEA, respectively. A small amount of
boron (0.02 wt.%) will be added to all the designed HEAs based on the conventional
wisdom in the superalloys for grain-boundary strengthening !'*151. All ingots were
repeatedly melted in high-purity Ar atmosphere and cast into slats with a dimension of
70 mm (length)x12 mm (width)x5 mm (thickness). After that, a homogenization heat
treatment was conducted at 1200 °C for 2 h to assuage elemental segregation during
solidification, followed by cold rolling into thin sheets with a total thickness reduction
of ~66%. The cold-rolled sheets were subsequently recrystallized at 1200 °C for 1.5

min, followed by oil quenching and finally aged at 800 °C with different durations.

2.2Microstructural characterizations and mechanical tests

The as-prepared alloys were systematically characterized including the
microstructures, mechanical properties, and deformation micro-mechanisms. Phase
identification was performed by an X-ray diffraction (XRD, Rigaku Smart Lab)
equipped with a monochromator. The crystallographic information was collected in the

range of 26=20°~100° with a scanning speed of 2°/min. Lattice misfit was determined



by deconvolution of the (220) diffraction peak, following the equation of 6=2(0particle-
Omatrix )/( Olparticle TOmatrix ), 1 Which the a refers to the lattice parameter of each phase [16].
Scanning electron microscopy (SEM) and transmission electron microscopy (TEM)
with selected area diffraction patterns (SADPs) were also conducted for further

confirmations.

Microhardness was measured using a Vickers microhardness tester using a load of
2 N. Dog-bone-shaped specimens with a gauge length of 12.5 mm and a cross-section
dimension of 3.2x1.5 mm? were fabricated by an electro-discharge machining (Sodick,
AQ360LX) for uniaxial tensile tests, which were performed on a Material Testing
System (MTS) machine with a constant strain rate of 1x107 s™!. At least two specimens
were measured for each condition to ensure data reliability. To eliminate temperature
fluctuation on the gauge-length section, before testing the tensile specimens were
stayed in an electric furnace for an additional 10 min once the setting temperature was
reached. The microscopic deformation mechanisms for the tensile specimens were
further explored using a JEM-2100F TEM operated at 200 kV. TEM specimens from
the uniform-elongated sections were manually ground down to ~50 mm, punched into

F3 mm disks and subsequently thinned by an ion-milling method.

2.3Theoretical calculations

Density functional theory (DFT) 17 calculations were performed using the Vienna
Ab initio Simulation Package (VASP) ['8. The projector augmented wave (PAW)
method ") was used to describe the interactions between core electrons and valence
electrons. The exchange-correlation functional was schemed by the generalized
gradient approximation (GGA) described by the Perdew-Burke-Ernzerhof (PBE)

parametrization [?%). The chemical disorder was considered by using the Special Quasi-



random Structure (SQS) as embedded in the Alloy Theoretic Automatic Toolkit (ATAT)
(211 In particular, structures of L12, D019 and D022 phases were studied. The electronic
Bloch wave functions were expanded in a plane-wave basis set with an energy cutoff
of 350 eV and sampled by G-centered 3x3x3, 3x3x3 and 5x5x%3 Monkhorst-Pack k-
meshes ?) for the L12, D019, and D0,, phases, respectively. All calculations were
performed with spin polarization allowing the full relaxation of magnetic moments. For
the L1, and D019 phases, the equilibrium lattice parameters were first determined by
fitting the energy-volume curves to the third-order Birch-Murnaghan equation of states
(EOS) 231, Then the internal atomic positions were fully relaxed with the convergence
criteria of 10 eV for total energy and 0.005 eV/A for Hellmann-Feynman force,
respectively. For the D02 phase, the geometry optimization was directly performed
with the same convergence criteria. The chemical stability was estimated by the

enthalpy of formation at 0 K ([fH°) and calculated by the following equation [24):

Afo’:Esp—Zniyi 010

Here Esp is the total energy of supercell, n; and p; are the number and chemical
potential for atoms of the iwm kind in the supercell, respectively. The chemical potential
for each kind of atom was approximated by the total energy of their bulk counterpart
with the most stable phase (face-centered cubic structure, FCC, for Ni and Al,

hexagonal close-packed structure for Co, and body-centered cubic structure for Nb).
3.Results

3.1Mechanical properties at ambient temperature

To start with, microhardness measurements were carried out to determine the



optimum aging condition for precipitation hardening of the (Al, Nb)-bearing HEAs. Fig.
1(a) shows the evolution of microhardness as a function of aging time. The A12Nb4 and
Al4Nb4 HEAs exhibit similar hardening behaviors, where the microhardness peaks at
24 h, and steadily decreases with increasing aging time to 168 h. The microhardness of
Nb4 HEA displays a monotonic increment with two growth rates separated by the point
of 24h’s aging. This peculiar behavior certainly deviates from the hardening behavior
of the AI2Nb4 and Al4Nb4 HEAs, which is presumably due to the occurrence of
additional precipitation process and worthy of our investigation in a future report. For
the Al4 HEA, negligible variation in microhardness values was found as the aging time
prolonged (not shown here), suggesting that there are no precipitates formed at the
current aging conditions. In contrast, it is evident that the AI4Nb4 alloy aged at 800 °C
for 24 h shows the highest microhardness (~440 HV), suggesting a remarkable

precipitation hardening effect.

Based on the above observations, the alloys aged at 800 °C for 24 h were
subsequently chosen for tensile tests at room temperature. The representative
engineering stress-strain curves are shown in Fig. 1 (b). It is evident that the AI4Nb4
alloy exhibits the highest tensile strength, with an ultimate tensile strength (UTS) of
~1232 MPa and yield stress (YS) of ~ 850 MPa, but almost without ductility loss as
compared to the AI2Nb4 and Nb4 HEAs, i.e. ~30% in elongation. The precipitate-free
Al4 HEA is the weakest among all the HEAs primarily due to the absence of strong

barriers for dislocation motions.

3.2Microstructures and phase identifications

Fig. 2 represents the microstructures of the Al4, Nb4, A12Nb4 and Al4Nb4 HEAs

aged at 800 °C for 24 h, depicting the precipitate morphologies and distributions at the



grain-boundary triple junctions. Noted that no discernible precipitates can be detected
in the Al4 HEA, which is consistent with the aforementioned mechanical tests. In
contrast, two categories of precipitates with different morphologies can be observed in
the Nb-bearing HEAs. The addition of Al element appears to play an important role in
the precipitation reactions of the Nb-bearing HEAs. As the Al content increases from 0
to 4 at.% (Fig. 2 (b-d)), despite a small volume of precipitates (50-500 nm in size) lying
along the grain boundary, the dominated microstructures in the grain interior gradually
change from needle-shaped (the Nb4 alloy) to needle-cuboidal mixed (the AI2Nb4 alloy)

and to fully cuboidal precipitates (the AI4Nb4 alloy).

The X-ray diffraction (XRD) results were presented in Fig. 3. Besides the main
peaks of FCC structure, the small peaks corresponding to L.12 and D019 structures can
be clearly detected (Fig. 3) in the Nb4, AI2Nb4 and A14Nb4 HEAs. Those D019 peaks
somewhat become weak with the increase of Al contents, indicating the volume fraction
of D019 phase decreases accordingly. Based on the SEM and XRD investigations, the
needle-shaped precipitates were identified as the D019 phase while the cuboidal
precipitates were identified as the L12 phase, the morphologies of which are consistent
with those reported in conventional superalloys. For the Al4Nb4 HEA with the
L12/FCC microstructures, the lattice misfit can be derived from the deconvolution of
the (220) diffraction peak (Fig. 3(b)). Noted that the deconvolution was performed by
only considering the contributions from the L1, and FCC phases since no D019 peaks
were detected within 72°-77° The result shows that the lattice constant of the L12
precipitates (0.3615 nm) exceeds that of the FCC matrix (0.3587 nm) and gives rise to
a positive lattice misfit (~0.78%), which is contrary to the negative misfit that is
commonly found in Ni-based superalloys. Such a positive lattice misfit was suggested

to contribute to a better hightemperature creep resistance 2%/,



The phase structures were further confirmed by TEM analyses. Fig. 4(a) shows a
typical bight-field TEM image of the precipitates in the Nb4 HEA, concomitant with
efforts of selected-area diffraction patterns (SADPs), Energy Dispersive X-ray
spectroscopy (EDS) and high-resolution TEM (HRTEM) image in Fig. 4 (b-d). The
SADPs collected from the zone axis paralleled to [110]m and [112]m (matrix)
demonstrated the FCC crystal structure of the matrix and the D019 structure of the
needle-shaped precipitates in the Nb4 HEA. Furthermore, compositional analysis using
the EDS indicates that the Ni and Nb elements have a strong tendency to partitioning
into the D019 precipitates, whereas the Cr and Fe elements are more likely to stay inside
the FCC matrix. The Co element stands rather neutral with a slight preference to the

FCC matrix.

Similarly, Fig. 5 shows the bright-field TEM image of the cuboidal precipitates in
the Al4Nb4 HEA. The inset of Fig. 5 (a) presents the diffraction pattern acquired from
the [001] zone axis, demonstrating the ordered L1, structure of the precipitates, as well

as the coherent relationship between the L12 precipitates and FCC matrix. This can be

further verified by the dark-field TEM micrograph taken from the superlattice spot
corresponding to the L1» reflections in Fig. 5(b), in which illuminated cuboidal
precipitates are uniformly distributed throughout the FCC matrix. Furthermore, the
elemental distribution of individual element was quantitively determined by APT, as
shown in Fig. 5(c). The proximity histogram for the elemental partitioning behavior
across the precipitates/matrix interface was presented in Fig. 6. It clearly reveals that
the Ni, Nb and Al elements primarily partition into the L1, precipitates, leading to a

multicomponent (N1, Co, Fe, Cr)3(Al, Nb)-type ordered nanoparticles.

In addition, the crystal structures of the precipitates in the AI2Nb4 HEA were also



carefully investigated, where the needle-shaped and the cuboidal precipitates were
determined to be the D019 and L1, phase, respectively. Phases precipitated along the
grain boundaries in the Nb4, A12Nb4 and Al4Nb4 HEA were identified as the D019
phase. The volume fractions of the dominated precipitates were further estimated by
the projected areal fraction and statistically obtained from the SEM and TEM images
via ImagelJ software. Specifically, the volume fractions of D09 precipitate in the Nb4
and AI2Nb4 HEA were estimated to be around 32.1%, 11.6%, respectively. The sizes
of D019 precipitates in these two alloys are very similar with a width of about 34.5+14.1
nm. Compared to the L1, precipitates in the AI2Nb4 HEA (volume fraction of 22.0%
and mean size of 15.1+4.2 nm), the population of the L1, precipitates in the AI4Nb4
HEA appears much higher (volume fraction of ~51%, also higher than the Al-Ti-bearing

HEAs) with a larger mean size of 39.0 § 9.7 nm. Noted that the precipitate size was
obtained from an area-equivalent diameter ( size =2+/area/ z).) The values of the area

fractions are relative to the solid solution matrix, ignoring the contributions of the large

phases at the grain boundaries.

3.3Temperature-dependent mechanical properties

High-temperature mechanical properties of the AI4Nb4 HEA, which exhibits the
best performance at ambient temperature, were carefully evaluated, as presented in Fig.
7(a). Both the UTS and YS obtained from the tensile engineering stress-strain curves
were plotted as a function of temperature, alongside with the high-temperature
mechanical properties of Waspaloy (Ni-based superalloy) 26, Co-Al-W-Ta-B (Co-
based superalloy) ?”! and other HEAs 233! (Fig. 7(b)). Excellent high-temperature
performance can be achieved in the present A14Nb4 HEA, especially at temperatures

above 600 °C. The strength of the A14Nb4 HEA is stronger than that of most previously



studied solid-solution-strengthened HEA, i.e. CoCrFeNiMn !, the L12-strengthened
HEAs (such as (FeCoNiCr)oaTi2Als B%) and the Co-based superalloy across the entire
temperature range. At 600 °C, the YS and UTS of the AI4Nb4 alloy were measured to
be ~681 MPa and ~991 MPa, respectively. More interestingly, the newly developed
Al4Nb4 HEA exhibits YS anomalies at 760 °C with a YS of ~720 MPa and a UTS as
high as ~900 MPa, which even exceeds that of the commercial Ni-based Waspaloy
superalloy to some extent. More importantly, unlike the case of the Waspaloy where its
flow stress precipitously drops to 275 MPa after yielding at 870 °C, a high strength of
~530 MPa can be still achieved in the A14Nb4 alloy at the same temperature (Fig. 7(a)).
Given the discrete distribution and the very small volume fraction (less than 1%), those
D019 particles would play a very limited effect on both the strength and ductility of our
present A14Nb4 alloy. The pronounced precipitation hardening effect in the Al4Nb4
HEA thus could be primarily attributed to the relatively large lattice misfit (~0.78%)
between the FCC matrix and the L12 precipitates, which is approximately threefold
higher than that of the previous (FeCoNiCr)94Ti2Al4 HEA (~0.26%) "% and even
larger than that of the L1>.strengthened Co-Al-W alloy (~0.53%) [**), leading to a higher
stress to overcome the strain field and prevent the shearing of the precipitates in the

wake.

3.4Deformation substructures

To get an in-depth understanding of the deformation behaviors and the associated
strengthening mechanisms of the present Al14Nb4 HEA, dislocation substructures at
different temperatures were carefully examined at a similar tensile strain of ~5%. Fig.
8 presents the typical structural features of the alloys deformed at room temperature.

The deformation mode appears to be dominated by stacking faults (SFs), which would



be more discernible when imaged using relrods dark-field technique [33], as shown in
Fig. 8(b). SFs spanning across the matrix and precipitates (Fig. 8 (c, d)) can be
frequently observed near the incipient {111} slip trace. The natures of those SFs were
further identified by the high-resolution TEM (HRTEM) analysis. The stacking
sequence of the different SFs is presented in Fig. 8 (e, f), where both the intrinsic and

extrinsic SFs can be clearly observed in either matrix or precipitate.

TEM images presented Fig. 9 were taken from the specimen subjected to
deformation at 760 °C. Distinctly different from the room-temperature deformation,
abundant isolated SF loops within the precipitates can be observed. The average loop
size was statistically measured to be 36.3+10 nm, which is comparable to the size of
L1, precipitate (39.0+9.7 nm), implying that the SFs appear to extend over almost the
entire precipitates. The close-up view highlighting the shearing of the precipitates by
the SFs is illustrated in Fig. 9 (b, ¢). Evidently, the SFs couple with a small segment of
APB can be cleared observed. To determine the nature of the SF loop, Burgers circuit
analysis was performed by the HRTEM analysis (Fig. 9(d)). The projection of partial
dislocations related to the SF loop can be determined to be 1/12<112>, which would
correspond to a 1/6 <112> -type Shockley partial dislocation. The dislocation
substructures of the specimen deformed at 870 °C were also examined. Representative
TEM micrographs taken along different g vectors are shown in Fig. 10. As the
temperature goes above the peak flow temperature, unpaired 1/2<110> dislocations are
likely to travel through the {111} planes of the matrix. It either moves toward octahedral
{001} planes by cross-slip or dissociates into two super-partials coupled with a SF when
encounters the L1, precipitates, which are highlighted by the green and red circles,
respectively. Besides, dislocation dipoles and dislocation bypassing of y’ precipitates

were also occasionally observed. Those sessile dislocation substructures would serve



as further barriers for dislocation motions and contribute to sustaining the work

hardening at such a high temperature.

4.Discussion

4.1Eftect of alloying elements on the stability of L1, phase

Phase stability of the L1, precipitate has long been a critical issue in maintaining
desirable mechanical properties for high-temperature materials. Computer-aided
calculations of the phase stability, including phase diagram and DFT simulations, have
provided valuable information for new alloys development and scientific explanations
of some special mechanical behaviors. Yet, most of the previous studies are largely
concentrated on the chemically simple intermetallics with constitutions up to three
elements. Few of them involve in multicomponent intermetallics that are commonly
discovered in the HEA systems, such as the compositionally complex (Ni, Co, Fe)s(Ti,

Al, Fe) ™ (Ni, Co, Cr)3(Ti, Al) 9], (Co, Fe, Cr, Ni);Ti ") phases, etc.

Here we performed the first-principles calculations to probe the structural stability
of the present multicomponent precipitates. Since the Al and Nb elements have a strong
tendency to bond with Ni or Co element and form the A3B structures like the D022, D019
and L1, phases, these three structures will be considered as competing structures in the
present studies. It is worth to note that only a small amount of Fe and Cr could partition
into the precipitates according to the APT results (Fig. 6). As a result, for simplification
and clarity, supercells containing the major principal elements i.e. [Nii-
xCox]3[Al12Nbi/2] and [Ni724C0724]3[AliyNby], were applied for the DFT calculations,
where x and y range from 0 to 1. The fixed ratios of A site (or B site) for these two

configurations are based on the experimentally determined compositions from the



aforementioned APT analysis. Particularly, supercells containing 96, 96 and 64 atoms
(192, 192 and 96 atoms) were used to represent the L12, DO19 and DO, phases of [ Nii-
xCox]3[Ali2Nb12] ([Ni724Co724]3[ AliyNby]), respectively. The unit cell of each phase
was illustrated in Fig. 11(a). First, we evaluated the [JH® values of the [Nii-
xCox]3[Al12Nb12] intermetallic compounds with various crystal structures, shown as a
function of Co content (Fig. 11(b)). As compared to those of the D019 and D02
structures, the L1, structure shows a more negative value of [1fH® within the whole
composition range, demonstrating that the systems with an equal amount of Al and Nb
occupied in the B subsites prefer to form L1, structure. In addition, the [1{H® was
calculated as a function of Nb substitution of Al from 0 to 1 in the case of [Nii-
xCox]3[Ali2Nbi 2], as shown in Fig. 11(c). It can be observed that the L1, structure is
energetically more stable at the range of 0 <y < 0.75, while the D019 structure will
become the prevalent phase when y > 0.75. These calculated results are well consistent
with our aforementioned experimental observations, where the Al element is a vital

ingredient to stabilize the L1> structure of the (Ni, Co);Nb-type phase.

4.2Underlying origins of the deformation mechanisms

Experimental examinations of the deformation substructures (see Figs. 8-10)
indicate that the deformation modes of the present L1,. strengthened HEAs are
predominantly dominated by the partial dislocations at all temperatures. Specifically,
the major deformation mechanisms in the A14Nb4 HEA consist of the SFs, SF loops
coupled with small APBs, SFs together with dislocation cross-slip and bypassing for
room temperature, 760 °C and 870 °C, respectively. The yield strength anomaly at

760 °C could thus be attributed to the activation of concurrent slip of paired 1/6<112>



and 1/2<110> super-partial dislocations. More importantly, the sessile nature of these
dislocation substructures can further pin the moving dislocations and lead to a sustained

work hardening (Fig. 7).

It is also worth noting that such an unusual deformation substructure at 760 °C
was seldomly occurred in the tensile-deformed alloys #3], which is of great scientific
interest and will be carefully discussed in the following section. Enlightened by the
scenario in the creep deformed superalloys [*°), the formation of isolated SISFs observed
here (Fig. 9) may follow the dislocation interaction of
1=2[101]+1/2[011]—1/3[112]+SISF+1/6[112]+APB. In short, the early-formed SISFs
will be partially transformed into the APBs by the glide of an ensuing 1/6<112> trailing
partial, leaving a loop morphology embedded in the precipitates 7%, Basically, to
maintain such a dislocation configuration, a critical resolved shear stress t is required
to avoid the shrink and annihilation of the loop 1*”), which could be determined as a

function of loop size r:

r=87_ s @)
b r

where Ay =y,.s — 745 1S the energy difference between the APB and SISF energy,
m is the shear modulus of the precipitate, b is the burgers vector of the partial
dislocation loop. The flow stress s imposed on the samples during the uniaxial tension
could be derived by the equation of =Mz, where the Taylor factor M=3.06 is
employed for the FCC-type phase *°!. Based on the Eq. (2), a critical gliding force r,
is necessarily required to maintain a stable SISF loop with a minimum radius of 0. In
other word, when 7 >7,, any SISF loops with a radius less than ro will shrink and

annihilate.



With p= 90 GPa estimated from the bulk modulus based on the DFT calculations
and b = 0.148 nm, the critical flow stress (Fig. 12) as a function of the loop size is

plotted in cases of Ay equals to 100, 75 and 50 mJ/m?, respectively. It can be clearly

observed that at the same stress level, the lower bound of the equilibrium size of an

isolated SF loop reduces as the energy difference Ay increases. As for our present case,

the flow stress is approximately 940 MPa at the ~5% true strain (Fig. 7) and the
minimum loop radius observed at 760 °C can be determined to be about 8 nm. This

means that a critical Ay at least over 290 mJ/m? is required. However, such a huge

energy difference appears unlikely to be generated in previously reported L1, phases,
as well as the present case. For example, the APB energies of Ni-based L1, precipitates
are typically in the range of 160-295 mJ/m? [**-42] while the SISF energies are around
55-80 mJ/m? based on DFT calculations [****1. The difference between them can only
reach as large as ~240 mJ/m?, suggesting only the loops with a radius larger than ~20
nm can be survived. A similar manner has also been observed in Co-based alloys, where
both the APB and SISF energies are generally located within 135-175 mJ/m? 14647 and
the Dg could be even smaller. For the present AI14Nb4 HEA, though the calculations of
the SISF energies for the multicomponent L1, phase is quite complicated, one can
roughly estimate the SISF energy on the {111} plane using the axial next-nearest-

neighbor Ising model (ANNNTI) [48,49]: yqq =(Epps —E(y ) /DA, where Ej and E

are total energies of the L1, and D019 structures, respectively [46]. A is the area of the
fault plane, i.e. the {111} plane here. n is the corresponding number of faulted layers.
By this way, the SISF energy on the {111} plane can be estimated to be ~120 mJ/m?.
Similar to the calculation of SISF energy, the APB energy on {001} planes can be

estimated based on the equation of y,peo =(Epe, —E; )/NA , where Ej, is total

energy of the D02» structure, A corresponds to the area of {001} faulted plane. The APB



energy on the {001} plane is thus determined to be ~237 mJ/m?. Noted that the APBs
can only be experimentally observed on the {111} planes in the present AI4Nb4 HEA
when deformed at 760 °C. This suggests that the APB energy on the {111} plane of the
L1, phase should be lower than that on the {001} plane, namely 237 mJ/m?2. On the
other hand, the Nb atom that generally occupies the Al sublattice is well accepted to
increase the APB energy of the Ni3 Al (~180 mJ/m? B!). Thus, it is reasonable to believe
that the APB energy on the {111} for the L1, phase in the AI4Nb4 HEA is in the range
of 180-237 mJ/m?. Collectively, the difference between the APB and the SISF energy
can be estimated to be 60-117 mJ/m?, which is much smaller than that of the critically
required Dg of 290 mJ/m?. In other word, the SF loops with a radius of 8 nm could not

be retained in this deformed alloy, which is against our experimental observations.

The remaining question arises why the SISF loops can stably exist within the L1>
precipitates. It was argued that the local elemental enrichment near the imperfection
would enlarge the energy difference between APB and SISF and consequently promote
the formation of SISF loops. In fact, elemental segregations at the SISFs were
frequently observed in superalloys. Titus et al. [**! revealed a segregation-assisted
diffusive phase transformation (i.e. L1>—D019) in a crept Co-based superalloy and
showed the Co/Cr/W enrichment and Ni/Al deficiency at the SISF. Similarly, Smith et
al. 53] reported that the faults in the ME501 alloy are enriched with the Nb/Ta/Ti
element. The explanations of element diffuse to the faults have been discussed in terms
of kinetics and thermodynamics, i.e. (a) elements with the slowest diffusion capacity
preferentially segregate to the faults; (b) elements that facilitate to lower the SFE energy
tend to segregate to the faults [38]. In the present Al14Nb4 HEA, the Nb atom has the
largest atomic radius and highest melting temperature compared to the other constituent

elements, which is considered as the slowest diffusion specie and likely to has a higher



tendency to enrich near the faults. The diffusion length required for (a) segregation

mechanismis examined and estimated based on the 2Dt , where D is the diffusivities
of each element, t is the diffusion time. The diffusivities of Ni and Nb were considered
here using the diffusivities in a Ni3Al-type intermetallic, which are 1.73x10"!” m%/s and
1.64x102°m?/s at 760 °C B*3] respectively. As a consequence, the Ni atom can diffuse
over a distance of ~6 nm within 1 min, while the Nb atom only travels about ~1.9 nm.
Such a length scale is large enough to cover the SF region, indicating that the Nb
enrichment and Ni depletion at the SF are kinetically possible. That is also consistent
with the fact why such a dislocation substructure was more readily initiated in
superalloys subjected to high-temperature creep deformation [37,56], where the much
longer duration during creep tests enables more pronounced localized heterogeneous
elemental distributions. On the other hand, the increase of Nb concentration will
dramatically decrease the SISF energy (Fig. 11). For example, the SISF energy will
drop from ~120 mJ/m? to ~14mJ/m* when the Nb concentration increases from 12.5
at.% to 18.5 at.% in the L1, structure (Fig. 6). The significantly reduced SF energy also
drives the segregation process. Yet, experimental efforts on such a segregation behavior
remain challenging for us due to the low signal collection efficiency of our TEM.
Nevertheless, it is reasonable to conclude that the local elemental segregations driven

by lowering SF energy are responsible for the stable formation of SISF loops.

5.Conclusion

In this study, we designed a novel L1,.strengthened (Ni2CozFe-Cr)9o2AlsNbs high-
entropy alloy (HEA), with the Al and Nb elements being the essential L1, forming
elements. This alloy exhibits outstanding tensile strengths that exceed those of most

conventional precipitation-hardened HEAs at both room temperature and high



temperatures up to 870 °C, making it an attractive alternative for high-temperature

applications. The major conclusions are:

(1) Only the co-addition of Al and Nb elements enables the desired formation of
the coherent L 1> precipitates in the Ni-Co-Fe-Cr-Al- Nb HEA system, whereas adding
the Al element alone cannot trigger any precipitation reaction and adding the Nb

element alone would promote the precipitation of the incoherent D019 phase.

(2) As compared to the Nb4 and A12Nb4 HEAs, which are either reinforced by
D019 phase or the co-precipitated D019 and L1, phases, the Al4Nb4 HEA primarily
strengthened by L1, precipitates shows an excellent strength-ductility synergy, with a

high tensile strength of ~1232 MPa without any ductility loss.

(3) Temperature dependence of the tensile properties was systematically examined,
where a flow stress anomaly can be clearly observed at 760 °C. A high yield strength
of ~720 MPa can be achieved, which outperforms most of the previous precipitation-
hardened HEAs and superalloys due to the relatively large latticemisfit. More
importantly, even at the temperature up to 870 °C, a decent strain hardening can bewell

retained, leading to a flow stress as high as ~530 MPa.

(4) Shearing of Ll> precipitates by stacking faults was demonstrated as the
dominant deformation mode within the temperature ranging from room temperature to
870 °C. Thermally activated dislocation cross-slip and bypassing start to operate in the

specimen deformed at 870 °C.

(5) At the anomalous peak temperature of 760 °C, it was proposed that the yield
strength anomaly comes from an interesting shearing mode of the L1; precipitates, in
which the shearing occurs predominantly by the passage of super-partial dislocations

on the {111} planes, leaving isolated SISF coupled with APB. Such an interesting



deformation substructure could be possibly attributed to the local elemental segregation

on the planner faults.
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Fig. 1. (a) Microhardness evolutions of the Nb4, AI2Nb4 and Al4Nb4 HEAs as a
function of the aging time. (b) Representative room-temperature tensile stress-strain

curves of the HEAs aged at 800 °C for 24 h.
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Fig. 2. SEM images showing the typical microstructures of the Al4, Nb4, AI2Nb4 and

Al4Nb4 HEAs aged at 800 °C for 24 h.
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Fig. 3. (a) XRD patterns of the HEAs after 24 h aging at 800 °C. (b) Deconvolution of
the (220) diffraction peak of the Al4Nb4 alloy showing the lattice misfit between the

particles and matrix.
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Fig. 4. (a) Bright-field image showing the needle-shaped precipitates in the Nb4 HEA
and (b) low-index diffraction patterns taken along [110]n, and [112]n, zone axes of the
matrix. (¢) EDS compositional maps showing the elemental distributions of each

element labeled in the figures. (d) HRTEM image of the needle-shaped precipitates.



Fig. 5. (a) Typical bright-field micrograph showing the microstructure of the Al4Nb4

HEA. (b) Dark-field micrograph obtained from the superlattice spot corresponding to

the ordered structure. (c) Ion maps of the individual elements.
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Fig. 6. Proximity histogram across the matrix/precipitate interface. The interface was
highlighted by the 10 at.% Nb iso-concentration surface in a reconstructed slice of the

APT tip, shown as the inset.
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Fig. 7. (a) High-temperature stress-strain curves of the AI14Nb4 HEA subjected to tensile
strain. (b) Comparison of the YS and UTS as a function of temperature with the tensile
YS of the Waspaloy (Ni-based superalloy) [26], Co-Al-W-Ta-B (Co-based superalloy)

[27] and other HEAs [28-31].



Fig. 8. (a) Deformation substructures of the AI4Nb4 HEA deformed at room
temperature. (b) Dark-field TEM image taken from the relrods of the SFs. (c) HRTEM
image gives a typical example of the L12 precipitate sheared by the SFs. The
corresponding FFT images for the L12 precipitates and the matrix in (c) are shown in

(d). (e) and (f) illustrate the characteristics of the SFs found in the deformed sample.
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Fig. 9. (a) Typical dislocation substructures in the A14Nb4 HEA deformed at the peak
flow temperature of 760 °C, showing the superlattice SF loops embedded within the
L1, precipitates. (b) Bright-field and (c) dark-field TEM micrographs clearly showing
the SISF/APB defect configuration in the L12 precipitates. The Burgers vector of those

SF loops are determined to be 1/6<112> type in (d).
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Fig. 10. Series of TEM bright-field and dark-field images of the Al4Nb4 HEA deformed
at 870 °C (a) B=[011], g = (111); (b) B =[001], g = (200); (c) is the near g/4 g weak
beam darkfield of (b), where B is the nearest zone axis. Dislocation dissociation and
cross-slip are highlighted by the red and green circle, respectively. (For interpretation
of the references to color in this figure legend, the reader is referred to the web version

of this article.)
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Fig. 11. (a) Crystal structures of the L12, D019 and D022 phases. Calculated formation
enthalpies of each phase in (c) NiixCox]3[Ali2Nbi2] and (d) [Ni724C07/24]3[ Ali-yNby],

where x and y range from 0 to 1.
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Fig. 12. The critical stress required for the stabilization of the SF loop with a radius of

r formed within the L1> precipitate.





