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Abstract 

In this study, alloying effects of Mo and W refractory elements on the 

microstructural evolution of high-entropy alloys (HEAs) were systematically studied. 

High-density L12-type precipitates formed during the isothermal treatment at 800℃. 

Alloying additions of Mo and W displayed different partitioning behaviors between the 

matrix and precipitate phases, with Mo partitioning to the matrix phase ( 0.45MoK  ) and 

W partitioning to the precipitates ( 0.95wK  ) in the 1.5 at.% Mo and 1.5 at.% W alloyed 

HEA, respectively. A reversal in the partition of W back to the matrix ( 0.45wK  ) was 

identified for the combined Mo and W alloying. It was demonstrated that W not only 

destabilized the Heusler phase at grain boundaries but also increased the volume 

fraction of the precipitates. In addition, lattice misfit was significantly reduced after 

alloying with these refractory additions. The coarsening kinetics was also 

quantitatively described according to the modified-Lifshitz-Slyozov-Wagner model. 

The coarsening rate constant for the HEAs was significantly reduced as  comparison 

with that for Ni- and Co-based superalloys, implying an improved thermal stability of 
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HEAs. Moreover, a reduced interfacial energy together with inherently small diffusivity 

of the refractory elements attributed to the improved thermal stability. Our findings 

show the remarkable thermal stability for HEAs and the potential for HEAs to be 

developed as new high-temperature structural materials. 

 

1. Introduction 

Single-phased solid-solution high-entropy alloys (HEAs) have displayed an 

attractive combination of strength and ductility from cryogenic to ambient temperatures, 

but they became soft at elevated temperatures [1–5]. Potent strengthening mechanisms at 

ambient and cryogenic temperatures, such as grain boundary strengthening and strain 

hardening, are not effective at elevated temperatures. For example, the yield strength of 

a CoCrFeMnNi HEA was 562 MPa at -196℃ , but quickly dropped to only 148MPa at 

800℃ [2]. Using a second phase for strengthening among HEAs provides an effective 

strategy for designing high-temperature structural materials, which breaks the long-

standing concept to maintain a single solid-solution phase in HEAs [6–8]. The 

introduction of L12-type ordered intermetallic phase (   ) to the face-centered-cubic 

matrix (  ) in HEAs can effectively strengthen the materials without causing any 

embrittlement [9]. The fully coherent interface between the   matrix and   precipitates 

reduces the nucleation barrier, resulting in the precipitation of high-density nano-sized 

L12-type precipitates. Since then, extensive efforts have been made to investigate L12-

precipitate strengthened HEAs. 

The characteristic matrix/precipitates microstructure resembles to that of 
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superalloys. Superalloys are developed to serve under high-stress and high-temperature 

environments, which have displayed the unusual high-temperature strength and thermal 

stability [10–12]. Conventional superalloys are also multicomponent alloys with possibly 

over ten alloying elements [13,14]; however, there are still dominated by one or two 

principal elements, such as Ni- and Co-based superalloys. In contrast, the compositions 

of HEAs lie in the center part of the phase diagrams containing multiple-principle 

elements. Recently the development of precipitation-hardened HEAs (PH-HEAs) has 

shown remarkable high-temperature properties [15–18], rendering them with a great 

potential for high-temperature structural applications. 

Operations at higher temperatures are highly desired, which are driven by the 

demand from the energy efficiency considerations [19]. Conventional superalloys are 

frequently improved to meet the industrial demand for a higher operation temperature 

by modifying compositions and/or processes. The microstructures and compositions of 

both the matrix and precipitates are optimized towards this end. In the developing 

history of superalloys, refractory elements have been introduced since the beginning of 

superalloy development [20–22]. Refractory elements including Mo, W, and Re generally 

provide a high-temperature strength and creep resistance to superalloys by acting as 

potent solid-solution strengtheners in the ductile   matrix phase. Among all the 

possible refractory elements, Re is the most effective one. It is demon- strated that 1.6 

wt% Mo or W is required to replace 1 wt% Re in the   matrix phase in order to achieve 

the same solid-solution hardening efficiency [23]. However, the Re content also brings 

up other issues, including poor oxidation resistance [24] and embrittlement caused by 

file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark24
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark26
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark27
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark28
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark29
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark30
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark32
file:///C:/Users/User/Desktop/英文/7.docx%23_bookmark33


the formation of brittle topologically close-packed (TCP) phases [25]. Moreover, as a 

unique strategic resource, the cost of Re alloying is extremely high [26]. As a result, the 

developments of Re-free superalloys become a research hotspot with the aim of 

reducing cost and achieving enhanced microstructural stability. To this end, Mo and W 

elements can be used to substitute for Re to provide solid-solution strengthening. 

Apart from the benefit from the solid-solution strengthening effect, Mo additions 

can also increase the   -phase solvus temperature, resulting in increased the high-

temperature strength and creep resistance in Ni-base superalloys [27]. The W element, a 

  -former element, partitioning into the   phase among Co-based superalloys, 

stabilizes the   phase [12]. However, the effect of Mo and W to the precipitate phase 

stability among PH-HEAs is still not clear at the present time. Moreover, it is expected 

that the growth kinetics of precipitates would be altered by alloying with refractory 

elements which generally influence the diffusivity of solute elements. Small diffusivity 

generally retards precipitate coarsening under long-time thermal treatments. The 

addition of 2 at.% tungsten to ternary Ni–Al–Cr alloys reduced the coarsening rate 

constant by 1/3 at 800℃ [22]. Mo additions also retard   coarsening at 925℃ [28]. 

Moreover, the synergistic effect of Mo and W additions has been observed by 

increasing the solubility of Mo in the phase to which W partitions among commercial 

superalloys [29]. The presence of the combined Mo and W elements in Ni–Cr–Al–Ti 

alloy reduced the diffu- sivities of both Ti and Cr at 900℃, and therefore influencing the 

particle coarsening [10]. However, the benefit of the synergistic Mo and W partitioning 

behavior and associated influence on solute diffusivity and coarsening behavior has not 
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been well studied at the present time. 

This work systematically investigates the alloying effect of Mo and W on HEAs. 

The microstructural evolution, coarsening kinetics, grainboundary phase evolution, as 

well as the mechanical behavior were carefully investigated. Cutting-edge atomic-scale 

tools, such as atom probe tomography (APT), was used to study the elemental 

partitioning behavior. Modified Lifshitz-Slyozov-Wagner model was utilized to 

quantitatively describe the temporal evolution of the precipitates and their coarsening 

kinetics. 

 

2. Experimental  

2.1 Alloy design and preparation 

Alloy design in this work based on the following considerations: (1) the 

concentrations of Ni and Co were controlled to be 30 at.% to stabilize the fcc matrix; (2) 

Cr content was tailored to be 15 at.% to avoid the formation of the   phase [30]; (3) a 

small amount of Al and Ti additions (6 at.%), which act as strong   -former elements, 

was introduced into the NiCoFeCr-based high-entropy matrix, leading to the high-

density L12-type precipitation for precipitation hardening. Thermodynamic 

calculations were conducted to obtain the phase diagrams and critical heat treatment 

temperatures via the Thermo-Calc Software in TTNI8 database. As shown in Fig. 1a, 

the   solidus temperature and   solvus temperature are 1263℃ and 1116℃ for the 

Ni30Co30Fe13Cr15Al6Ti6 HEA, respectively. The    precipitation coexists well with the 
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  matrix in the temperature range between 750℃ and 1116℃ in the 

Ni30Co30Fe13Cr15Al6Ti6 HEA without the formation of other intermetallic phases. The

  solidus temperature and    solvus temperature are slightly influenced by both Mo 

and W additions (see Fig. 1b). Therefore, Ni30Co30Fe13Cr15Al6Ti6 HEA is a suitable 

candidate for high-temperature structural applications, which was thereby selected as 

the prototype alloy in present work and to systematically analysis the    precipitation 

coarsening behaviour. 

Alloys were prepared by arc-melting high-purity raw metals in a Tigetter Ar 

atmosphere. The HEA with a nominal composition of Ni30Co30Fe13Cr15Al6Ti6 (at.%) is 

denoted as the base HEA. The base HEA is further modified by alloying with 1.5 at.% 

refractory elements, with three different compositions: 

(Ni30Co30Fe13Cr15Al6Ti6)98.5Mo1.5 (Mo1.5 HEA), (Ni30Co30Fe13Cr15Al6Ti6)98.5W1.5 

(W1.5 HEA), and (Ni30Co30Fe13Cr15Al6Ti6)98.5Mo0.6W0.9 ((MoW)1.5 HEA). The ingots 

were flipped and remelted at least five times to ensure a chemical homogeneity, and 

then dropped into a copper mold with a size of 35 12 100mm  . The as-cast samples were 

homogenized at 1165℃ for 2h, followed by cold-rolling (~65% reduction in thickness) 

along the longitude direction. The heavily cool-rolled samples were treated at 1165℃ 

for 6 min for full recrystallization. Then the recrystallized HEAs were isothermally aged 

at 800℃ for 24, 72, 168, and 336 h for precipitation growth. All the heat treatments are 

conducted in air and followed by air cooling to room temperature. 
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2.2 Microstructural characterizations 

Microstructural characterizations were carried out using scanning electron 

microscopy (SEM, Quanta 450 FEG), transmission electron microscopy (TEM, JEOL 

2100F) and X-ray diffractometer (XRD, Rigaku). For the SEM observation, samples 

were first grounded me- chanically by SiC papers from 120 grit to 2500 grit, followed 

by elec- tropolishing using an electrolyte of 20 vol% nitric acid and 80 vol% ethanol at 

20V and 30 ℃. For the TEM examination, specimens were first grounded to a thickness 

of 50 μm using SiC papers, then punched into discs with a diameter of 3 mm, followed 

by ion-milling to electron transparency via a precision ion polishing system (Ganta 695). 

For phase identification and lattice parameter calculations, the diffraction data were 

collected from 20◦ to 100◦ with a step size of 0.02◦ and a speed of 2◦ per minute. The 

(311) diffraction peaks of   and    phases were deconvoluted for solving the 

individual lattice parameters of γ and    phases [9]. In order to distinguish the 

individual peak of the    phase and   phase from the overlapped peak, a pseudo-Voigt 

function was used for a peak deconvolution. 

Atomic-scale compositional analysis was carried out by Atom probe tomography 

(APT). APT is a state-of-art three-dimensional elemental analytical method with an 

atomic-scale resolution. As compared with traditional characterization method, its 

outstanding spatial resolution (~0.1 nm) and detection sensitivity (down to ppm-level 

concentration) make it possible for capturing atomic-scale phenomena such as solute 

segregation and cluster formation. Needle-shape specimens were fabri- cated and 

extracted using a FEI Scios dual-beam SEM/focused-ion-beam instrument. A cleaning 
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procedure of 2 kV and 27 pA in the final step was used to remove the contaminated 

surface caused by previous high- energy Ga ion beams. The APT test was conducted 

via a local elec- trode atom probe (CAMECA LEAP 5000 XR) in a voltage mode at 70 

K with a pulse rate of 200 kHz, a pulse fraction of 20%, and a detection rate of 0.2%. 

Image Visualization and Analysis Software package (IVAS 3.8.2) was used for 3D 

reconstructions. 

  

2.3 Mechanical properties 

The temporal evolution of the microhardness was measured by a Vickers micro-

hardness tester (Fischer HM2000XY) with a nominal load of 2 N and a dwell time of 15 

s. The hardness value reported here was an average of at least 9 measurements. 

Dog-bone-shaped specimens with a gauge length of 25 mm with a cross-section 

area of 22.5 1.5mm  were cut by electro-discharge machining for tensile tests. Surfaces 

of the specimen were polished to 2500 grit by SiC papers. The tensile test was 

conducted by a SUST CMT5304GL testing machine at 800℃ with a strain rate of 3 110 s   

in air.During the high-temperature tensile test, all the specimens were heated in the 

furnace from room temperature to 800℃ under a preload of 50MPa. The temperature 

was monitored by three different thermocouples, maintaining temperature variation 

within ±5℃ during the hightemperature tensile tests. The yield strength at 800℃ was 

taken as an indicator for the high-temperature strength. 

 



2.4. Coarsening parameters of    precipitates 

The size of   precipitates was estimated according to the method of equivalent 

circle radius [31]. At least 200 precipitates were involved in determining the average size 

of precipitates for each sample. The average equivalent circle radius (r) was calculated 

according to the following equations: 

/Ppr A           (1) 

1

1 i

p

n

i

r r
n 

            (2) 

where Ap is the area of the precipitation, rp is the equivalent circle radius of the 

precipitates, n is the total number of precipitates involved 

The Ostwald ripening mechanism assumes that the large particle growth at the 

expense of dissolving small particles through a solute diffusion in the matrix phase. 

Basically, the driving force for precipitate coarsening is to decrease the interfacial 

energy between the matrix and precipitate. Lifshitz, Slyozov, and Wagner (LSW) had 

developed the classical numerical model for quantifying this kind of coarsening 

behaviour [32,33]. However, there are few assumptions in the LSW model that are not 

applicable to the situation we encountered in this work. In the original LSW model, it 

is assumed that the condensation of the solute atoms from a dilute matrix leads to the 

growing precipitates, where the interference from the diffusion fields of adjacent 

particles is neglected. In fact, a high volume fraction of the precipitates is main- tained 

in the present study, so the overlap among the diffusion fields between neighboring 

particles should be taken into consideration. As a result, several optimized LSW models 
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have been put forward in order to eliminate such discrepancy[34–37]. Collectively, a more 

generalized model can be used to evaluate the coarsening kinetics[20]: 

   n

0 0( )
n

rt r t K tr t          (3) 

where ( )tr  and 
0( )rt  represent the average equivalent circle radius at time t and at the 

beginning of coarsening, 
rK  is coarsening rate constant, and n is the temporal exponent 

of precipitation size. Different from the original LSW model which yields a fix 

temporal exponent 3n  , the generalized model treats this parameter as a variable. For 

the case that 2n  , the coarsening process is controlled by the trans-interface 

diffusion[38], rather than bulk diffusion when 3n 
 [39]. 

 

3 Results and discussion 

3.1 Microstructures and elemental profiles at 800℃ 

Aging at 800℃ induced a uniformly distributed precipitation, where the size of 

precipitates gradually increased with the increase of aging time (Fig. 2 and Table 1). 

Precipitation morphology was further characterized by TEM. Dark-field TEM (Fig. 3a) 

showed a homogenous distribution of high-density cuboidal precipitates with rounded 

corners embedded in the matrix after aging for 336 h. Corresponding select area electron 

diffraction (SAED) patterns acquired from [011]z   exhibited the superlattice 

diffraction spots, as pointed out by red circles, revealing the L12-type ordered structure 

of the precipitates. 
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Composition analyses towards the nano-size phase were carried out by TEM 

energy-dispersive X-ray spectroscopy (EDX) for HEAs after aging for 336 h at 800℃ 

(Table 2). Partitioning coefficient Ki (i Ni, Co, Fe, Cr, Al, Ti, Mo, W) are also listed to 

quantitatively illustrate elemental partitioning behavior which can be derived as: 

/i i iC CK            (4) 

where iC    and iC    are the atomic percentage of element i in the     and    phase, 

respectively. The values of Ki are listed in Table 2. Elemental partitioning coefficient 

Ki > 1 represents the element partitions to    precipitates, otherwise to the γ matrix. 

Similar to previous reported PH-HEAs [6,9,15], the   precipitates are enriched in Ni, Al, 

and Ti and depleted in Fe, Co, and Cr. The partitioning coefficient of Ni, Co, Fe, and Cr 

remains relatively stable after alloying with refractory elements. The partitioning 

coefficient of Al decreased significantly from 6.40 for the base HEA to 2.89 for Mo1.5 

HEA, 3.22 for W1.5 HEA, and 2.55 for (MoW)1.5 HEA (Fig. 3c). As a result, Ti atoms 

partitioned more strongly to the precipitates and occupied the corner sites that are used 

to be filled wiht Al atoms in the base HEA, leading to the increased KTi. 

Mo and W demonstrated a different partitioning behavior when alloyed separately: 

MoK 0.46  and 
WK 1.54  . Mo preferred to partition to the    precipitates (Table 2). The 

combined alloying effect of Mo and W is revealed in (MoW) 1.5 HEA with a norninal 

composition of 0.6 at.% Mo and 0.9 at.% W. Partitioning coefficient KW decreased from 

1.54 when alloyed solely to 0.92 when alloyed combined with Mo, suggesting W 

repartitioned to the γ matrix. 
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Equiaxial grain structure of the as-recrystallized samples was demonstrated in Fig. 

4a. We did not identify any grain-boundary phase formation after recrystallization. In 

contrast, the Heusler phase formed at grain boundaries after aging at 800℃ (Fig. 4b). 

In terms of grain sizes, we observed almost negligible grain growth even after aging 

at 800 ◦C for 336 h (Fig. 5a). It is well known that the dispersed particles along grain 

boundary (GB) exert a pinning force on the GB migration, leading to the grain growth 

inhibition at this temperature [40]. In this case, either the high-density    precipitates 

in the grain interior or the Heusler phase located at the GBs balanced the driving force 

for the grain growth by a strong pinning effect. 

The Heusler phase was identified at the grain-boundary region after a long-time 

aging (Fig. 4b), whose volume fraction was determined by image extraction using 

ImageJ software. The volume fraction of the Heusler phase was determined as 1.26% 

in the base HEA (Fig. 5b). Mo and W demonstrated different contributions to such 

grain-boundary Heusler phase. That is, alloying 1.5 at.% Mo increased the Heusler 

phase amount to 1.59%, whereas 1.5 at.% W decreased the amount of the Heusler phase 

to only 0.31%. The volume fraction of the Heusler phase in the (MoW)1.5 HEA was 

0.74%, which was also lower than that of the base HEA. It is concluded that Mo 

contributes to a grain-boundary Heusler phase formation and W suppresses Heusler 

phase formation. As shown in the elemental mapping results (Fig. 5c), the Heusler phase 

was enriched with Al and Ti. The lattice constant of the Heusler phase was determined 

to be 0.6046nm from the diffraction patterns taken from [111]  shown in the inset of 

Fig. 5c. The Heusler phase is extremely brittle and incoherent with the surrounded γ 
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matrix. The formation of the Heusler phase contributes to a localized stress 

concentration and results in an early brittle fracture under loading [6]. 

The volume fraction of L12-type precipitates was calculated according to lever 

rules. Due to the presence of the Heusler phase, the lever rule was modified by taking a 

consideration of the Heusler phase, into the mass balance equation: 

 Heusler  Heusler 

Heusler  1 mC C CC 

    

            (5) 

where    and Heusler   are the volume fraction of the     phase and Heusler phase, 

respectively, C   and C  are the elemental concentration for    precipitates and the   

matrix , respectively, HeuslerC  is the concentration of elements in the Heusler phase, and 

mC   is the the bulk concentration of elements in the alloy. In this way , the volume 

fraction of the    phase can be derived from equation (6): 

 Heusler 

m Heusler 

C C

C CC C 

 








  



      (6) 

The value of   is calculated to be 38.8 ± 1.2% for the base HEA after aging for 

336 h (Fig. 5d). It slightly decreased to 34.5 ± 0.9% after alloying with the 1.5 at.% Mo. 

Alloying with 1.5 at.% W increased 
  to ± 3.0% after aging for 336 h. For the 

(MoW)1.5 HEA, the value of  was determined as 36.5 3.4%. Because Mo does not 

contribute to the precipitation formation, it influences the partitioning behavior of other 

elements, leading to the varied 
[41]. In contrast, W is regarded as a   -former element 

in Co-based superalloys, leading to Co3(Al,W) precipitates. It is anticipated that the 

positive contribution to the pre- cipitation reaction through W alloying in the PH-HEAs. 
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3.2 Lattice misfit measurement 

he lattice misfit between the precipitates and the matrix was evaluated by the 

deconvolution of XRD peaks. The experimental XRD peaks in the black color (see Fig. 

6) for the (311) plane. Peak splitting phe- nomenon resulted from the difference in the 

lattice parameters of the    phase and   phase. Peak splitting became less discernible 

after alloying with the refractory elements, especially for the (MoW)1.5 HEA. The 

deconvoluted    phase peak (yellow color) stood at a low angle as compared with the 

 phase peak (green color), suggesting a larger lattice parameter for the    phase. 

Because of the larger atomic radius of Mo and W, it leads to the lattice expansion after 

the solid solution with these refractory elements. As shown in Fig. 7a, the lattice 

parameters of both the    phase and   phase expanded after Mo or W alloyed. In 

addition, the    and   phase lattice parameters of W1.5 HEA was larger than that of 

Mo1.5 HEA, which can be explained by the larger atomic size of W [42]. 

It should be noted that the lattice constant of the   phase in (MoW)1.5 HEA was 

even larger than that of W1.5 HEA although a part of W atoms was replaced by Mo 

atoms. The reverse partitioning of W (Fig. 3c) from the γ′ phase to the   phase in 

(MoW)1.5 HEA led to the lattice further expansion in the   phase of (MoW)1.5 HEA. 

Both Mo and W atoms partitioned to the   phase in (MoW)1.5 HEA, rendering the 

largest   phase lattice parameter in (MoW)1.5 HEA. 

The lattice misfit ( ) between the    and  phases is defined as : 

   2 /a a a a             (7) 
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where a  and a  are the lattice constant for the    phase and phase separately. 

All the four HEAs exhibited a positive lattice misfit after aging at 800℃ C for 

336h at room temperature. The lattice misfit for the base HEA was 0.3549%. It is 

changed to 0.2702%, 0.3032%, and 0.2642% for Mo1.5 HEA, W1.5 HEA, and 

(MoW)1.5 HEA. The lattice misfit was the lowest for the (MoW)1.5 among all the four 

HEAs studied. Clearly, a carefully adjusted Mo/W ratio is important in tailoring the 

lattice misfit for the high-temperature alloy design. The coarsening behavior is closely 

related to the lattice misfit at different temperatures. The thermal expansion coefficient 

of the γ′ phase is lower than that of the γ phase due to the long-range-ordered structure 

in   phase [43]. Because the thermal expansion of the lattice parameter in the   phase 

is smaller than that of the   phase, it leads to a decreased lattice misfit as the 

temperature increased. The lattice misfit of Ni-base superalloys is usually negative at 

room temperature. On the contrary, the lattice constant of the    phase in the current 

study was slighter larger than that of the   phase, thus a positive lattice misfit was 

maintained. The lattice misfit becomes more negative and larger in magnitude with the 

increased temperature among some Ni-base superalloys with a negative lattice misfit [44], 

whereas the lattice misfit of current HEAs became smaller in magnitude at higher 

temperatures. Svoboda et al. [45] demonstrated that, for the optimal creep strength, the 

magnitude of lattice misfit should be larger at lower temperatures and smaller at higher 

temperatures. It is expected that the current alloys with a positive lattice misfit could 

demonstrate a better creep resistance [44]. 
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3.3 Mechanical properties 

The microhardness test provides a useful information for the precipitation 

hardening evolutions. An empirical relationship between hardness and yield strength 

has been generally accepted and widely used extensively: the hardness values is 

approximately three times the value of yield strength [46,47]. It should be noted that it is 

only appli- cable to materials without much work hardenability. For work-hardening 

metals, the yield strength should be replaced by the flow strength at a strain value 

between 8% and 10% (for Vickers indentation) since work hardening can be introduced 

during indentation[48]. Fig. 8a displayed the microhardness evolution as a function of 

aging time. The microhardness value for the samples without aging refers to the 

microhardness of recrystallized specimens. Since the specimens were air-cooled from 

the recrystallization temperature (1165℃) to room temperature, precipitation formed 

during the cooling process[15]. As a result, the microhardness value of the air-cooled 

specimens cannot be regarded as the hardness of the   matrix phase due to the rapid 

nucleation and precipitation process. Dramatic microhardness increment can be found 

after aging for 24h (Table 3). All the four HEAs reached a peak hardness after 168h 

aging with a hardness of 451 8 HV for the base HEA, 454±13 HV for the Mo1.5 HEA, 

463±8 HV for the W1.5 HEA, and 465±14 HV for (MoW)1.5 HEA. An extended aging 

time led to the microhardness decrement after 168 h, as indicated in Fig. 8a. 

High-temperature strength is critical in evaluating the potential of PH-HEAs for 

high-temperature applications. The yield strength at 800℃ is shown in Fig. 8b. 

Refractory elements alloyed PH-HEAs exhibited an enhanced strength at 800℃. The 
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yield strength increased from 530MPa for the base HEA to 614MPa for the Mo1.5 HEA. 

The strength of the W1.5 HEA and the (MoW)1.5 HEA also increased, but not as 

significant as Mo1.5 HEA. One possible explanation for the strength elevation is that 

molybdenum partitioned to the matrix phase more strongly than tungsten and imparted 

the most strength by solid solution hardening. The stacking fault energy is lowered after 

alloying with refractory ele- ments[23], which possibly makes it more difficult for the 

dissociated dislocations to cross slip. 

 

4. Discussion 

4.1 The partitioning behavior of refractory elements 

   precipitates are Cu3Au-type intermetallic compounds with mainly Ni and Co 

atoms occupying the face-centered positions (A sites in A3Btype L12 phase) of the cubic 

cell, and Al and Ti atoms occupying the cubic corners (B sites in A3B-type L12 phase)[9]. 

As a result, the total atomic percentage of Ni + Co is close to 75 at.% and Al + Ti close 

to 25 at.% in the precipitates. Previous first-principle calculations[9] suggested that Fe 

atoms prefer to occupy the cubic face centers. Moreover, in the Cr-modified Co–30Ni–

10Al–5Mo–2Ta–2Ti-xCr ( 0,2,5,8x   at.%) HEAs[49], spatial distribution maps generated 

from APT suggested that Cr took the corner positions first at a low Cr concentration 

( 2,5x    at.%), then face-centered positions at a high Cr concentration ( 8x    at.%). 

Therefore, it is identified the precipitates among the base HEA as the 

(Ni47.7Co22.1Fe5.1Cr0.1)3(Al9.6Ti12.4Cr3) phase. 
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W is regarded as a precipitation-former element in Co-based super- alloys, 

substituting for atoms at the cubic corner positions[12]. For example, W partitioned to 

the precipitation in the ternary Co–7Al–7W alloy with a high degree (KW = 6.2)[42]. 

Alloying 25 at.% Ni to Co-based superalloys suppressed KW from 6.2 to 1.07[50]. W 

parti- tioned to the precipitation in the W1.5 HEA, but with a much less extent (KW = 

1.52). The suppression of KW after Ni alloying can be attributed to the matrix 

transformation from the pure  -Co matrix (in Co–Al–W su- peralloys) to the (Co, Ni)-

rich matrix (in the W1.5 HEA) and the Ni in the matrix solid solution with more 

tungsten. Mo partitioned to the    matrix (KMo 0.46) in Mo1.5 HEA, but the 

partitioning coefficient of Mo varied over a large range, depending on the overall alloy 

compositions and aging temperatures[31,51]. First-principle calculations pointed out that 

both Mo and W atoms share the same sublattice sites in   precipitates, that is the cubic 

corner positions [52]. According to the TEM-EDX data, the compositions of the    

precipitates are determined as the (Ni47.6C- o20.8Fe4.3Cr2.3)3(Al10.1Ti13.3Cr1.0Mo0.60) 

phase for Mo1.5 HEA, the (Ni45.2Co24.1Fe5.5Cr0.2)3(Al8.7Ti11.1Cr3.2W2.0) phase for W1.5 

HEA, and the (Ni45.2Co23.6Fe5.6Cr0.6)3(Al9.7Ti10.8Cr3.1Mo0.3W1.1) phase for (MoW) 1.5 

HEA, respectively. 

The reversal partitioning effects can be explained by the multi- species interactions 

among multicomponent alloys[53,54]. For example, Ru is known to reverse the 

partitioning behavior of Re from the   matrix to   precipitates[53]. Since the formation 

of TCP phase in superalloys can be ascribed to the Re supersaturation in the   matrix 

phase, the Re concentrations in the    matrix phase can be suppressed due to such 
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reverse Re partitioning, making Re unavailable for TCP phase formation. It is also 

reported that W, usually partitioned to the    phase in the ternary Ni–Al–W alloys (KW 

= 1.49), would repartition to the   phase in multicomponent Ni-based superalloys (KW 

= 0.92 for ME-9 and KW = 0.89 for ME-15)[54]. Ta atoms, which had a stronger affinity for 

   precipitates, could push W atoms to the γ phase because Ta atoms occupied the same 

sublattice sites as W. In this study, since both Mo and W atoms occupy the same corner 

positions in the L12-type     precipitates[52], it is anticipated the competing site 

occupation behavior for Mo and W atoms after the combined Mo and W alloying. Part 

of the W atoms which used to take the corner positions in the    precipitates of W1.5 

HEA were rejected to the γ matrix phase in (MoW)1.5 HEA with the presence of Mo, 

leading to the reversal W partitioning behavior from    precipitates (KW 1.54 for W1.5 

HEA) to the γ matrix (KW 0.92 for (MoW)1.5 HEA). It is concluded that the W partition 

is sensitive to the Mo concentration. 

 

4.2 The alloying effect of refractory elements on microstructural evolution 

For microstructural evolution, precipitates retained spheroidal at the early stage of 

coarsening (Fig. 2). But precipitates became cuboidal with rounded corners in the later 

stage of aging, especially for the base HEA after aging for 336h. The sphere-to-cube 

morphological transition has also been reported in Ni-based superalloys[22,55]. This 

morphological evolution is governed by the competition between the interfacial energy 

and the elastic interactions between the   and    phases. The size of the precipitates 

was small at the beginning of aging. Interfacial energies dominated this stage because 
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of the large specific surface area, leading to a spheroidal precipitation with the 

minimization of interfacial energy. As the precipitates grow, the elastic energy increases 

in proportion to the cube of precipitation radius, whereas the interfacial energy 

increases only in a square manner. As a result, to accommodate the difference in the 

lattice parameters of the   and    phase, the elastic energy takes a leading role in the 

later coarsening stage. In order to reconcile the contributions from the interfacial 

energy and elastic energy, the L parameter was brought out by Thompson as[56]: 

2

44C
L r




          (8) 

where   is the lattice parameter misfit strain and can be calculated as   /a a a      

(where a    and a   are the lattice parameters for the     and    phase, respectively), 

44C  is an elastic constant of the   matrix,   is the interfacial energy, and   is the 

radius of the precipitates. It suggests a morphology transition from spherical shape at 

the small precipitation size, to a 4-fold symmetric shape at the intermediate size when 

2 < L < 4 , finally to a 2-fold symmetric shape with an alignment along the elastically 

soft [100] direction when L > 5.6. 

In order to calculate the L parameter,    is calculated according to the lattice 

parameters gained by XRD (Fig. 6). The values of elastic constant C44 and interfacial 

energy σ is estimated as 144GPa[57] and 19 mJ/m2[58]. After substituting all the values 

into equation (8), the parameter L is calculated to be 4.3 for the base HEA, 2.4 for the 

Mo1.5 HEA, 3.0 for the W1.5 HEA, and 2.2 for the (MoW)1.5 HEA after the 336 h aging. 

The well-aligned precipitation in the base HEA and W1.5 HEA along one axis can be 

clearly identified in Fig. 2. Although the calculated L parameter of the base HEA and 

the W1.5 HEA is smaller than the predicted threshold value of 5.6, discrepancies from 
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the experimental observation can be a result of an inaccurate estimation of elastic 

constant and interfacial energy for PH-HEAs. For the Mo1.5 HEA and (MoW)1.5 

HEAs, the precipitates show no sign of alignment and remain randomly distributed. 

Such observation matched well with the Thompson’s theory[56], which confirmed that 

the influence from the altered lattice misfit to the precipitation morphology evolution. 

 

4.3 The alloying effect of refractory elements on the coarsening kinetics and 

mechanism 

The temporal evolution of precipitates size for the base, Mo1.5, W1.5, and 

(MoW)1.5 HEAs aging at 800℃ is shown in Fig. 9a. Multiple regression analyses were 

applied to the plot in order to solve the temporal exponent of the average precipitation 

size (Fig. 9a). The slope of log(r) versus log(t) yielded the temporal exponent of 0.319 

± 0.048, 0.315 ± 0.052, 0.338 ± 0.041, and 0.301 ± 0.034 for the base, Mo1.5, W1.5, 

and (MoW)1.5 HEAs, respectively. All these temporal exponents for the four HEAs are 

close to the value of 1/3, as predicted by the Lifshitz-Slyozov-Wagner (LSW) [32], 

Kuehman-Voorhees (KV)[37], and Philippe-Voorhees (PV) coarsening model[35], which 

implies that the coarsening behavior in these alloys is controlled by a solute diffusion. 

Linear regression analyses of the plot between r3 and aging time yielded the slope equal 

to the coarsening rate constant (Fig. 9b). The base HEA shows the largest coarsening 

rate among all these four PH-HEAs ( 29 30.948 107.5 1 /7 m s  ). With the alloying addition 

of Mo or W refractory elements, the coarsening rate decreased to 291.0737.087 10   and 

29 36.984 0.744 10 /m s    for Mo1.5 and W1.5 HEAs, respectively. By comparison, the 

(MoW)1.5 HEA exhibits the smallest coarsening rate of 29 36.239 0.603 10 /m s   . 

Microstructural stability is a necessity for high-temperature applications since a fast 
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precipitation coarsening results in a degradation of mechanical properties, thus a 

comparison be- tween HEAs and traditional superalloys is important. The coarsening 

rate of the four measured HEAs is lower than conventional superalloys, either Ni-based 

superalloys ( 28 38.7 10 / sm   for Ni-9.7Al-8.5Cr-2.0W[22]) or Co-based superalloys 

( 28 31.2 10 / sm  for Co-9.9Ni-8.8Al-8.9W[39]). It indicates that the coarsening resistance of 

the current high-entropy alloys is significantly better than that of con- ventional 

superalloys. 

Assuming element i is the rate-determining specimen, the coarsening rate constant 

Kr can be derived according to the modified-LSW theory as[36]: 

 

 
2

8 1

9

i i

i

r

i m

i

D C C
K

v

RT C C

 

 

 



        (9) 

where 
iD  is the diffusivity of element i ,   is the interfacial energy between the matrix 

and the precipitates, iC   and iC   is the equilibrium concentration of element i in the   

and    phase, respectively, 
mv  is the mole volume of the precipitation, R is the gas 

constant, and T is the thermodynamic temperature. According to this model, the 

coarsening rate constant is a function of : (i) diffusivity of the controlling solute element 

iD  , (ii) interfacial energy between the matrix and the precipitates   and (iii) elemental 

concentration iC   and iC  . 

Because of the large atomic size of the alloyed molybdenum atoms (0.136nm) and 

tungsten atoms (0.137nm), as compared with that of nickel (0.125nm) and cobalt atoms 

(0.125nm)[59], the diffusion coefficient of Mo and W is small[60]. To quantitatively 

evaluate the effect of the low diffusivity of the refractory elements, the diffusion 

coefficient of various solute atoms should be evaluated. Due to the highly concentrated 
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Co in the   phase, the diffusion coefficient of alloying el- ements is calculated by 

extrapolating the diffusion parameters in the  -Co phase[61–66]. The solute diffusivities 

of Ni, Co, Fe, Cr, Al, and Ti are determined to be 187.17 10  , 185.98 10  , 171.30 10   , 

184.57 10 , and 17 23.51 10 m / s , respectively. The diffusivities of the refractory elements 

of Mo and W are calculated as 183.63 10  and 18 22.07 10 m / s , respectively. Evidently, 

the W element is the slowest diffusing solute and the diffusion of Mo is slightly faster 

than that of W. So, either Mo or W atoms control the coarsening after alloy- ing, which 

accounts for the slower coarsening rate. 

Both lattice misfit and segregation of refractory elements at the interface alter the 

interfacial energy and exert an influence on the coarsening behavior. Lattice misfit 

induces the elastic stress at the interface. It is argued that the value of the lattice misfit 

  close to zero minimizes the interfacial energy, thus the coarsening can be slowed 

down[67]. The smallest lattice misfit in (MoW)1.5 HEA may contribute to the 

microstructural stability by maintaining the smallest elastic stress during the coarsening 

process. In order to investigate the possible elemental segregation at the  /    interface, 

APT was utilized to investigate the elemental profile at the  /    interface. Fig. 10a 

illustrated the three-dimensional reconstruction of the MoW1.5 HEA after 336 h aging 

at 800℃. The narrow    matrix channel is sandwiched between two    precipitates. 

The elemental partitioning behavior across the interface between the   and    phases 

is shown in the concentration profiles for the solutes (Fig. 10b). The elemental 

partitoning behavior obtained from APT reconstruction matches that obtained from 

TEM-EDX analysis (Fig. 3c), with Ni, Al, and Ti preferential partitoned to the 
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precipitates and Co, Fe, and Cr partitioned to the matrix. Mo partitioned to the matrix, 

and tungsten distributed evenly between the two phases, as showed in Fig. 10c. 

However, there is no evidence showing the local segregation of refractory elements at 

the interface region, which is different from the case as found among Ni-base superalloy 

René N6[68] and CoNi-base superalloy Co–30Ni–10Al–5Mo–2Nb-2Re (at.%)[31]. The 

results suggest that the segregation of refractory elements at the interface may be a 

result of complicated atomic interactions among the solutes[72]. Since solute segregation 

is driven by the thermodynamic Gibbs free energy reduction in a spatially confined 

manner, locally ltered chemical composition at the  /    interface controls the solute 

segregation. A possible explanation is that solute segregation at the interface was not 

thermodynamically favourable in the multicomponent HEA we currently studied, but 

it is preferred among above-mentione Ni-based or CoNi-based superalloys. In-depth 

atomistic understanding of this behaviour will be conducted in the future. As a result, 

we did not find any evidence showing solute segregation. In this way, the possibility of 

the reduced interfacial energy as a result of interfacial elemental segregation is 

elimiated. The minimized lattice misfit after reractory elements alloyi ng accounts for 

the decreased in terfacial energy. 

 

4.4 Mechanical behaviors 

Mechanical properties are closely related to the interactions between dislocations 

and precipitates. The dislocation-precipitate interactions can be divided into two 
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different mechanisms: precipitation shearing mechanism and Orowan dislocation 

looping mechanism. Particle shearing mechanism usually works for small particles, 

whereas the dislocation looping mechanism dominates for large particles. As the 

particle grows, the shear stress required for shearing increases. As a result, a critical 

precipitation size can be determined for the shearing- looping transition. 

For precipitation shearing mechanism, the shear stress,    , required can be 

calculated as[69]: 

13
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      (10) 

where 
APB  is the anti-phase boundary energy of the precipitate, r  is precipitate 

radius, b is the Burgers vector of the dislocation, φ is the volume fraction of the 

precipitate, r  is the dislocation line tension, and A is a numerical morphological 

factor. 

The anti-phase boundary energy 
APB  is estimated to be 0.3 J/m2 which is taken 

from Ni-base superalloys[70], Burgers vector of the dislocation 
2

2
b a   ( a   Is the 

lattice parameter of the matrix) ,   can be estimated as 21

2
Gb

[71] ( 78.5G   Gpa is the 

shear modulus of the matrix[61]), and A equals 0.72 for spherical particles[69]. 

The Orowan looping mechanism involves the dislocation looping around the 

precipitation, and the additional stress required for looping is given as[70]: 

orowan 
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        (11) 
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where 0.31v   is the Poisson’s ration[6]. 

The additional stress required for precipitate shearing mechanism and Orowan 

looping mechanism as a function of precipitation size is calculated and shown in Fig. 

11. Since the two mechanisms work independently, the stress increment is determined 

by the smaller stress required among the two competing mechanisms. There is an 

optimal precipitate size range and the largest strength elevation can be obtained at a 

precipitation radius at around 30nm, and such largest strength can be used to explain 

the reason for the peak hardness after 168h aging at 800℃. The precipitation size was 

around 30nm after 168h aging (Table 1), which is roughly corresponding to the 

caculated optimum precipitation size. Based on the measured particle size and the 

calculated stress level, we conclude that dislocations inter with precipitates essentially 

by shearing through before the peak, and the Orowan looping becomes the operative 

mechanism after the peak. 

 

5. Conclusions 

The present work demonstrates the potential for the refractory- element alloyed PH-

HEAs to be used as high-temperature structural materials. The findings in this study 

can be summarized as: 

1) Aging at 800℃ induced the formation of ordered L12-type precipitates in this study. 

The L12-type precipitate was identified to be a (Ni, Al, Ti)-rich ordered phase, while the 

matrix is a (Fe, Co, Cr)-rich disordered fcc phase. Mo partitioned mainly with the matrix 
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phase in both the Mo1.5 and (MoW)1.5 HEA. W partitioned to precipitates in the W1.5 

HEA with a partitioning coefficient of 1.52 but reparti- tioned to the matrix phase in 

the (MoW)1.5 HEA. Such reverse partition behavior of W can be attrib uted to the 

elemental in- teractions between Mo and W atoms. The volume fraction of L12-type 

precipitation was 38.8% for the base HEA and 36.5% for the (MoW) 1.5 HEA. Alloying 

Mo slightly reduced it to 34.5%, whereas W increased it to 41.2%. A sphere-to-cube 

morphological transition was observed with the prolongation of aging time. In particular, 

the wellaligned precipitation morphology formed only in the base and W1.5 HEA after 

336h aging due to the competing interfacial energy and elastic energy. 

2) Isothermal heat treatments led to the Heusler phase formation. Mo and W displayed 

different effects on the formation of Heusler phase. Basically, Mo promoted its 

formation, whereas W destabilized Heusler phase. 

3) Positive lattice misfit was maintained among all the four PH-HEAs at room 

temperature. Alloying refractory elements effectively reduced the lattice misfit from 

0.3549% for the base HEA to 0.2702%, 0.3032%, and 0.2642% for the Mo1.5 HEA, 

W1.5 HEA, and (MoW) 1.5 HEA, respectively. The lattice misfit in the (MoW)1.5 HEA 

was the smallest, which can be ascribed to the reversed partitioning behavior of W. 

4) PH-HEAs exhibited a superior coarsening resistance than that of conventional Ni- 

and Co-base superalloys because the coarsening rate constant of PH-HEAs in this study 

was smaller than that of conventional superalloys. (MoW)1.5 HEA outperformed all the 

other HEAs in the aspect of coarsening resistance. Either the intrinsic small diffusivities 



of the refractory elements or the reduced interfacial energy contributed to a superior 

thermal stability after alloying with refractory additions. 

5) Alloying refractory elements to PH-HEAs improved the high-temperature yield 

strength. The microhardness at room temperature peaked around 168 h aging at 800℃. 

It is anticipated that the dislocation-precipitation interactions transform from the 

dislocation shearing mechanism before the peak to the Orowan dislocation looping 

mechanism after such peak. 
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Figure captions 

Fig. 1. (a) The equilibrium phases and their mole fractions in the temperature range 

from 750℃ to 1400℃ for the base HEA. (b) The calculated    solvus tem- perature, 

  solidus temperature and liquidus temperature for base, Mo1.5, W1.5, and (MoW)1.5 

HEAs 

Fig. 2. Secondary electron SEM of base HEA after aging at 800℃ for (a) 24h, (b) 72h, 

(c) 168h, and (d) 336 h; Mo1.5 HEA after aging at 800℃ for (e) 24h, (f) 72h, (g) 168h, 

and (h) 336h; W1.5 HEA after aging at 800℃ for (i) 24h, (j) 72 h, (k) 168h, and (l) 

336h; (MoW)1.5 HEA after aging at 800℃ for (m) 24h, (n) 72h, (o) 168 h, and (p) 336 

h. The microstructures illustrated the temporal evolution of L12-type precipitates. 

Fig. 3. (a) Dark-field TEM reveals the high- density cuboidal precipitates with rounded 

corners embedded in the matrix after aging at 800℃ for 336h. The diffraction pattern 

(DP) obtained along [011] zone is taken from Mo1.5 HEA after aging at 800℃  for 

336h. Red circles in the DP represent L12 structure superlattice diffraction. (b) TEM-

EDX mapping of base HEA after aging at 800℃ for 336h, showing the elemental 

partitioning behavior. (c) Partitioning coefficient of elements in HEAs after aging at 

800℃ for 336h. Ni, Al, and Ti showed a pref- erential partitioning behavior to    

precipitation phase, but Co, Fe, and Cr partitioned into γ ma- trix phase. W partitioned 

to     phase in W1.5 HEA but repartitioned to γ phase in (MoW)1.5 HEA. (For 

interpretation of the references to color in this figure legend, the reader is referred to 

the Web version of this article.)  

Fig. 4. Microstructure of samples (a) after recrystallization and (b) aged for 336h at 

800℃, showing equiaxial grains for all the specimens. Grain growth is negligible 

during isothermal treatment at 800℃. 

Fig. 5. (a) A comparison of the grain sizes before and after aging at 800℃ for 336h. (b) 

The volume fraction of Heusler phase as measured by image extraction. (c) TEM-EDX 

mapping of grain boundary Heusler phase in the Mo1.5 HEA after aging at 800℃ for 

336h, showing the strong partitioning of Al and Ti in the Heusler phase. Inset is the 

diffraction patterns taken along [111]z  . (d) Volume fraction of L12-type precipitates of 

HEAs after aging at 800℃ for 336h, calculated by the lever rules. 

Fig. 6. X-ray diffractions and peak deconvolutions of (a) base HEA, (b) Mo1.5 HEA, 

(c) W1.5 HEA, and (d) (MoW)1.5 HEA after aging at 800℃ for 336h. Peak asymmetry 

is attributed to the different lattice constant for the matrix and the precipitates. 

Fig. 7. (a) Lattice parameters of γ′ and γ phase calculated from the deconvolution of the 

(311) diffraction peaks. (b) Lattice misfit between γ′ and γ phase for base, Mo1.5, W1.5, 



and (MoW)1.5 HEAs after aging at 800℃ for 336h. The XRD test was conducted at 

room temperature. 

Fig. 8. (a) Temporal evolution of the microhardness for base, Mo1.5, W1.5, and 

(MoW)1.5 HEAs aging at 800℃. (b) Yield strength at 800℃ of base, Mo1.5, W1.5, and 

(MoW)1.5 HEAs after aging at 800℃ for 24h.  

Fig. 9. (a) The scatter plot between average precipitation size rp (nm) and aging time 

(s). Both the average precipitation size and aging time are in the logarithmic scale. 

Regression analysis was applied to the scatter points (dotted line). The slope of the plot 

between log(r) and log(t) yields the temporal exponents (1/n) of average precipitation 

size. (b) The scatter plot of rp 3 (nm3) versus aging time (s). Linear regression analysis 

was applied to the scatter points for each HEA after various aging time (dotted line). 

The slope of the linear regression yields the coarsening rate constant Kr 

Fig. 10. (a) APT reconstruction of the MoW1.5 HEA after 336 h aging at 800℃, 

showing a narrow γ matrix channel and two adjacent γ′ precipitates. (b) Elemental 

concentration profiles across the γ/γ′ interface. (c) Magnification view of the Mo and 

W proxigrams at the interface. 

Fig. 11. Strength increment earned from the dislocation shearing and Orowan looping 

mechanisms versus precipitation size. The optimal radius for precipi- tation 

strengthening is around 30 nm, which can be attributed to the compe- tition between 

dislocation shearing mechanism and Orowan looping mechanism. 
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