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Fig. 1. SEM images of (a) V element powders, (b) Nb element powders, (c) Zr element 

powders and (d) Ti element powders; (e) mixed powders; (f) scanning strategy for SLM; 

(g) picture of the SLMed samples. 
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Fig. 2. (a) XRD patterns of the SLMed samples with different VEDs; (b) EDS elemental 

mapping images and BSD images of surface morphology of the SLMed samples with 

different VEDs; (c) dependences of average crack density and density of unmelted Zr 

(red star) and Nb (red circle) particles on VED. 

 

  



 

Fig. 3. (a) EBSD image of the SLMed sample with VED=333 J/mm3, the bottoms of 

molten pool that are marked with black dotted lines; (b) grain size distributions of the 

SLMed sample with VED=333 J/mm3. 

  



 

Fig. 4. (a) HAADF image and corresponding EDS elemental mapping images; (b) 

HRTEM image of the region around grain boundary; SAED patterns of the matrix phase 

(c) and grain boundary phase (d). 

  



 

Fig. 5. (a) True stress-strain curves of the crack-free SLMed sample and the as-cast 

sample; (b) strain hardening rate curves of the crack-free SLMed sample and the as-

cast sample. 

  



 

Fig. 6. (a) BSD image of the SLMed sample with VED=467 J/mm3; (b) BSD image of 

the SLMed sample with VED=285 J/mm3; (c) EDS elemental mapping image of the 

SLMed sample with VED=285 J/mm3. 

  



 

Fig. 7. Simulated temperature field (a) and thermal stress field (b) under homogeneous 

model with VED=467 J/mm3; (c) dependence of the maximum stress on VED; 

simulated temperature field (d) and thermal stress field (e) under heterogeneous model 

with unmelted Zr particles and VED=285 J/mm3. 

  



 

Fig. 8. (a) OM image of as-cast sample; (b) grain size distributions of the as-cast sample 

and the crack-free SLMed sample. 

  



 

Fig. 9. (a) Bright-field TEM image of crack-free SLMed sample after a compression 

with 15% strain; (b) enlargement of the region in red rectangle; (c) HRTEM image, 

IFFT and a the corresponding exx distortion map in the region of blue rectangle. 

  



 

Fig. 10. (a) EBSD image of crack-free SLMed sample after the compression with 15% 

strain deformation; (b) the corresponding GND density distribution. The color bar in 

GNDs maps indicates the range of GND density from 1 × 1012 m−2 to 728 × 1012 m−2.  
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Highlights 

 Technology adjustment and control effectively suppressed the cracks in the 

V0.5Nb0.5ZrTi refractory high-entropy alloy during the SLM process.  

 Two different mechanisms of crack generation in the V0.5Nb0.5ZrTi refractory high-

entropy alloy were investigated. 

 The microstructure and mechanical properties of the V0.5Nb0.5ZrTi refractory high-

entropy alloy were studied. 

Abstract 

In this work, a V0.5Nb0.5ZrTi refractory high-entropy alloy is successfully 

fabricated by the selective laser melting (SLM) method using elemental powders as 

precursors. A crack-free SLM-prepared (SLMed) sample with a nearly single BCC 

structure is acquired with a volume energy density (VED) of 333 J/mm3. However, 

when the VED is lower or higher than 333 J/mm3, microcracks are generated in the 

SLMed samples. The finite element method simulation reveals that there are two 
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mechanisms for generation of cracks. When VED < 333 J/mm3, Zr particles are not 

completely melted. Cracks are formed around the Zr particles due to the crystalline 

structure and coefficient of thermal expansion mismatches between the unmelted Zr 

particles and the alloyed BCC matrix. When VED > 333 J/mm3, cracks are formed due 

to thermal stress induced by the large temperature gradient during the SLM process. In 

addition, the SLMed crack-free sample exhibits much better mechanical properties than 

the as-cast counterpart. The current study provides a reference for the application of 

SLM technology to prepare refractory high-entropy alloys with excellent mechanical 

properties using elemental powders as the precursor. 

Key words: Refractory high-entropy alloy; Selective laser melting; Finite element 

method simulation; Mechanical property. 

1. Introduction 

Refractory high-entropy alloys (RHEAs) are highly promising new alloy systems 

consisting of various refractory elements (Cr, Hf, Mo, Nb, Ta, V, W, Zr, Ti) mixed in 

equal or nearly equimolar ratios[1-3]. Compared with conventional nickel-based high-

temperature alloys, RHEAs have excellent mechanical properties as well as unique 

properties such as resistance to high-temperature oxidation[4-6] and corrosion[7,8] at both 

room and high temperatures due to the decreased diffusion rate and increased lattice 

distortion[9-11]. Therefore, RHEAs are expected to be used at higher temperatures and 

become the next generation of high-temperature alloys that show a wide range of 

application prospects[4]. The commonly used methods to fabricate RHEAs include 
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vacuum arc melting, mechanical alloying and spark plasma sintering processes[12-15]. 

For instance, the CrHfNbTaTi RHEA[12] was prepared by a vacuum-arc melting process. 

This RHEA is composed of one FCC phase and two BCC phases, and exhibits excellent 

mechanical properties. The Al0.1CrNbVMo RHEA[13] was prepared by the mechanical 

alloying and spark plasma sintering processes. The density of the alloy is lower than 

those of most nickel-based superalloys. The compressive strength of the alloy is 2863 

MPa at room temperature and exceeds 1400 MPa at 1000 °C. However, due to the high 

melting point and poor machinability, the conventional manufacturing of RHEA parts 

normally incurs high costs and restrained shapes[2], limiting their range of applicability.  

Recently, additive manufacturing (AM) technology has attracted wide attention 

due to its advantages of high precision, high efficiency, and the ability to easily 

manufacture complex-shaped parts[16-18]. AM technology has been introduced to 

fabricate near-net-shape RHEA parts, and many studies have focused on AM of RHEAs 

in terms of processing investigations, microstructures and mechanical properties[19-27]. 

Among the AM techniques, selective laser melting (SLM) has a high cooling rate (104–

106 K/s) during the manufacturing processes, which favors the formation of refined 

microstructures[28,29] and enhances the mechanical properties of the printed products[30-

35]. The SLM process was first employed to manufacture WTaMoNb[23] and then many 

other RHEAs, including TiNbTaZrMo[24], NbMoTaTi0.5Ni0.5
[25] and WMoTaTi[26]. The 

SLM-prepared (SLMed) RHEAs exhibit excellent performance in some respects. For 

instance, the SLMed WTaMoNb RHEA[23] exhibits high hardness as well as excellent 

corrosion resistance compared with the as-cast counterpart. However, there are still 
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some problems that need to be solved in the preparation of RHEAs by the SLM method. 

Generally, elemental powders are used as the precursor in the SLM process. 

Because of the high melting point of each element of the RHEA, achieving uniform 

alloying is the primary problem. Certainly, this problem can be circumvented by using 

pre-alloyed RHEA powders as raw materials. For instance, pre-alloyed 

Ti1.4Nb0.6Ta0.6Zr1.4Mo0.6 RHEA powders were used as precursors to prepare RHEAs 

with low porosity, customizable shape, excellent yield stress, and good 

biocompatibility[24]. In addition, pre-alloyed powders prepared by mechanical alloying 

and gas-solid fluidization were used for SLM formation of WMoTaTi RHEA[26], 

resulting in a SLMed WMoTaTi with a relative density of 95.8% and a microstructure 

consisting of BCC solid solution and HCP-Ti precipitates. However, the preparation of 

pre-alloyed RHEA powders is complicated, costly and impractical due to the extremely 

high melting point of the elements. The most obvious way to solve the uniform alloying 

problem is to increase the input power in the SLM process. However, with increasing 

laser energy input, there will be another serious problem, i.e., cracking due to the 

generation of a steep temperature gradient around melt pools. The high temperature 

gradient would induce huge thermal stress and lead to the occurrence of cracking in the 

SLMed samples[36,37]. Several attempts have been made to solve the cracking problem. 

For instance, introducing low melting temperature FCC grain boundary phases can 

generate a large number of layer dislocations to release the thermal stress in the SLM 

process. One example is that the cracking problem was suppressed in the preparation 

of MoNbTaTi0.5Ni0.5 RHEA[25]. However, the introduction of a large amount of low 
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melting temperature grain boundary phase significantly reduced the high temperature 

mechanical properties of RHEA. Therefore, achieving better alloying and suppressing 

cracking at the same time without introducing a large amount of intermetallic 

compounds is an urgent problem to be solved for the preparation of RHEA by the SLM 

process. 

In this work, we report that a V0.5Nb0.5ZrTi RHEA was successfully fabricated by 

the SLM method using elemental powders as the precursor. By carefully manipulating 

the printing parameters, we succeeded in printing a sample with a high degree of 

alloying and without occurrence of cracking. Further combined with finite element 

method (FEM) simulation, we elucidated the correlation between alloying and cracking. 

Finally, the mechanical properties of the SLMed sample were tested and compared with 

those of the as-cast sample. The results show that the SLMed sample exhibits much 

better mechanical properties than the as-cast sample. 

2. Experimental procedures 

2.1. Materials and process 

Pure V, Nb, Zr and Ti powders (purity > 99%) were used as raw materials. Fig. 1 

shows scanning electron microscopy (SEM) images of the powders. The average 

diameter of all the powders is approximately 15–45 μm. Ti and Nb powders are 

spherical, while V and Zr powders are irregular in shape. The V, Nb, Zr and Ti elemental 

powders were evenly mixed by mechanical ball milling in a vacuum jar with a molar 

ratio of 1:1:2:2. The theoretical atomic percentage of each element and the estimated 

melting point of V0.5Nb0.5ZrTi RHEA are shown in Table 1.  
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Self-developed SLM equipment was used for 3D printing of the V0.5Nb0.5ZrTi 

RHEA. The SLM equipment was equipped with a fiber laser with a beam spot of 80 

μm, wavelength of 1060 nm and maximum output power of 500 W. To investigate the 

effect of defects on mechanical properties, a set of experiments with various volume 

energy densities (𝑉𝐸𝐷 = 𝑃/𝑣ℎ𝑡[38], where P is the laser power, v is the scanning speed, 

h is the hatch spacing and t is the powder layer thickness) were conducted with the 

cross-hatching strategy. Here, h and t were fixed at h= 60 μm and t = 40 μm, respectively, 

while v and P were varied from 300 to 700 mm/s and from 220 to 280 W, respectively. 

The scan directions were parallel to the X- and Y-directions, and the Z-axis was the 

building direction of the sample, as shown in Fig. 1e. There was an additional remelting 

process, which had the same parameters as the original process. Titanium alloy was 

used as the substrate. The as-fabricated samples were cuboid with dimensions of 

approximately 5× 5 × 5 mm3 (Fig. 1f).  

For comparison, the as-cast samples with the same composition were prepared by 

a vacuum arc melting process using pure metals of V, Nb, Zr and Ti (>99.95 wt %). The 

ingots were re-melted at least 5 times inside a water-cooled copper cavity to improve 

the chemical homogeneity. 

2.2.Characterization 

The microstructure was characterized by using optical microscope (OM, Leica 

DFC 450) and scanning electron microscopy (SEM, Quanta650 FEG), equipped with 

an energy dispersive X-ray spectrometer (EDS) and electron backscattered diffraction 

(EBSD) analyzer. Phase analysis was carried out by using an X-ray diffractometer 
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(XRD, 7000SX, Shimadzu). The detailed structure of the SLMed samples was also 

characterized using transmission electron microscopy (TEM, 07 Tecnai G2 F30) and 

selected area electron diffraction (SAED). The compression tests were performed using 

a Zwick machine (Roell 020) at a strain rate of 10−4 s−1. The strain rate was controlled 

by the displacement rate of the crosshead, referring to the elastic part. The compression 

specimens had dimensions of φ2 mm × 4 mm. For the quantification of cracking of each 

sample, the polished three longitudinal cross-sections were analyzed by OM. Image-

Pro Plus software was employed to measure the total cracking length. Then the average 

cracking density was defined as the total cracking length over the measured area[39]. 

Here, we used the average cracking density to evaluate the cracking susceptibility of 

samples fabricated with different processing parameters. 

2.3. FEM simulation 

For the FEM simulation, a sequentially 3D coupled thermo-mechanical model was 

performed by commercial ABAQUS software, from which the temperature fields and 

thermal stress fields during various SLM processes were calculated. The constitutive 

equations and calculation procedures are illustrated in detail in the Supplementary 

Materials. The specific heat capacity, thermal conductivity, and thermal diffusivity were 

measured by a laser thermal conductivity instrument (LFA-427). The thermal-physical 

properties of the V0.5Nb0.5ZrTi RHEA and process parameters (such as laser power, 

scanning speed, etc.) used in the simulations are listed in Table 2 and Table 3, 

respectively.  
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3. Results  

3.1. Microstructure of the SLMed V0.5Nb0.5ZrTi RHEA 

The alloying status of the elements and the structure of the SLMed samples with 

different VEDs were primarily examined by XRD experiments, as shown in Fig. 2a. 

When the VED is 262 J/mm3 (the lowest value in this study), the XRD pattern shows 

two sets of diffraction peaks. One set corresponds to a phase with the BCC structure, 

which is the alloyed phase as the matrix. The other set refers to the unmelted Nb 

particles due to their high melting point. As the VED increases, the Nb peaks become 

weaker. When the VED is 467 J/mm3, the Nb peaks completely disappear, suggesting 

that the degree of alloying also increases with increasing VED.  

The SLMed samples were further characterized by SEM observations. Fig. 2b 

shows the EDS elemental mapping images and the corresponding SEM images of three 

typical samples processed with VED=285 J/mm3, 333 J/mm3, 467 J/mm3 and 778 

J/mm3. The EDS elemental mapping images display the alloying degree of the samples. 

Many unmelted Nb particles together with a small amount of other elements (most of 

which are Zr particles) can be clearly discerned with the VED of 285 J/mm3. However, 

the Zr particles are fully melted, and only a small amount of Nb particles remain when 

the VED increases to 333 J/mm3. With the VED further increasing, the unmelted Nb 

particles become fewer and completely disappear with VED=467 J/mm3, suggesting 

that the sample is fully alloyed at this energy state. The detailed dependences of the 

density of the unmelted particles (Nb (circle) and Zr (star)) on VED are plotted in Fig. 

2c. 
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In addition, the SEM images reflect the cracking of the samples, which is also 

closely related to the VED value. The average crack density of the sample with various 

VEDs is shown in Fig. 2c. It decreases sharply with increasing VED from 285 J/mm3 

to 333 J/mm3 but gradually increases when the VED increases from 333 J/mm3 to 778 

J/mm3. It should be noted that a crack-free sample is only obtained with VED=333 

J/mm3. The above phenomenon indicates that there should be two different mechanisms 

for the generation of microcracks in the SLMed RHEA, which will be discussed in the 

next section. 

The microstructure of the crack-free sample obtained with VED=333 J/mm3 is 

further examined. The grain size distribution of the sample was characterized by EBSD, 

as shown in Fig. 3. The SLMed sample consists of a heterogeneous lamellar structure 

with alternating coarse and fine grain zones. The columnar coarse grains exist inside 

the melt pool, while the equiaxed fine grains are located at the bottom of melt pool. The 

average grain size of coarse grains is approximately 13.1 μm and that of fine grains is 

approximately 4.5 μm. Here, the solidification progress cannot be well comprehended 

based on conventional solidification theory[40], which mainly takes the balance between 

the temperature gradient and growth into consideration. Under the action of a high-

energy laser beam, the previously solidified part is re-melted, and the dendrite tip can 

be detached and then transported into the melt, acting as a favorable nucleation site[24]. 

The formation of fine grains could result from the increased nucleation frequency at the 

bottom of the melt pool. The bottoms of the melt pools that exist between layers called 

as layer-layer melt pool boundaries[41] are marked with black dotted lines in Fig. 3a. In 
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the YZ-plane, the melt pool transverse cross-section formed by the X-scan with the 

semi-elliptical shape and the longitudinal melt pool cross-section formed by the Y-scan 

running horizontally were stacked alternately along the Z-direction. During further 

solidification steps, the existing grains in the fine grain zone grow into the liquid in the 

direction opposite to heat dissipation, leading to the formation of coarse columnar 

grains in melt pools[42,43]. 

Fig. 4 shows the TEM images of the crack-free sample (prepared with VED=333 

J/mm3). The high-angle annular dark field (HAADF) image (Fig. 4a) reveals that there 

are some precipitates at the grain boundary (GB) with a size of approximately 200 nm. 

The precipitates are enriched in V and depleted in Ti as indicated by EDS elemental 

mapping images (Fig. 4a), while the composition is homogenous inside the grains, 

indicating that the SLMed sample is well alloyed although the elemental powders were 

used as the precursor. The detailed elemental analyses of the matrix phase (Position 1) 

and the GB phase (Position 2) are summarized in Table 4. The composition of the matrix 

(i.e., inside the grains) is close to the nominal composition of V0.5Nb0.5ZrTi, while the 

composition of the GB phase is close to V2Zr. Fig. 4b shows the high-resolution TEM 

(HRTEM) image around the GB. The SAED suggests that the matrix is of the BCC 

structure (Fig. 4c), which is consistent with the XRD result. However, the nanophase at 

the grain boundaries is of the FCC structure of V2Zr (Fig. 4d). It is normally the case 

that low melting point intermetallic compounds precipitate preferentially at the GBs 

when the molten alloy starts to solidify[44] during the SLM process. In fact, the phase 

diagrams show that among the four elements, only V and Zr form a low-melting point 
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intermetallic compound (V2Zr)[45]. The lattice constant of the grain boundary phase 

calculated from the TEM results is 7.72 Å, which is slightly larger than the standard 

lattice constant of 7.44 Å for V2Zr. The slight expansion of the lattice can be understood 

as the solid solution of Nb. As a result, the grain boundary phase should be V2Zr with 

a small portion of V substituted by Nb. 

3.2.Mechanical properties of SLMed V0.5Nb0.5ZrTi RHEA 

The mechanical properties of the crack-free SLMed sample were examined by 

compression. Fig. 5a shows the true stress-true strain curves of the sample. Note that 

the curve of the as-cast sample is also included for comparison. Compared with the as-

cast sample, the SLMed sample displays much better compression properties. The yield 

strength increases to 1450 MPa, which is nearly 1.4 times that of the as-cast sample 

(1050 MPa). In addition, the SLMed sample exhibits a higher strain hardening rate than 

the as-cast sample, as shown in Fig. 5b.  

4. Discussion  

4.1. Microcracks in the SLMed RHEAs 

As the results show above, the average crack density decreases with VED below 

333 J/mm3, but increases with VED above 333 J/mm3, which indicates that there are 

different mechanisms of the generation of microcracks in SLMed RHEAs with VED 

below and above the critical value of 333 J/mm3. To explore the mechanisms for 

cracking, the microstructure of two typical samples with VED=467 J/mm3 (higher than 

333 J/mm3) and VED=285 J/mm3 (lower than 333 J/mm3) were carefully examined. 
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Fig. 6a shows the SEM image of the sample with VED=467 J/mm3, where the white 

dotted lines mark the position of the melt pool boundaries. In this high VED condition, 

the sample was fully alloyed, and a large number of microcracks were found at the melt 

pool boundaries. Fig. 6b shows the SEM image of the sample with VED=285 J/mm3, 

and the corresponding EDS elemental mapping image is shown in Fig. 6c. In this low 

VED condition, there are many unmelted particles, and the initial positions of the 

microcracks are quite different. The microcracks are mainly found in the interior of the 

Zr particles and at the edge of their contact with the matrix. These results suggest that 

the generation of microcracks is related to the preparation process when the VED is 

above 333 J/mm3, but is related to the unmelted Zr particles when the VED is below 

333 J/mm3. 

To further explore the two mechanisms of generation of microcracks, FEM 

simulations were performed to explore the thermal stress during the SLM process, 

which is believed to be the main cause of cracking[46]. First, a homogeneous model is 

considered, in which the sample is alloyed uniformly without unmelted particles. Fig. 

7a and 7b show the simulated temperature field and thermal stress field with VED=467 

J/mm3. There is a steep temperature gradient created at the edge of the melt pool 

(marked by the white dashed line). The generation of this temperature gradient is caused 

by the rapid heating of the upper surface by the focused laser beam[36]. As a result, there 

is a concentration of stress at the edge of the melt pool (marked by the white dashed 

line) with the maximum stress located near the bottom of the melt pool. Moreover, the 

temperature gradient increases with increasing VED. This leads to an increase in the 
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maximum stress. The simulated maximum stress values at different VEDs are plotted 

in Fig. 7c (purple circle).  

Second, a heterogeneous model with unmelted Zr particles is considered. Fig. 7d 

and 7e show the simulated temperature field and thermal stress field with VED=285 

J/mm3. Certainly, there is a stress concentration at the edge of the melt pool due to the 

steep temperature gradient. However, there is an additional stress concentration (0.87 

GPa) around the unmelted Zr particles, which is closely related to temperature. The 

generation of this additional stress concentration is mainly related to differences in the 

crystalline structure and the coefficient of thermal expansion between the Zr particles 

and the RHEA matrix. On the one hand, the crystalline structure of Zr is HCP, which is 

different from the BCC structure of the matrix. On the other hand, the coefficient of 

thermal expansion of Zr (5.7×10-6 K-1) is much smaller than that of the RHEA matrix 

(7.4×10-6 K-1), and both factors contribute to the generation of stress concentrations 

around the Zr particles. As the crystalline structure and coefficient of thermal expansion 

mismatches between the unmelted Zr particles and the alloyed BCC matrix are mainly 

related to the temperature around the Zr particles which increases slightly with VED, 

the maximum stress value around the Zr particles also increases slightly with VED, as 

shown in Fig. 7c (red circle). Note that no cracks were observed around the unmelted 

Nb particles. To understand the cause, the temperature field and thermal stress field are 

also simulated with VED=285 J/mm3, as shown in Fig. S3. The maximum stress value 

(0.73 GPa) is just slightly higher than that simulated from the homogeneous model 

(0.69 GPa). Because the crystalline structure of Nb is the same as the RHEA matrix 
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(both are of BCC structure), and the coefficient of thermal expansion of Nb (7.3×10-6 

K-1) and the RHEA matrix (7.4×10-6 K-1) are quite similar, the additional concentration 

of stress due to the mismatch of the unmelted Nb particles and the RHEA matrix is 

negligible.  

The above analysis reveals the two mechanisms of the thermal stress concentration 

under different process conditions. When VED > 333 J/mm3, there are no unmelted Zr 

particles, and the thermal stress maximum is determined by the temperature gradient 

created in the SLM process. The temperature gradient increases with increasing VED, 

resulting in an increase in crack density. When VED < 333 J/mm3, the thermal stress 

maximum is mainly caused by the mismatches between the unmelted Zr particles and 

the RHEA matrix. The maximum value of thermal stress does not vary significantly 

with VED. Under this condition, the crack density is determined by the density of Zr 

particles. As a result, the unmelted Zr particles decrease with increasing VED, leading 

to a decrease in crack density.  

As shown in Fig. 7c, the maximum stress shows a minimum value with VED=333 

J/mm3; therefore, a crack-free sample was obtained at this critical VED value. In 

addition, it is worth noting that the maximum thermal stress that the sample can 

withstand without cracking coincides with the ultimate tensile strength of the as-cast 

sample. This seems to provide a crack-free criterion for SLMed RHEA samples. 

However, more work should be done to validate this criterion. 

4.2. Strengthening of the crack-free SLMed V0.5Nb0.5ZrTi RHEA 

https://www.sciencedirect.com/topics/materials-science/tensile-strength


15 

 

For the crack-free SLMed sample, the mechanical tests show that the SLMed 

sample has a much higher yield strength (1450 MPa) than that of the as-cast counterpart 

(1050 MPa). Here, the yield strength, 𝜎𝑦, of V0.5Nb0.5ZrTi RHEA can be expressed as:  

                  𝜎𝑦 = 𝜎0 + ∆𝜎𝐺𝐵 + ∆𝜎𝑝                          (1) 

where 𝜎0 , ∆𝜎𝐺𝐵  and ∆𝜎𝑝  are the lattice friction resistance, the strength 

contributed by GB strengthening, and the strength contributed by precipitation 

strengthening, respectively. The GB strengthening effect due to this grain refinement 

can be calculated by the Hall-Patch[47] equation: 

∆𝜎𝐺𝐵 = 𝑘𝑦𝑑
−1/2                           (2) 

where, 𝑘𝑦 is the GB strengthening coefficient (𝑘𝑦  = 1366 MPa 𝜇𝑚1/2[48]), and d is the 

average grain size.  

Fig. 8a shows the OM image of the as-cast sample. The average grain size of the 

as-cast sample is 489.2 μm, and the GB strengthening contribution of the cast sample 

is 62 MPa. The grain size of the SLMed sample is substantially smaller, as shown in 

Fig. 8b. Taking the heterogeneous grained structure and their volume fractions into 

account, i.e., d (grain size) = 4.5 μm and φ (volume fraction) = 16% in the equiaxed fine 

grain zone and d = 13.1 μm and φ = 84% in the columnar coarse grain zone, the 

∆𝜎𝐺𝐵  values from the equiaxed fine grain zone and columnar coarse grain zone are 

calculated as 103 MPa and 307 MPa, respectively, giving a total contribution of 

410 MPa from GB strengthening. Therefore, the increment of the yield strength brought 

by grain refinement is 348 MPa, which is slightly smaller than the yield strength 
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difference between the SLMed sample and the cast sample (400 MPa), indicating that 

the yield strength increase mainly results from grain refinement. In addition, the V2Zr 

precipitates at grain boundaries could also play some role in strengthening the SLMed 

sample. 

Fig. 9a shows the TEM image of the crack-free SLMed sample after compression 

with 15% strain. A large number of dislocations are plugged at the grain boundaries and 

the regions around the GB phase. Such stacking of the dislocations around the 

precipitates at the GB suggests that the GB phase hinders dislocation movements, and 

contributes to the strengthening of the sample. Moreover, the dislocations inside the 

grains are heavily entangled with each other, and form dislocation walls during the 

deformation process. The enlarged picture of the dislocation entanglement region (Fig. 

9b) and the corresponding HRTEM, strain distribution and dislocation configuration 

(Fig. 9c) show that a large number of dislocations and strains are present in this region. 

These entangled dislocations impede the subsequent motion of other dislocations. Thus, 

the presence of these grain boundaries, second phases, and dislocation entanglements 

would contribute to the increase in the yield strength and would further greatly improve 

the strain-hardening rate of the SLMed sample during deformation. 

Moreover, the heterogeneous structure with alternating arrangements of fine and 

coarse grains may also contribute to the good strain-hardening capacity in the post-

yielding [49,50]. Fig. 10 shows the EBSD image and the corresponding geometrically 

necessary dislocations (GNDs) image of the SLMed sample compressed with 15% 
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strain. Similar to the sample before deformation, the sample after deformation also 

shows a structure with obvious heterogeneous grains. However, compared with the 

GND density distribution of the sample before deformation (see Fig. S4), the GND 

density of the deformed sample is greatly increased. In addition, the GND density 

shows a heterogeneous distribution. The high GND density points are mainly 

distributed in the fine grain region, while the low GND density points are mainly 

distributed in the coarse grain region, indicating that the nonuniform distribution of 

GND density is caused by the heterogeneous structure. The nonuniform distribution of 

GNDs can generate hetero-deformation induced (HDI) stress[51]. The HDI stress may 

inhibit the dislocation source inside the columnar grain region from emitting 

dislocations. Thus, additional stresses are required to make the dislocation source to 

further emit dislocations[52-55]. Therefore, the presence of a heterogeneous structure 

creates HDI stress and enhances the strain-hardening rate of the SLMed sample. 

5. Conclusions 

A novel V0.5Nb0.5ZrTi RHEA was fabricated via the SLM process using elemental 

powders produced by mechanical mixing with ball milling. The mechanism of crack 

generation of the SLMed V0.5Nb0.5ZrTi RHEA has been studied in detail. Consequently, 

high forming capability and strength for SLM can only be obtained with a small process 

window. The main conclusions can be summarized as follows: 

1. The V0.5Nb0.5ZrTi RHEA shows severe cracking during the SLM process. When 

VED < 333 J/mm3, Zr particles are not completely melted. The thermal stress 
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maximum is caused by the crystalline structure and coefficient of thermal expansion 

mismatches between the unmelted Zr particles and the substrate. When VED > 333 

J/mm3, the thermal stress maximum is determined by the temperature gradient. The 

maximum stress shows a minimum value with VED=333 J/mm3, and a crack-free 

sample was obtained at this critical VED value. 

2. The microstructure and mechanical properties of the SLMed V0.5Nb0.5ZrTi RHEA 

were investigated. The SLMed samples exhibit a heterogeneous lamellar grain 

pattern with alternating coarse and fine grains and significant grain refinement 

compared to the as-cast samples. The yield strength of the crack-free SLMed sample 

is approximately 1450 MPa, which is nearly 1.4 times that of the as-cast sample 

(1050 MPa). In addition, the SLMed sample exhibits a much higher strain hardening 

rate than the as-cast sample.  
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Table 1  

The theoretical composition and melting point of V0.5Nb0.5ZrTi RHEA. 

alloy element 

(at.%) 
V Nb Zr Ti 

Melting point 

(K) 

V0.5Nb0.5ZrTi 16.67 16.67 33.33 33.33 2179 

 

  

Table (Editable version) Click here to access/download;Table (Editable
version);Table1-4.docx
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Table 2 

Thermo-physical properties of V0.5Nb0.5ZrTi RHEA. 

Temperature, (K) 

Thermal 

diffusivity, 

a (×10-6m2s-1) 

Specific heat 

capacity, 

c (×103 Jkg-1K-1) 

Thermal conductivity, 

K
bulk

 (Wm-1K-1) 

295.9 3.478 0.37 7.87 

473.3 4.857 0.36 10.7 

673.3 6.307 0.25 9.53 

874.2 6.993 0.24 10.31 

1074.2 7.927 0.32 15.41 

1273.9 8.557 0.37 19.24 

1473.6 8.468 0.39 20.17 

 

  



Table 3 

Parameters for finite element simulation of SLM V0.5Nb0.5ZrTi RHEA. 

Parameters Value 

Laser power, P (W) 200-300 

Scanning speed, v (m s-1) 0.3-0.7 

Laser beam spot size, d (m) 8×10-5 

Effective laser beam radius, a=
𝑑
2⁄

2.146
 (m) 2.33×10-5 

Laser absorption length, λ (m) 1.06×10-6 

Laser absorptivity, 𝐴 = 0.365√ω/ λ, in which ω = 128μΩ is the 

resistivity 

0.404 

Density of RHEA ρ (kg m-3) 6500 

Melting point, Tm (K) 2179 

Thermal expansion coefficient, α (K-1) 7.4×10-6 

Young's modulus, E (GPa) 103.83 

Poisson's ratio, ν 0.30 

Stefan-Boltzmann constant, σ (Wm-2K-4) 5.67×10-8 

Radiation emissivity, ε 0.77 

Heat transfer coefficient, h
c
 (Wm-2K-1) 20 

 

  



Table 4 

The elemental distribution in the matrix phase and GB phase of V0.5Nb0.5ZrTi alloy. 

alloy element (at.%) V Nb Zr Ti 

Position-1 18.69 20.41 27.34 33.56 

Position-2 52.11 16.57 22.66 8.65 
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Due to the complexity of the SLM process, we have made some simplifications 

to make the simulation available[1]: (1) the whole powder bed is regarded as an 

isotropic continuum, and SLM process is stable. Consequently, the characteristics of 

molten pool, such as fluxion, molten pool size, are assumed to be constant; (2) the 

mass flow in molten pools during phase transition is ignored; (3) the introduced un-

melted particles are ideally spherical. 

A thermal-mechanical coupled analysis model was established by ABAQUS 

software, as shown in Fig. S1. A Gaussian distributed moving heat flux was applied 

via an ABAQUS subroutine DFLUX. The dimension of the computational model is 

2.5×2.5×0.5 mm3. In order to optimize the computation time and accuracy during 

SLM process, elements were finely meshed with brick element of 30 μm. Therefore, 

49972 elements were involved totally, and C3D8T elements were selected for 

analysis[2]. The detailed algorithms for the temperature distribution and thermal stress 

distribution are presented as follows. 
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Fig.S1 Three-dimensional coupled thermo-mechanical finite element model 

Thermal analysis 

In simulation work, the energy density, 𝑞(𝑥, 𝑦, 𝑧), absorbed by the powder bed 

from laser beam is assumed to obey a Gaussian distribution, and was modeled using 

DFLUX subroutine, which can be expressed by the following equation[3]: 

 𝑞(𝑥, 𝑦, 𝑧) =
9𝐴𝑄

𝜋𝐻𝑅0
2 (1 −

1
𝑒3)

𝑒𝑥𝑝 [
−9

𝑅0
2 𝑙𝑜𝑔 (

𝐻
𝑧 )

(𝑥2 + 𝑦2)] (1) 

in which 𝑥, 𝑦 and 𝑧 are the coordinates; 𝐻, 𝑅0 are the height and mouth diameter of 

the heat source; 𝑄 is the laser power; 𝐴 is the energy absorptivity of the V0.5Nb0.5ZrTi 

RHEA. 

The boundary conditions for heat transfer can be described as: 

 𝑞(𝑥, 𝑦, 𝑧) = 𝑞𝑐𝑜𝑛𝑑 + 𝑞𝑐 + 𝑞𝑟 (2) 

where 𝑞𝑐𝑜𝑛𝑑, 𝑞𝑐, 𝑞𝑟 are the heat losses through conduction, convection and radiation 

in the model, respectively, and can be defined as follows[4]: 

 𝑞𝑐𝑜𝑛𝑑 = −𝑘𝛥𝑇 (3) 

 𝑞𝑐 = ℎ𝑐(𝑇 − 𝑇0) (4) 

 𝑞𝑟 = 𝜎𝜀(𝑇4 − 𝑇0
4) (5) 

where 𝑘  is the thermal conductivity coefficient, 𝛥𝑇  is the temperature gradient 



between different materials, ℎ𝑐 is heat transfer coefficient, 𝜎 is the Stefan-Boltzman 

constant, 𝜀 is the radiation emissivity, 𝑇 is the temperature of melting pool, 𝑇0 is the 

ambient temperature. The thermal initial condition at 𝑡 = 0 can be defined as[1]: 

 𝑇(𝑥, 𝑦, 𝑧, 𝑡)|𝑡0 = 0, 𝑥, 𝑦, 𝑧 ∈ 𝐷 = 𝑇0 = 296𝐾 (6) 

It is assumed that the transient spatial distribution of the temperature field 

𝑇(𝑥, 𝑦, 𝑧, 𝑡) satisfies the following equation[5]: 

 

𝜌
𝜕(𝑐𝑝(𝑇)𝑇)

𝜕𝑡
=

𝜕

𝜕𝑥
(𝑘(𝑇)

𝜕𝑇(𝑥, 𝑦, 𝑧, 𝑡)

𝜕𝑥
) +

𝜕

𝜕𝑦
(𝑘(𝑇)

𝜕𝑇(𝑥, 𝑦, 𝑧, 𝑡)

𝜕𝑦
)

+
𝜕

𝜕𝑧
(𝑘(𝑇)

𝜕𝑇(𝑥, 𝑦, 𝑧, 𝑡)

𝜕𝑧
) 

(7) 

where 𝜌 is the density of the V0.5Nb0.5ZrTi RHEA, 𝑐𝑝(𝑇) and 𝑘(𝑇), depending on the 

temperature, are the specific heat capacity, thermal conductivity of the V0.5Nb0.5ZrTi 

RHEA, respectively; 𝑇(𝑥, 𝑦, 𝑧, 𝑡) is the temperature at point (𝑥, 𝑦, 𝑧) at time 𝑡; 𝑥, 𝑦 

and 𝑧  are the coordinates. In addition, the latent heat of fusion during the phase 

transformation should be considered, and the relationship can be described as[6]： 

 𝐻 = ∫ 𝜌𝑐𝑝𝑑𝑇 (8) 

Stress analysis 

As along as the temperature field is determined, the thermal load is subsequently 

applied for thermal stress analysis. By implementing the small deformation theory the 

total strain can be calculated as[7]: 

 𝑑𝜀 = 𝑑𝜀𝑒 + 𝑑𝜀𝑝 + 𝑑𝜀𝑡 (9) 

where 𝑑𝜀 , 𝑑𝜀𝑒 , 𝑑𝜀𝑝  and 𝑑𝜀𝑡  are the increment of total strain, elastic strain, plastic 

strain and thermal strain, respectively. The components of stress and strain are defined 

as[8]: 

 
𝑑𝜎 = [𝑑𝜎𝑥𝑥 𝑑𝜎𝑦𝑦 𝑑𝜎𝑧𝑧 𝑑𝜎𝑥𝑦 𝑑𝜎𝑦𝑧 𝑑𝜎𝑥𝑧]

𝑇
 

𝑑𝜀 = [𝑑𝜀𝑥𝑥 𝑑𝜀𝑦𝑦 𝑑𝜀𝑧𝑧 𝑑𝜀𝑥𝑦 𝑑𝜀𝑦𝑧 𝑑𝜀𝑥𝑧]
𝑇
 

(10) 

where the increment of total strain 𝑑𝜀 is determined by the displacement increment 

𝑑𝑢 = [𝑑𝑢 𝑑𝑣 𝑑𝑤]𝑇, and the relation is given as: 

 𝑑𝜀 = 𝐵𝑑𝑢 (11) 



where 𝐵 is the matrix relating the displacement and strain; 𝑑𝑢 is derived by  

 𝑑𝑢 =
𝐹𝑎𝑝𝑝 − 𝐹𝑛𝑟

𝐾
 (12) 

in which 𝐹𝑎𝑝𝑝, 𝐹𝑛𝑟 are the externally applied force and Newton–Raphson restoring 

force obtained from the element internal loading, 𝐾 is the stiffness matrix.  

The increment of elastic strain 𝑑𝜀𝑒𝑙, plastic strain 𝑑𝜀𝑝𝑙 and thermal strain 𝑑𝜀𝑡ℎ 

are given as[9]: 

 𝑑𝜀𝑒 = 𝐷𝑑𝜎 (13) 

 
𝑑𝜀𝑝 = 𝑑𝜆 {

𝜕𝑓

𝜕𝜎
} (14) 

 𝑑𝜀𝑡 = 𝐴𝛥𝑇 (15) 

in which 𝐷 is elasticity matrix, 𝐴 is the coefficient matrix of thermal expansion, 𝑑𝜆 is 

the hardening parameter, 𝑓 is derived by the yield function[10]: 

 𝑓 = 𝜎𝑣𝑜𝑛 − 𝜎𝑦𝑖𝑒𝑙𝑑 (16) 

in which 𝜎𝑦𝑖𝑒𝑙𝑑 is the yield stress, 𝜎𝑣𝑜𝑛 is the von Mises stress, and defined as[11] 

 𝜎𝑣𝑜𝑛 = √
3

2
(𝑆 − 𝛼)𝑇(𝑆 − 𝛼) (17) 

where 𝑆 is the deviatoric stress tensor, 𝛼 is the yield surface translation tensor, and 

determined by 

 𝛼 = ∫ 𝐶𝑑𝜀𝑝𝑙 (18) 

in which 𝐶 is the material parameter.  

The substrate is fixed in the SLM process, which is defined by the boundary 

conditions as follows: 

 𝑥 = ±𝑋: 𝑢 = 0  

 𝑦 = ±𝑌: 𝑣 = 0 (19) 

 𝑧 = −𝑍: 𝜔 = 0  

in which 𝑢, 𝑣 and 𝜔 are the displacements in the 𝑥, 𝑦 and 𝑧 directions, respectively. 



 

Fig. S2 (a) SEM image after electrolytic polishing and (b) corresponding EBSD image of the 

SLMed sample with VED=333 J/mm3 

 

Fig. S3 Simulated temperature field (a) and thermal stress field (b) under heterogeneous 

model with unmelted Nb particles and VED=285 J/mm3 

 

Fig. S4 GNDs density distribution of the SLM V0.5Nb0.5ZrTi alloy. The color bar in GNDs 

maps indicates the range of GND density from 1 × 1012 m−2 to 728 × 1012 m−2. 



Table S1 

Thermal conductivity of Zr and Nb[12]. 

Temperature, (K) 

Thermal conductivity, K (Wm-1K-1) 

Zr Nb 

25 23.2 53.7 

400 21.6 55.2 

600 20.7 58.2 

800 21.6 61.3 

1000 23.7 64.4 

1200 26.0 67.5 

1400 27.9 70.5 

1600 29.7 73.6 

1800 31.4 76.5 

 

Table S2 

Properties of Zr and Nb[13]. 

Properties Zr Nb 

Density ρ (kg/m3) 6520 8570 

Melting point, Tm (K) 2128 2750 

Specific heat capacity, c (×103 J kg-1K-1) 0.278 0.265 

Thermal expansion coefficient, α (K-1) 5.7×10-6 7.3×10-6 

Young's modulus, E (GPa) 97.1 104.9 

Poisson's Ratio, v 0.38 0.397 
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