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Abstract 

The present study investigated the microstructure, nanomechanics, and corrosion 

behavior of AlCoCuFeNi high entropy alloys fabricated by selective laser melting 

(SLM) and laser metal deposition (LMD). The microstructure of SLM specimens was 

mainly composed of columnar-grained BCC matrix (~90 μm in width) and Cu-rich 

twinned FCC phase. The columnar grains grew epitaxially along the building direction 

and exhibited a strong {001} texture. In comparison, a coarse columnar-grained BCC 

matrix (~150 μm in width) with a strong <001> texture, rod-like B2 precipitates, and 

large core-shell structured FCC phases were formed in the LMD specimens due to the 

high heat accumulation. Consequently, the LMD specimens showed a lower hardness, 

wear resistance, and corrosion resistance, but higher creep resistance and reduced 

Young's modulus than the SLM specimens . Hot cracks occurred in both types of 

specimens, which could not be completely suppressed due to the Cu segregation. 
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1. Introduction 

High-entropy alloys (HEAs) have become a new research frontier in the field of 

metallic materials due to their promising properties, such as high hardness and superior 

wear and corrosion resistance [1-3]. The high entropy of mixing of these materials 

contributes to the stabilization of solid solutions, typically based on simple face-

centered cubic (FCC), body-centered cubic (BCC), or hexagonal close-packed (HCP) 

structures [4-6]. By varying the content of some specific elements, the phase and 

microstructure of HEAs can be tailored to obtain the desired performance. For instance, 

when increasing the Cu content (an FCC phase stabilizer) in CoCrCuxFeMnNi, the 

phase constitution changes from single FCC phase to a mixture of two FCC phases, 

improving the hardness and yield strength [7]. It has been shown that Cu has a positive 

effect on mechanical properties of FCC-type HEAs in that dual-phase HEAs can exhibit 

a good combination of strength and ductility at ambient conditions compared to single-

phase HEAs. Inspired by that, a variety of Cu-containing dual-phase HEAs (e.g., 

AlCoCuFeNi, AlCoCrCuFeNi, and CrCuFeMnNi) with good ductility, and oxidation, 

wear and corrosion resistance have been developed [8-12]. 

Despite the beneficial role played by Cu in some HEA systems, Cu has a strong 

tendency to segregate due to its positive mixing enthalpy with various alloying elements 

[13-15]. It is worth noting that the segregation of Cu is thermodynamically favorable at 

high temperatures, which means that the macro-segregation cannot be easily eliminated 

by heat treatments. Cu-rich FCC phases form via atomic diffusion given a sufficiently 

high temperature and slow cooling rate [16, 17]. Although arc melting (repeating at 
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least 5 times) or magnetron sputtering (forming thin films) could suppress the macro-

segregation of Cu, they have cost-efficiency limitations, especially for producing 

materials with large-scale and geometrically complex structures [18, 19]. Before 

adopting the laser additive manufacturing technology with an extremely high cooling 

rate (104-108 K/s) [20], it was difficult to balance the microstructural homogeneity and 

the rapid formability of Cu-containing HEAs. 

Laser additive manufacturing, a novel technology that emerged in the past decades, 

can be categorized into two main types: selective laser melting (SLM) based on powder 

bed fusion and laser metal deposition (LMD) based on coaxial laser deposition [21-25]. 

Due to the wide range of critical factors, such as spot size, powder distribution, and 

layer thickness, these two methods exhibit different thermal histories. For instance, the 

cooling rate of SLM is 2 to 3 orders of magnitude higher than that of LMD [26, 27]. 

Therefore, compared to LMD, the materials fabricated by SLM generally have finer 

grain sizes with resultant superior properties [28]. Nevertheless, these advantages of 

SLM come at the cost of limited types of materials that can be processed, since cracking 

along the building direction, due to the large temperature gradient, is commonly seen 

in SLM-processed materials [29, 30]. The main advantages of LMD, on the other hand, 

are being able to form various materials with few cracks and to produce large-scale (>1 

m) components  [31, 32]. Therefore, the selection of forming processes has become a 

new issue, especially regarding HEAs containing multiple-principal elements, which 

are highly sensitive to the thermal history [33, 34].  

This work aims to compare the segregation behavior of Cu as well as the relationship 
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between the microstructural evolution and properties of AlCoCuFeNi, a Cu-containing 

HEA, prepared by SLM and LMD. The phase constitution, elemental segregation, 

microstructural evolution, nano-mechanics, and corrosion behavior of SLM- and LMD-

processed AlCoCuFeNi are investigated in detail. 

 

2. Materials and methods 

The average particle sizes of the pre-alloyed equiatomic AlCoCuFeNi powders used 

for SLM and LMD are ~30 and ~100 μm, respectively. The SLM specimens were 

processed using a FS121M machine (Farsoon Inc., China) under high-purity argon 

(oxygen content less than 100 ppm); an island scanning strategy was adopted, with a 

laser power of 200 W, a scan speed of 1 m/s, a hatch spacing of 80 μm, and a layer 

thickness of 40 μm. The LMD specimens were processed with a LDM2000-60 facility 

(Laserline, German) using a 0° rotation scanning strategy, Ar as the shielding gas with 

a flow rate of 25 L/min. The deposition parameters of LMD comprised a laser power 

of 800 W, a scan speed of 1 m/s, a hatch spacing of 1 mm, and a layer thickness 0.4 

mm.  

Prior to various characterizations, all specimens were mechanically ground and 

polished, finishing with a solution containing 90% standard colloidal silica suspension 

with a particle size of 0.04 μm (OP-S NonDry) and 10 vol.% H2O2. The phases present 

in two types of specimens were analyzed using an X-ray diffractometer (XRD, 

D/MAX-2500) with Cu-Kα radiation (1.5406 Å). The scanning angle (2θ) covered 20° 

to 90° at a step size of 0.02°, and the scanning rate was 6°/min. The elemental 
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distribution was checked using an electron probe micro-analyzer (EPMA; JXA-8230, 

Japan). The microstructure of the specimens was examined using an optical microscope 

(OM, DM-2700P) and a scanning electron microscope (SEM, Nova NanoSEM 230) 

equipped with an electron backscatter diffraction (EBSD) detector. The phase 

constituents were further identified using a transmission electron microscope (TEM, 

FEI Talos F200x) equipped with a 200 keV energy dispersive spectrometer (EDS). 

Nanoindentation measurements were conducted at room temperature using a 

nanoindenter (UNHT, CSM, Switzerland) equipped with a Berkovich tip. By assuming 

a Poisson's ratio, ν = 0.3 [35], the reduced Young's modulus, Er, was obtained from the 

load-displacement curve with the maximum indentation load of 30 mN and a dwell time 

of 15 s. Data from five indentations were collected and averaged for each specimen. 

The above experimental conditions remained unchanged for the nanoindentation creep 

tests, except that the holding time was extended from 15 to 600 s. Nano-scratch tests 

were also carried out along the building direction using the nanoindentation tester, 

equipped with a Rockwell diamond indenter instead. The chosen loading force and 

scratch distance were 0.5 N and 200 μm, respectively.  

Electrochemical corrosion studies were performed in an aerated 3.5 wt.% NaCl 

solution in the ambient environment (temperature: 30 °C; humidity: 70%). A Gamry 

electrochemical workstation equipped with a standard three-electrode system was 

employed to measure the polarization curves. The open circuit potential (OCP) was 

measured for 60 min to ensure a steady-state potential, followed by the polarization 

tests from OCP -0.5 to OCP +0.5 V at a scan rate of 0.166 mV/s.  



 7 

 

3. Results 

3.1 Phase identification 

Figure 1a shows the XRD patterns of the HEA specimens processed by SLM and LMD. 

The XRD result indicates that the LMD specimen is composed of both BCC and FCC 

phases, while there is only a weak indication of the FCC phase in the SLM specimen, 

indicating that the extremely high cooling rate in the SLM process could effectively 

suppress the formation of the FCC phase, even under the inherent heat treatment (IHT, 

i.e.,  thermal cycling caused by subsequent melting) condition [36]. Figures 1b and c 

present the EBSD phase maps of the two HEA specimens. The phase map of the SLM 

specimen confirms the presence of the dominating BCC phase, while the fine FCC 

phase cannot be detected by EBSD using large step sizes. The FCC phase with large 

sizes in the LMD specimen could be the result of the IHT. It is noted that cracks are 

seen in the SLM specimen, which will be further discussed in the following sections.  

 

Fig. 1. (a) XRD patterns and (b, c) EBSD phase maps of HEA specimens processed by 

SLM and LMD, where red and blue represent the BCC and FCC phases, respectively, 

and white in Fig. 1b points to cracks. 
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3.2 Microstructure 

Figures 2a and b show typical OM images of cross-sections of HEA specimens 

processed by SLM and LMD. The semi-circular shaped melt pools can be clearly 

observed in the SLM specimen, as shown in Fig. 2a. Cracks are evident, and the length 

of cracks in Fig. 2a is larger than the depth of melt pools. These cracks are believed to 

form due to shrinkage during the solidification process [37]. For the LMD specimen, 

coarse columnar grains can be observed, as shown in Fig. 2b. The layer thickness is 

about 400 μm, and the melt pools have a rectangular shape. Together with Fig. 1c, it 

can be inferred that the formation of the FCC phase inside the heat affected zone (HAZ) 

is due to the solid-state phase transformation induced by IHT. The low cooling rate in 

the LMD process allows the melt to backfill and eliminate nano-cracks. However, 

micro-cracks (widths of ~40μm) caused by shrinkage remain in the materials, as can be 

seen clearly in Fig.2b.  

Figures 2c-f show the secondary electron (SE) images of the HEA specimens 

processed by SLM and LMD. The semicircular shaped melt pools with a depth of ~50 

μm are shown in Fig. 2c, which is larger than the default layer thickness of 40 μm. This 

means that in addition to the complete melting of fresh powders, the upper part of the 

previously solidified layer could be re-melted. The observation of coarse precipitates 

(as marked in Fig. 2c) along the melt pool boundary (MPB) further supports this point. 

The columnar grains grow from the MPB to the center, along the direction of the heat 

flow. The solutes are rejected to the front of the solid/liquid interface and then solidified 

to form the columnar grain boundaries, as shown in Fig. 2e. Apparently, even such a 
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high cooling rate achieved in the SLM specimen fails to suppress the formation of strip-

like structures inside the grain. It is noticed that the cracks are formed along the 

columnar grain boundary, as seen in Fig. 2c. In contrast to SLM, a more uniform 

temperature gradient can be obtained in the LMD process due to the larger melt pool 

size. The columnar grains of the LMD specimen are arranged almost in parallel, as 

shown in Fig. 2d. From Fig. 2f, coarse-sized FCC precipitates along the grain boundary 

and fine-sized acicular FCC precipitates inside the grain can be observed. This 

observation further supports that the segregation of solute elements influences the size 

of the precipitates.  

  

Fig. 2 OM (a, b) and SE (c-f) images from the cross-sections of (a, c, e) SLM and (b, d, 

f) LMD processed AlCoCuFeNi specimens; (e, f) are the enlarged view of encircled 

regions in (c, d). 

 

To verify the elemental distribution in SLM- and LMD-processed specimens, back-

scattered electron (BSE) images and corresponding X-ray maps of the HEAs are 
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presented in Fig. 3. Cu segregation at the columnar grain boundary and MPB of the 

SLM specimen could be discerned. The heat accumulation during LMD is more 

significant than that during SLM due to the lower cooling rate in the former process, 

which allows for a greater diffusion of solute elements, as seen in Fig. 3b. Combining 

the XRD and EBSD results, it is reasonable to attribute the formation of the FCC phase 

in the LMD specimen to the diffusion of Cu, a well-known FCC phase stabilizer. The 

degree of partitioning for individual elements can be delineated by the partitioning ratio, 

η = (Cmax - Cmin) / Cavg, where Cmax, Cmin, and Cavg are the maximum, minimum, and 

average values of the elemental content, respectively. The calculated η values are 

summarized in Table 1. Since the volume measured using EPMA is only about 1 µm3, 

η probably does not accurately reflect the elemental distribution throughout the 

specimen. Nevertheless, the η values can provide an indication on the tendency of 

elemental segregation/partitioning in that the higher η value, the higher tendency for 

partitioning. Table 1 shows that among the five alloying elements, Cu has the highest 

tendency to segregate. Also, the degree of partitioning in the LMD specimen is higher 

than that in the SLM specimen. 
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Fig. 3. BSE images and corresponding X-ray maps of the surface of (a) SLM and (b) 

LMD processed AlCoCuFeNi specimens 

 

Table 1. Partitioning ratios (η) of Al, Co, Cu, Fe, and Ni in the SLM- and LMD-

processed specimens. 

Partitioning  
ratio (η) 

SLM  
specimen 

LMD  
specimen 

Al 0.66 1.06 
Co 0.72 1.33 
Cu 1.83 4.80 
Fe 0.58 1.02 
Ni 0.74 1.21 

 

3.3 EBSD and texture characterization 

Figure 4 presents the inverse pole figure (IPF), kernel average misorientation (KAM), 

and grain boundary orientation maps obtained from the EBSD analysis of SLM and 

LMD processed specimens. The IPF map of the SLM specimen (Fig. 4a) clearly shows 

the semicircular shaped melt pools, as marked by dash lines. The columnar grains grow 
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epitaxially, with the width being rather steady, around 90 μm. The laser-induced grain-

oriented growth is still displayed on the macro-scale despite the deviation of the local 

temperature gradient during the SLM processing. As for the LMD specimen, wider 

columnar grains (~150 μm) with a strong preferred (001) orientation (as shown in Fig. 

4d) can be clearly observed. This microstructural difference can be ascribed to the larger 

spot size, wider melt pool, and lower cooling rate in the LMD process [38]. It is evident 

that the FCC phase (as marked by arrows) shows different orientations to the BCC 

matrix.  

KAM tells the average misorientation between the orientation in the given grain 

center and its nearest neighbors, so KAM maps can be used to reveal the local strain 

distribution. The SLM specimen presents a much higher strain compared to that in the 

LMD specimen, presumably due to the higher cooling rate in the former. The grain 

boundary orientation maps of the SLM- and LMD-processed specimens are shown in 

Figs. 4c and f, respectively. The SLM specimen contains a high fraction (74%) of low-

angle grain boundaries (LAGBs), as seen in Fig. 4c. The fraction of LAGBs in the LMD 

specimen is ~46% in the BCC phase and ~53% in the FCC phase, as shown in the 

supplementary Fig. S1.  
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Fig. 4. (a, d) IPF, (b, e) KAM, and (c, f) grain boundary orientation maps of the SLM- 

and LMD-processed AlCoCuFeNi specimens 

 

The IPF maps shown in Figs. 4a and d show a preferred rather than a random 

distribution of grain orientations. To further quantify the grain orientations, pole figures 

(PFs) of the BCC phase in the SLM- and LMD-processed specimens are shown in Fig. 

5. It is evident that both specimens exhibit strong {100} textures. The maximum texture 

indices of the SLM and LMD specimens, calculated using the orientation distribution 

function (ODF), are 8.31 and 19.23, respectively. The texture strength is an essential 

parameter for describing the texture intensity, which is the square root of the texture 

index [39]. The texture strength of the SLM and LMD specimens are 2.33 and 3.26, 

respectively. Thus, the texture intensity of the LMD specimen is about 1.4 times that of 

the SLM specimen, suggesting that the thermal history parameters (such as cooling rate, 

melt pool size, and thermal cycle) have a great effect on the texture development.  
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The PF for the FCC phase in the LMD specimen is shown in the supplementary Fig. 

S2. A relatively strong {110} texture with a texture index of 7.55 is presented. Since 

the (111) plane has the lowest surface energy in the FCC phase, a {111} texture is 

expected [40];  the {111} to {100} texture transformation could occur in order to reduce 

the elastic strain energy. Thus, both {111} and {100} textures, in principle, can be 

expected in the FCC phase. The formation of this {110} texture in the FCC phase can 

probably be attributed to the transformation from the BCC to FCC phase, following the 

Bain orientation relationship: {001}FCC // {001}BCC and <100>FCC // <110>BCC [41].  

 
Fig. 5 The pole figures of the BCC phase for the specimens processed by SLM and 
LMD 
 
3.4 TEM characterization  

Figure 6a shows a bright field (BF)-TEM image of the SLM specimen, revealing a 

columnar grain structure with precipitates along the grain boundaries. The inset shows 

the selected area electron diffraction (SAED) pattern from the area encircled by the 

orange square, corresponding to the BCC matrix. Figure 6b is a high-angle annular 
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dark-field (HAADF) image of the area encircled by the red square in Fig. 6a, in which 

Cu-rich precipitates with sizes of ~110 nm can be observed. The corresponding 

elemental X-ray maps in Fig. 6d show the clear segregation of Cu and the depletion of 

Co, Fe and Ni at the columnar grain boundaries. The Cu content in the precipitates can 

be up to 60 at.% (as characterized by the EDS line analysis shown in Fig. 6b). A high-

resolution TEM (HR-TEM) image of the precipitates is shown in Fig. 6c. The inset 

SAED pattern is from a {111}FCC twin viewed along [011]. In addition, numerous 

spherical precipitates with a size of ~10 nm can be observed in Fig. 6c, as marked by 

arrows.  

 

Fig. 6 TEM analysis of the AlCoCuFeNi specimen processed by SLM: (a) BF image, 

with the inset SAED pattern from the area encircled by the orange square, 

corresponding to the BCC matrix; (b) an HAADF image for the area encircled by the 

red square in (a), and EDS line scan results across the marked red line; (c) HR-TEM 

image of the precipitate, with the inset SAED pattern showing a twinning relation in 

the FCC phase; (d) X-ray maps of Al, Co, Cu, Fe, and Ni from the area shown in (b). 
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Figure 7a is a BF-TEM image showing large acicular precipitates in a grain of the LMD 

specimen. An HAADF image of the marked region is shown in Fig. 7b, while the 

corresponding elemental X-ray maps of Al, Co, Cu, Fe, and Ni are shown in Fig. 7d. 

The precipitates are enriched in Cu and depleted in Al. To further quantify the elemental 

distribution, an EDS line scan was taken across the marked red line shown in Fig. 7b. 

The Cu enrichment appears at the precipitate-matrix interface, producing a core-shell 

structure. The Cu-rich shell serves as a buffering layer, which could alleviate the 

coherency strain and prevent the inter-diffusion between the precipitates and matrix. 

The latter would lead to a low coarsening rate of the precipitates. A HR-TEM image of 

the precipitate shown in Fig. 7c also shows this transition layer. The inset SAED pattern 

from the precipitate confirms its FCC structure, which is consistent with the EBSD 

result. Away from the transition layer, rod-like precipitates can be discerned. A HAADF 

image of the rod-like precipitate and the corresponding X-ray maps are shown in Fig. 

8. The inset SAED pattern clearly shows the presence of the B2 phase. 
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Fig. 7 TEM analysis of the AlCoCuFeNi specimen processed by LMD: (a) BF image; 

(b) an HAADF image for the area encircled by red lines in (a), and EDS line scan results 

across the marked red line; (c) HRTEM image of the precipitate, with the inset SAED 

pattern of FCC phase; (d) X-ray maps of Al, Co, Cu, Fe, and Ni from the area shown in 

(b).  

 

 

Fig. 8 A HAADF image of rod-like precipitates and the corresponding X-ray maps of 

Al, Co, Cu, Fe, and Ni. The inset SAED pattern corresponds to the B2 phase.  

 
3.5 Nanomechanical behavior 

Figure 9a shows the load-displacement curves of the SLM and LMD specimens. The 

derived average hardness (H) and reduced Young's modulus (Er) are shown in Fig. 9b. 

Compared with the SLM specimen (H = 761 ± 26 HV  and Er =143 ± 5 GPa), the LMD 

specimen has a lower H (538 ± 53 GPa) but higher Er (165 ± 5 GPa).  
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Fig. 9 (a) Load-displacement curves from nanoindentation tests; (b) hardness and Er 

values; (c) COF versus sliding time (s). 
 

Wear of materials is a complicated process, which typically requires a long duration 

of destructive testing. Nano-scratch tests, on the other hand, can reflect the initial stage 

of the wear process, thereby providing clues to the plastic deformation behavior. The 

coefficient of friction (COF) for the SLM and LMD specimens can be calculated by the 

lateral force divided by the normal force. The resultant COF curves as a function of 

sliding time are shown in Fig. 9c. After the surface of the test pieces get in contact with 

the indenter, the COF values of the test pieces quickly stabilize. The COF for the SLM 

specimen is ~0.10 with slight fluctuations. A higher COF (~0.12) can be clearly 

observed in the LMD specimen, indicating a lower wear resistance.  

SE images of the scratched surfaces of the SLM and LMD specimens are shown in 

Figs. 10a and b. The same scratched length of 200 μm was used. Higher magnification 

images show that the average width of the scratches on the SLM and LMD specimens 

are about 13.20 and 14.00 μm, respectively. This means that the wear resistance of the 

SLM specimen is slightly better than that of the LMD specimen, in agreement with the 

COF results. The existence of grooves suggests that the wear mechanism is dominated 

by abrasive wear at the initial stage. 
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Fig. 10 SE images of the scratched surface for the (a) SLM- and (b) LMD-processed 
specimens. 
 

The creep deformation induced by a long-time exposure to a static load is an irreversible 

process related to time. The creep deformation mechanism can be inferred from the 

stress exponent. The typical creep displacement-time curves of the SLM and LMD 

specimens are shown in Fig. 11a. The power law relation between the strain rate and 

stress can be written as follows [42]:  

𝜀𝜀̇ = 𝐶𝐶𝜎𝜎𝑛𝑛                                (1) 

where C is a constant, and n refers to the stress exponent. The methods to obtain the 

strain rate and the stress from nanoindentation tests are described elsewhere [43]. From 

Eq. (1), n can be evaluated from the slope of the ln(strain rate)-ln(stress) plot. Figure 

11b shows the corresponding ln(strain rate)-ln(stress) plot of the SLM and LMD 

specimens. The n values in the steady-state creep of the SLM and LMD specimens are 

evaluated to be around 14 and 20, respectively.  
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Fig. 11 (a) Creep displacement-time curves; (b) ln(strain rate) versus ln(stress) plots 
of the SLM and LMD processed specimens. 
 
3.6 Corrosion behavior 

The SLM- and LMD-processed AlCoCuFeNi specimens were subjected to OCP tests 

in a 3.5 wt.% NaCl solution. The alloy surface reached a steady state after immersion 

for 3600 s in the electrolyte, as shown in Fig. 12a. The potentiodynamic polarization 

curves of the specimens are shown in Fig. 12b. The corrosion current density (icorr) and 

corrosion potential (Ecorr) were acquired from the polarization curves using the Tafel 

extrapolation method. Fitting parameters including icorr, anodic Tafel slop (βa), cathodic 

Tafel slop (βc), pitting potenial (Epit) and polarization resistance (Rp) are listed in Table 

2. The corrosion rate (CR, in mm/year) can be calculated from [44]:  

CR = 3.27 ×10-3icorrEwρ-1                   (2) 

where icorr is defined as the total anodic current (Icorr) divided by the area (μA cm-2), Ew 

is the equivalent weight in grams, and ρ is the density in g/cm3. The CRcor values of the 

SLM and LMD specimens are 0.71 × 10-4 and 2.7 × 10-4 mm/y, respectively. When the 

specimens were immersed in the solution, corrosion preferentially attacked the Cu-rich 

regions, as shown in the supplementary Fig. S3. This observation indicates that the 

specimen with less Cu segregation generally has better corrosion resistance. 
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Fig. 12. (a) Open circuit potential (OCP) as a function of time and (b) potentiodynamic 
polarization curves for the SLM- and LMD-processed AlCoCuFeNi specimens in a 3.5 
wt.% NaCl solution at room temperature. 
 
Table 2. Fitting results from polarization curves for the SLM- and LMD-processed 
AlCoCuFeNi specimens in a 3.5 wt.% NaCl solution. Ecorr: corrosion potential, icorr: 
corrosion current density, βa: anodic Tafel slope, βc: cathodic Tafel slope, Epit: pitting 
potenial and Rp: polarization resistance. 

Specimens Ecorr 

 (V) 
icorr  

(μA cm-2) 
βa  

(V dec-1) 
βc  

(V dec-1) Epit (V)  
Rp 

 (Ω cm2) 
SLM -0.31 0.86 9.77 -13.98 -0.03 2.91 × 106 
LMD -0.25 3.25 12.88 -15.16 -0.14 0.93 × 106 

 

4. Discussion 

4.1 Microstructure evolution 

The spot size of the LMD process is about 120 μm, which is 2 times larger than 

that of the SLM process, contributing to the formation of columnar grains with a width 

of ~150 μm in the LMD specimen, comparing to ~a width of 90 μm in the SLM 

specimen. Although the extremely high cooling rate (106 K/s) in the SLM process was 

shown to suppress the Cu macro-segregation, the partitioning of Cu in the nanoscale 

still occurred due to its positive enthalpy of mixing with Fe, Co, and Ni. The strong 

temperature gradient in the SLM specimen induced localized Marangoni flow, which 

led to the formation of strip-like structures after solidification (Fig. 2e). The formation 
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of these twinned FCC phases is probably attributed to the solid-solid phase 

transformation induced by IHT. That is, the Cu-rich twined FCC phase originates from 

the BCC matrix. Similarly, the formation of core-shell FCC phase could also be related 

to IHT.  

To ensure a sufficient energy input per unit area, the laser power of the LMD process 

needs to be larger than that of the SLM process, which results in a relatively low cooling 

rate and high heat accumulation in the LMD process. Thus, the LMD specimen can be 

regarded as the annealed SLM specimen to some extent. To keep the low total free 

energy, the twinned Cu-rich phase eventually grows to core-shell structured FCC phase. 

It is worth noting that there is little internal strain in the LMD specimen (Fig. 4e). 

Similar results have been reported in LMD CoCrFeNi and AlCoCrFeNi HEAs [45-47]. 

Compared with the SLM specimen, the LMD specimen is subject to more in-situ 

annealing treatments, which can relax the internal stress induced by rapid cooling. 

However, an increase in the precipitate size is doomed to occur. The HAGBs, especially 

those with the misorientation greater than 45°, have shown their ability to prevent or to 

deflect cracks during their propagation [48]. Only 5% of HAGBs have the 

misorientation greater than 45° in the SLM specimen, which is in contrast with 11% in 

the BCC phase and 32% in the FCC phase in the LMD specimen. Again, this implies 

that the formation of the Cu-rich FCC phase in the LMD specimen is beneficial to 

suppress nano-cracks. Unfortunately, the low melting point liquid films formed by 

severe segregation of Cu in the LMD process are prone to crack and form macro-cracks 

(Fig. 2b) during the solidification shrinkage. 
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4.2 Nanomechanical and corrosion behaviors 

Young's modulus exhibits an orientation-dependence, i.e.,  a higher Young’s modulus 

is expected along the close-packed direction in cubic crystals [49]. Since the close-

packed direction of BCC crystals is <111>, the stronger {100} texture in the LMD 

specimen would suggest a lower Young’s modulus compared to that in the SLM 

specimen. However, the measured Er of the LMD specimen is even higher than that of 

the SLM specimen. The enhancement of Er in the LMD specimen should mainly be 

attributed to the formation of the core-shell structured FCC phases. The close-packed 

direction of FCC crystals is <110>, so that the core-shell structured FCC phase with a 

strong {110} texture leads to a higher Er. The finer size of columnar grains and 

precipitates in the SLM specimen can provide higher hardness owing to the Hall-Petch 

effect. LAGBs are capable of hindering the movement and migration of dislocations, 

being able to adapt to the sever plastic deformation in the limited volume [50]. The 

strengthening effect of LAGBs has been observed in the SLM-processed 316L alloys 

[51], which is believed to contribute to the high hardness of the SLM specimens in this 

work. Hardness and reduced Young’s modulus, as two critical indicators regarding the 

resistance to plastic deformation, are closely related to the wear resistance of materials. 

Generally, a high hardness and low reduced Young’s modulus are desirable for the good 

wear resistance, which can be reflected from the narrow scratch widths in the SLM 

specimen. The creep mechanism is dominated by the dislocation movement in the case 

of n > 3 [52]. The high stress exponents in the SLM- and LMD-processed specimens 
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indicate a high level of dislocation-precipitate interactions. The dislocation motion 

might be pinned by the nano-sized precipitates, which restrains the plastic deformation 

during the creep process [53]. It can be inferred that the higher n value (i.e., better creep 

resistance) in the LMD specimen is due to the larger size of the rod-like precipitates. 

Compared with the LMD specimen, the wider passivation region of the SLM 

specimen indicates that a stable surface passive film can form even when nano-cracks 

are present. It has been confirmed that the pitting susceptibility in the chloride solution 

is related to the crystallographic orientation, e.g.,  the (100) plane exhibits good pitting 

resistance owing to its high surface energy [54]. However, the continuous micro-cracks 

along the building direction in the LMD specimen provide the corrosion channels for 

the electrolyte to penetrate the specimen, resulting in a narrow passivation region and 

low Epit. This accounts for the lower corrosion resistance in the LMD specimen, which 

is consistent with its higher CRcor values. The micro-cracks facilitated corrosion in the 

LMD specimen leads to a higher icorr value (Table 2).  

For comparison, the hardness and corrosion properties of Cu-containing HEAs from 

other studies are summarized in Table 3. It can be seen that the specimens in this study 

have superior hardness combined with good corrosion properties, even though the hot 

cracks in the SLM and LMD specimens caused by Cu segregation cannot be fully 

suppressed. The underlying reason is ascribed to the unique hierarchical and 

heterogeneous microstructures in SLM- and LMD-processed specimens, including the 

columnar-grained BCC matrix with a strong <001> texture, spherical and rod-like 

precipitates within the BCC matrix, and high fractions of LAGBs.  
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Table 3. Hardness and corrosion behavior of various Cu-containing HEAs  

Alloys Preparation Phase Hardnes
s (HV) Solution Ecorr 

(V) 
icorr (μA 

cm-2) 
AlCoCuFe2.1Ni 

[14] GTA BCC + FCC 407  3.5 wt% 
NaCl −0.64 8.79 

AlCoCuFe2.1Ni 
[14] U-GTA BCC + FCC 468  3.5 wt% 

NaCl −0.45 6.31 

CoCrCuFeNi [55] PTA FCC 195 6 N HCl -0.4 1.1 × 
102  

CoCrCuFeNbNi 
[55] PTA FCC + 

Laves 350 6 N HCl -0.4 8.9 × 
102 

AlCoCuFeNi [56] AC BCC + B2 
+ FCC 391 - - - 

AlCoCuFeNi [57] AC BCC + B2 
+ FCC 387  0.5 mol/L 

H2SO4 
-0.058 7.93 

AlCoCuFeNi 
This work SLM BCC  

+ FCC 761  3.5 wt.% 
NaCl -0.31 0.86 

AlCoCuFeNi 
This work LMD BCC + B2 

+ FCC 538  3.5 wt.% 
NaCl -0.25 3.25 

PTA-plasma transferred arc cladding; AC-arc melting; (U-)GTA-(ultrasonic assisted-) 
gas tungsten arc cladding. 
 

5. Conclusions 

AlCoCuFeNi was successfully produced by SLM and LMD. The resulting 

microstructure, nanomechanical behavior and corrosion behavior were systematically 

studied. The following conclusions can be drawn: 

1. Due to the high cooling rate the SLM-processed specimen consisted of a fine 

columnar-grained (~90 μm of width) BCC matrix with a strong <001> texture and Cu-

rich twinned FCC precipitates. By contrast, the LMD-processed specimen experienced 

a lower cooling rate, which enabled Cu to diffuse more sufficiently. The LMD specimen 

consisted of a coarser columnar-grained (~150 μm of width) BCC matrix with a 

stronger <001> texture, rod-like B2 precipitates, and core-shell structured FCC phases. 

Hot cracks in both SLM and LMD specimens could not be fully suppressed due to the 

Cu segregation. 

2. The SLM-processed specimens exhibited a higher hardness (761 HV) and lower Er 
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(143 GPa) compared to the LMD specimen, which accounted for its better wear 

resistance. The wear mechanism in both specimens was dominated by the abrasive wear 

at the initial stage, as revealed from the nano-scratch tests. The creep deformation in 

both SLM- and LMD-processed specimens involved a high level of dislocation-

precipitate interactions. 

3. The SLM specimen possessed a lower OCP value (-0.26 V), lower corrosion current 

density (0.86 μA cm-2), lower corrosion rate (0.71 × 10-4 mm y-1), and higher 

polarization resistance (2.91 × 106 Ω cm2), therefore a better corrosion resistance 

compared to the LMD specimen. The LMD specimen displayed a narrower passive 

region (~80 mV) and a lower Epit (-0.04 V) due to the formation of micro-cracks.  
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