Fundamental Research 4 (2024) 147-157

Contents lists available at ScienceDirect

Fundamental Research

journal homepage: http://www.keaipublishing.com/en/journals/fundamental-research/

Article
Simultaneous enhancement of strength and ductility via microband R)
formation and nanotwinning in an L1,-strengthened alloy s

Lu Yang?, Dingshan Liang?®, Zhuo Cheng? Ranxi Duan?, Chuanxin Zhong?, Junhua Luan®,

Zengbao Jiao“®, Fuzeng Ren®*®

2 Department of Materials Science and Engineering, Southern University of Science and Technology, Shenzhen 518055, China
b Department of Materials Science and Engineering, City University of Hong Kong, Hong Kong 999077, China
¢ Department of Mechanical Engineering, The Hong Kong Polytechnic University, Hong Kong 999077, China

ARTICLE INFO ABSTRACT

Article history:

Received 18 January 2022

Received in revised form 21 March 2022
Accepted 17 May 2022

Available online 13 June 2022

Metallic alloys with high strength and large ductility are required for extreme structural applications. However,
the achievement of ultrahigh strength often results in a substantially decreased ductility. Here, we report a strat-
egy to achieve the strength-ductility synergy by tailoring the alloy composition to control the local stacking fault
energy (SFE) of the face-centered-cubic (fcc) matrix in an L1,-strengthened superlattice alloy. As a proof of con-

cept, based on the thermodynamic calculations, we developed a non-equiatomic CoCrNi,(Al, ,Nb, ,) alloy using
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phase separation to create a near-equiatomic low SFE disordered CoCrNi medium-entropy alloy matrix with in
situ formed high-content coherent Nij(Al, Nb)-type ordered nanoprecipitates (~ 12 nm). The alloy achieves a
high tensile strength up to 1.6 GPa and a uniform ductility of 33%. The low SFE of the fcc matrix promotes the
formation of nanotwins and parallel microbands during plastic deformation which could remarkably enhance
the strain hardening capacity. This work provides a strategy for developing ultrahigh-strength alloys with large

1. Introduction

The production of high-performance alloys with gigapascal strength
and large ductility has been the research focus of materials scientists and
engineers. However, in most alloys, strength and ductility are generally
mutually exclusive: increasing strength often requires striking a compro-
mise with ductility, leading to a strength-ductility trade-off [1]. Resolv-
ing this dilemma is an important challenge in materials science. In recent
years, significant progress has been made in achieving strength-ductility
combinations which give mechanical properties superior to those of con-
ventional microstructures by engineering the internal grain structures,
e.g. by forming bimodal [2], lamellar [3], gradient [4], and hierarchical
nanostructures [5]. However, obtaining ultra-high yield strength of > 1
GPa and large uniform tensile ductility of > 20% for extreme structural
applications remains a grand challenge [6].

Recently, high-entropy alloys (HEAs) with multi-principal elements
greatly enrich the design space of alloy composition. The high config-
urational entropy promotes the formation of disordered single-phase
solid solution structure by the reduction in Gibbs free energy of mix-
ing, such as face-centered cubic (fcc), body-centered cubic (bec), and
hexagonal close-packed (hcp) [7-10]. Among these HEAs, the fcc HEAs
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have drawn particular attention owing to their outstanding ductility
[11] and fracture toughness especially at cryogenic temperatures [12].
Extensive research efforts have been devoted to the underlying deforma-
tion mechanisms of these alloys and thus various strain-hardening mech-
anisms have been reported, namely, transformation-induced plasticity
(TRIP) [13], twinning-induced plasticity (TWIP) [14] and microband-
induced plasticity (MBIP) [15,16]. Activation of the dominant defor-
mation mechanism in fcc alloys largely depends on their stacking fault
energy (SFE) [17]. At low SFE (< 20 mJ/m?), phase transformation
can be activated, which results in TRIP effect. The TWIP effect oper-
ates predominantly in medium-SFE alloys (20-40 mJ/m?). The recently
proposed MBIP mechanism in high-SFE alloys (> 50 mJ/m?) involves
the formation of narrow planar shear zones, which are delimited by ge-
ometrically necessary boundaries [18-20]. All these mechanisms result
in strong grain subdivision or microstructure refinement during strain-
ing, and thus lead to high strain-hardening rates (SHRs). For example,
the deformation in fcc quinary CoCrFeMnNi and quaternary CoCrFeNi
HEAs is dominated by dislocation activities at room temperature. These
HEAs show extensive twinning at cryogenic temperatures because of
the decrease in the SFE and increase in the thermally activated Peierls
stress for dislocation motion with decreasing temperature. However, de-
formation twins are difficult to form in uniaxial tension at room tem-
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perature due to the fact that the resolved shear stress is insufficient to
overcome the critical stress for twinning [21,22]. Furthermore, for a
typical fcc medium-entropy alloy (MEA) CoCrNi, its low SFE promotes
the perfect dislocations to dissociate into a/6<112> partial dislocations
at relatively low strains. Then further deformation leads to the forma-
tion of nanotwins and hcp lamellae which act as barriers to dislocation
motion at room temperature and thus increase the SHR and strength-
ductility compared with those of a CoCrFeMnNi HEA [23,24]. Note
that fcc alloys usually have relatively low yield strength (< 0.6 GPa) at
room temperature [25,26]. The recently developed L1, precipitation-
strengthened fcc HEAs have shown great potential for achieving ultra-
high strength with good ductility by generating distinctive multistage
strain-hardening behavior, as a result of pronounced dislocation activ-
ities and deformation-induced microbands [16,27-30]. However, high-
density stacking faults (SFs) rather than deformation twins were present,
even under high strains at 77 K [31]. Therefore, tuning SFE in fcc al-
loys together with L1, precipitation strengthening would be a promising
route to fabricate advanced alloys with high strength, large ductility and
large SHR.

SFE is a critical parameter in plastic deformation, dislocation mobil-
ity, deformation twinning, and initiation of phase transformation. In
conventional alloys, SFE is almost constant throughout the material.
However, in HEAs, the SFE can vary locally, even with lattice and local
chemical ordering. This affects the dissociation behavior of dislocations
and, in turn, the bulk deformation behavior [32,33]. This raises two in-
teresting questions: (i) can TWIP and MBIP be simultaneously achieved
in L1,-strengthened HEAs by tailoring the chemical composition of the
fce matrix to control the local SFE of alloy? (ii) can the SHR be increased
via the formation of nanotwins and microbands in L1,-strengthened
HEAs? Motivated by these questions and in an attempt to address the
strength-ductility trade-off, we designed a novel CoCrNi,(Aly ;Nbg 5)
alloy by a computational thermodynamic approach. The formation of
a low SFE matrix in the as-aged alloy can activate the formation of
deformation-induced nanotwins and parallel microbands which further
improve the strain-hardening ability and enable large ductility to be
achieved at a gigapascal stress level. The aged alloy exhibited ultrahigh
yield and tensile strengths of 1.15 and 1.6 GPa, respectively, combined
with a large uniform ductility of 33%. Our results show that tailoring
the alloy composition to control the local SFE of the fcc matrix in L1,-
strengthened alloys provides a promising design concept for achieving
an excellent combination of high strength and large uniform ductility in
HEAs.

2. Computational and experimental procedures
2.1. Thermodynamic calculations using CALPHAD

Increasing the Ni concentration in the L1,-strengthened fcc CoCrNi
based M/HEAs will greatly increase the content of L1, phase and the
space for alloy design. In view of this, the CoCrNi, was used as the
base alloy in the present work while Al and Nb elements were added to
induce precipitation hardening. The CALPHAD (CALculation of PHAse
Diagrams) was used to predict the change in the fcc + L1, two phase
region by varying the Al content in the alloy. Simulations were per-
formed using the Thermo-Calc Software Version 2019a with a Ni-based
database (TTNI8). The optimized composition to increase the L1, phase
stability and volume fraction is located at CoCrNi,(Al, 5Nby ).

2.2. Sample preparation

Non-equiatomic CoCrNi,(Alj ,Nb, 5) alloy ingots were prepared by
electromagnetic levitation melting under high-purity argon atmosphere.
All the raw pure metals have purities of > 99.9 wt.%. A 3 kg cast of this
alloy was produced and cast into ingots with a diameter of 110 mm and
a height of 100 mm. To chemically homogenize the as-cast alloy and
decrease the elemental segregation, the ingots were solution-treated for
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24 h at 1200 °C and followed by water quenching. The solution-treated
alloys (80 mm x 20 mm X 5 mm) were then cold-rolled along the length
direction at room temperature with a thickness reduction of 70% from 5
mm to 1.5 mm by 6 passes. The cold-rolled sheets were recrystallized at
1050 °C for 10 min to control the grain size. The samples were duplex-
aged at 720 °C for 8 h and 620 °C for 8 h, and then quenched in water.

2.2. Mechanical tests

Dog-bone-shaped specimens for tensile tests with a gauge length of
12.5 mm were cut from the aged sheets using an electrical discharge ma-
chine. The gauge sections were then mechanically ground using SiC pa-
per. Tensile tests at room temperature were conducted using a universal
testing machine (CMT5105, MTS, China) with a strain rate of 1 x 1073
s~1. All tensile tests were carried out with a 10-mm-gauge extensometer
attached to the gauge section to monitor the engineering strain. Three
independent tests were performed to confirm the reproducibility.

2.3. Microstructural and compositional characterization

X-ray diffraction (XRD) pattern of the aged alloy was recorded us-
ing a Smartlab-9 kW diffractometer (Rigaku, Japan) in the 26 range of
20°-100° with Cu Ka radiation (1 = 1.54056 A, 45 kV, 200 mA). The
microstructure was examined by scanning electron microscopy (SEM;
MIRA 3, TESCAN, Czech Republic) along with energy dispersive X-
ray spectroscopy (EDX). Grain morphology, orientation and size of the
alloy were analyzed using electron back-scattering diffraction (EBSD;
Nordlys Max2, Oxford Instruments plc, Oxford, UK) equipped with SEM.
The EBSD specimens were first mechanically polished using SiC paper
down to 1200 grit and then subjected to vibrational polishing (Buehler
Vibromet 2) in a colloidal silica (0.05 ym) suspension for 12 h. The
microstructure of the as-aged alloy was also investigated by transmis-
sion electron microscopy (TEM) and high-resolution TEM (Tecnai F30,
FEI, USA) operated at 300 KV. The TEM specimens were first manually
ground to approximately 40 ym and then twin-jet electropolished with
a solution of 10 vol. % perchloric acid in methanol.

The nanotips for atom probe tomography (APT) were prepared in an
FEI Scios focused ion beam/scanning electron microscope (FIB/SEM).
APT was carried out in a CAMEACA LEAP 5000 XR system with a
200 kHz pulse repetition rate, 20% pulse fraction, and 0.2% atom per
pulse evaporation detection rate at 70 K in voltage mode. The data anal-
ysis and three-dimensional reconstructions were performed using the
Imago Visualization and Analysis Software (IVAS) version 3.8.

3. Results
3.1. Alloy design and material processing

The CoCrNi, (Al ,Nby 5) alloy was designed using the Thermo-Cal
software with the TTNI8 database (Fig. 1). The reasons for selecting this
CoCrNi, (Alj ,Nb, 5) alloy were as follows. A non-equiatomic CoCrNi,
alloy with an increased Ni content can ensure that the elemental par-
titioning between the matrix and L1, phase which can in situ form a
near-equiatomic CoCrNi matrix with low SFE and simultaneously pro-
duce a high density of L1, phase. We chose 4.5 at.% Al and 4.5 at.% Nb
to form L1, nanoprecipitates without forming other intermetallic phases
in the temperature range of 580-850 °C (Fig. 1). The increased precipi-
tate/matrix lattice misfit, which can induce local lattice distortion and
thereby offer resistance to dislocation motion, was achieved by adding
Nb instead of Ti because of the intrinsically larger atomic size of Nb.
In addition, Cr and Nb are well known as important alloying elements
in Ni-based superalloys to enhance oxidation resistance and give high
strength at elevated temperatures [34,35].

For the processing of the alloy, the aging temperature above 700 °C is
adopted due to the slow diffusion of elements in L1,- strengthened alloys
[31,36]. This relatively high temperature allows the fast precipitation
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Fig. 1. Thermodynamic calculations of the (CoCrNi,)ss 5. Al Nb, 5 (at%) alloy system. (a) The calculated phase diagram from Thermo-Cal software with TTNI8

database. (b) The variations of equilibrium molar phases fraction with temperature.

of L1,, but to prevent matrix grain coarsening, a duplex-aging process
was used in this work to induce nanoscale L1, precipitation with an
extremely high number density.

3.2. Phase and microstructure

The XRD pattern of the duplex-aged CoCrNi,(Al, ,Nby ,) alloy shows
a single phase with the fcc structure (Fig. 2a). The lattice parameter was
determined to be 3.581 A by the extrapolation method [37]. The EBSD
inverse pole figure (IPF) image (Fig. 2b) shows that the aged alloy was
fully recrystallized, with a random grain orientation distribution and
consisting of uniform equiaxed grains with an average size of ~40 ym
(not including the annealing twins). Similar to a CoCrNi MEA [38], a
large fraction of annealing twins suggests that the aged alloy has a low
SFE. A representative bright-field TEM image (Fig. 2c) shows no precipi-
tate segregation at the grain boundaries. A selected area electron diffrac-
tion (SAED) pattern obtained from the grain interior along the [001]
zone axis shows the presence of superlattice diffraction spots. This indi-
cates the formation of an L1, ordered phase within the disordered fcc
matrix during the duplex-aging process. A typical dark-field TEM image
(Fig. 2d) shows the presence of a high density of spherical nanoprecipi-
tates (~12 nm) with a highly uniform distribution. High-resolution TEM
was used to investigate the interfacial orientation between the nanopre-
cipitates and the fcc matrix. The fast Fourier transform (FFT) patterns
(Fig. 2e) with [100] zone axis confirmed the presence of nanoprecip-
itates of an ordered L1, phase and a coherent interface between the
nanoprecipitate and the matrix. Because the ordered L1, phase cannot
be identified by XRD, the lattice parameters of the fcc matrix and the
L1,-type Niz(Al, Nb) precipitated phase were determined to be 3.55 A
and 3.60 A, respectively, from the high-resolution TEM images and cor-
responding inverse FFT images (Fig. S1), with a relatively large lattice
mismatch of approximately 1.4%. Based on these results, a schematic
diagram was constructed to illustrate the detailed microstructure of the
aged alloy (Fig. 2f). It consists of a disordered fcc matrix with numer-
ous annealing twins and a high density of coherent ordered L1,-type
nanoprecipitates.

Because of the extremely small size of these L1, precipitates, APT
was used to reveal the composition, 3D morphology, and distribution
of these nanoscale precipitates (Fig. 3). An APT reconstruction based
on the 7% Nb iso-concentration surface was obtained to delineate the
profile of the nanoprecipitates (Fig. 3a). The spherical precipitates are
uniformly distributed in the matrix and the size of the precipitates is
~12 nm, which is consistent with the TEM observations. The elemen-
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tal distribution (Fig. 3b) clearly shows elemental partitioning behav-
ior, in which Ni, Al and Nb have strong tendency to partition into the
nanoprecipitates, whereas Co is partially depleted and Cr is completely
depleted in the nanoprecipitates. The proximity histogram for elemen-
tal partitioning across the interface between the precipitates and ma-
trix (Fig. 3¢) shows that all the elements have continuous transition be-
tween the fcc matrix and L1, precipitates, with a diffuse interface width
of ~2 nm. The quantitative elemental compositions of the fcc matrix
and L1, phase are summarized in Table S1. The precipitates are rich in
Ni, Al and Nb, whereas the matrix has a near-equiatomic CoCrNi com-
position. In detail, the precipitates contain mainly Ni (~64.84 at.%),
Co (~8.22 at.%), Al (~13.29 at.%), and Nb (~12.22 at.%). The matrix
has an average composition of Co (~31.09 at.%), Cr (~34.97 at.%), Ni
(~32.01 at.%), and a trace amount of Al (~0.66 at.%) and Nb (~1.26
at.%). The schematic diagram in Fig. 3d shows that the fcc matrix and
nanoprecipitates can be identified as a near-equiatomic CoCrNi matrix
and (Ni, Co)3(AlL Nb)-type L1, phase, respectively. The volume fraction
of the L1, phase was determined to be ~40% by using the lever rule
(Fig. S2) [39,40].

3.3. Mechanical properties

The engineering tensile stress-strain curves of the aged alloy at room
temperature were shown in Fig. 4a. To emphasize the substantial im-
provement after duplex-aging treatment, the curves of the as-cast and
the solution-treated CoCrNi, (Al ,Nb, 5) alloy are also presented. The
as-cast alloy has a relatively high yield strength (o) of 653 MPa and a
reasonable uniform elongation (¢,) of 8.5%. The solution-treated alloy
has a lower o, of 420 MPa with a &, of 30%. However, after duplex-
aging, the alloy shows a tensile o, of up to 1150 MPa, an ultrahigh
ultimate tensile strength (oyyg) of 1600 MPa and a €, of up to 33%.
The aged alloy shows over 1 GPa increase in oyg, but without ductil-
ity reduction compared to the solution-treated specimens. The aged al-
loy shows a simultaneous strength-ductility enhancement, evading the
strength-ductility trade-off. The engineering stress-strain curve clearly
shows superior plastic strain at such a high-strength level, accompanied
by a superb strain hardening ability (oyrs—o, = 450 MPa).

The SHRs (0 = do/de) of the three groups of alloys were determined
from their corresponding true stress- true strain curves (Fig. 4b). After
aging, the alloy was significantly strengthened due to the precipitation
of the nanoscale L1, precipitates. Because of the formation of coherent
L1, phase, the SHR of the aged alloy differs from those of the as-cast and
the solution-treated alloys. The aged alloy has excellent strain harden-
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L1, nanoprecipitates

Fig. 2. The microstructure of the aged CoCrNi, (Al ,Nb, ,) alloy. (a) XRD pattern. (b) EBSD IPF map, where the directions normal to the rolling surface, the
rolling direction and transverse direction in the rolling plane are defined as ND, RD and TD, respectively. (c) Bright-field TEM image with the inset of the SAED pattern
showing the formation of L1, phase. (d) Dark-field TEM image showing the presence of a high-density L1,-type nanoprecipitates. (e) A representative high-resolution
TEM image with corresponding FFT patterns, showing the interfacial coherency between the fcc matrix and L1, nanoprecipitate. (f) Schematic diagram illustrates
the microstructure of the aged alloy, consisting of a high number density L1,-type nanoprecipitates and some annealing twins in the fcc matrix.

ing, resulting in a maximum true stress of 2139 MPa from an initial o,
of 1150 MPa. Unlike those of the other two alloys, the strain hardening
curve of the aged alloy shows multiple stage strain hardening behav-
ior. There are three distinct deformation stages in strain hardening, as
is often observed in TRIP/TWIP alloys [41]. Initially, the SHR decreases
rapidly to a strain of 5.1%, at which the true stress reaches 1335 MPa
(Stage I). This is followed by an increase to an ultrahigh value of 4 GPa
at a strain around 18.8% (Stage II). In the Stage III, the SHR gradually
decreases until fracture. Noted that even at the strain of ~30%, the SHR
can reach ~2 GPa. This outstanding strain hardening considerably im-
proves the strength and gives a large uniform elongation. These results
indicate that the strain-hardening capacity of the current aged alloy is
significantly enhanced due to the precipitation of the high density co-
herent L1, nanoprecipitates.

3.4. Fracture morphology
To reveal the deformed microstructure, we investigated the damage-

evolution mechanisms and surface morphology by inspecting the frac-
ture surfaces after tensile tests. The alloy surface was first polished
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prior to straining. Fig. 5a shows that extensive microcracks are uni-
formly distributed near the fractured end and most of the cracks have
long and tortuous morphology in addition to microvoids. The cracks
are nearly perpendicular to the tensile direction. These cracks appear
to be the primary cause of damage. Multiple slip steps are clearly ob-
served, and significant interactions between slip steps occur within
grains, which leads to the formation of deformation substructures
(Fig. 5b-e).

The fracture morphology of the aged alloy shows no obvious macro-
scopic necking during tensile tests (Fig. 6a). A large number of dim-
ples observed in Fig. 6b-d indicates a basic ductile fracture mode with
fine dimples formed through the nucleation and coalescence of fine mi-
crovoids. However, flat facets with slip traces are also present, which
give a quasi-cleavage appearance (Fig. 6¢). The localized slip traces
observed on the fracture surface do not immediately develop into cracks
after nucleation because the adjacent dimpled region can release local-
ized strain concentrations [42]. Such microstructure in the fractured
specimens and fracture surface are similar to TWIP steel at liquid nitro-
gen temperature, which demonstrate better strength-ductility combina-
tion than that at room temperature [43].
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4. Discussion

We used thermodynamic calculations to design a non-equiatomic
CoCrNi, (Aly ,Nby 5) alloy. The aged alloy consists of an fcc matrix with a
high density of coherent L1, nanoprecipitates (Fig. 2). This is consistent
with the prediction of thermodynamic calculations (Fig. 1). The non-
equiatomic CoCrNi,(Aly ,Nbg ) alloy shows outstanding tensile prop-
erties with o, and oyrg values of 1150 MPa and 1600 GPa, respectively,
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at room temperature. The designed alloy also has an ultrahigh SHR, and
gives a ¢, of 33% without any necking during tensile tests (Fig. 6).

4.1. Deformation mechanisms
We investigated the deformation mechanisms to explain the en-

hanced strength-ductility synergy in the aged alloy. The underlying
mechanisms for the superior mechanical responses are discussed be-
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Fig. 5. Evolution of the surface microstructure during deformation. (a) Microcrack distribution near the fractured end. (b) A higher magnification SEM image
of the dispersed slip bands. (c-e) SEM images of the deformed microstructure at varying strains.

Fig. 6. SEM micrographs of the fracture surface at multiple length-scales. (a) The entire fracture surface of the tensile specimen showing the absence of necking
during the tensile test. (b-c) Higher magnification SEM images of the representative fracture surface. The fracture surface mainly consists of dimples, feature of
ductile fracture through the nucleation and coalescence of fine microvoids, and some quasi-cleavage appearance with flat facets. (d) High magnification SEM image

of the dimples.

low. Fig. 7a-c displays EBSD IPF map, kernel average misorientation
(KAM) map, and image quality map near the fracture surfaces of the
aged CoCrNi, (Al ,Nby ,) alloy after tensile tests. Deformation twinning
is hardly detectable in these maps, presumably because of the small size
and low volume fraction (Fig. 7a). The KAM image (Fig. 7b) shows an
increase in local misorientations after deformation, which suggests a
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higher number of geometrically necessary dislocations and pronounced
dislocation activities after tensile deformation. Unindexed points in the
image quality map (Fig. 7c) were notably present within the grains,
which is morphologically consistent with twin boundaries or slip traces.
The misorientation profile plotted in Fig. 7d reveals the presence of low
angle grain boundaries, in line with stepwise increments in local misori-
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tensile-fractured surface, respectively. (d) The corresponding plots of the misorientation variation across the yellow arrow marked in c. (e-g) Bright-field TEM
images of the alloy with varying strains of 5%, 18%, and 30%, respectively, and the sample with the strain of 30% revealing the formation of microbands. (h-j)
High-resolution TEM images for the alloy subjected to different strains revealing the formation of nanosized deformation twins. (k) Schematic illustration of the

microstructure evolution during deformation.

entations. We also observed that the annealing twin boundaries acted
as barriers to dislocation motion and thus contributed to strengthening
(Fig. 8). This deformed microstructure indicates that planar arrays of
high-density dislocations result in plastic accommodation and the strain
hardening process.

The evolution of the deformed microstructures and the underlying
mechanisms were further investigated by performing bright-field TEM
and high-resolution TEM analyses of the deformed samples under var-
ious strains of 5%, 18%, and 30% (Fig. 7e-j). In the early deformation
stage, under a strain of ~5%, the alloy has high-density dislocations
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homogeneously distributed inside the grains, which are deformed by
typical planar slipping of dislocations on the {111} slip planes, similar
to most fcc alloys [16,19,44]. The grains also have a low density of SFs,
which indicates the onset of perfect dislocations divides into a/6<112>
partial dislocations (Fig. 7e, h). These observations show that the alloy
starts to deform by dislocation gliding during stage I, which is in good
agreement with the analysis of slip traces (Fig. 5). Hence, the SHR at this
stage decreases as the gliding of dislocations. As the strain increased to
18%, microbands were observed, despite not being found in the EBSD
analysis. Microbands originate from slip of dislocations, and the for-
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mation. The annealing twin can act as barriers to dislocation motion, thus im-
proving the work hardening.

mation of microbands leads to the grain subdivision. The high-density
dislocations in the microbands effectively decrease the mean free path
of movable dislocations, and this produces stronger strain hardening as
straining from 5% to 18%. Deformation twins with thicknesses in the
order of tens of nanometers were observed. When the strain was fur-
ther increased to 30%, intersection of well-developed microbands was
observed. The presence of such parallel microbands at elevated stress re-
sults in the ultrahigh and sustained SHR. A similar microstructure was
reported in (FeCoNi)ggAlgTig alloy, and this is the main mechanism re-
sponsible for its high strength and ductility [16]. Deformation twins
with a width of only a few nanometers were observed in high-resolution
TEM image (Fig. 7g). These results show that the simultaneous forma-
tion of microband and nanotwins is mainly responsible for the ultra-
high SHR of this novel L1,-strengthened MEA, as schematically shown
in Fig. 7k. Therefore, MBIP and TWIP are the key mechanisms for the
excellent ductility of this gigapascal-level alloy.

4.2. Formation of mechanical twins and microbands

Another deformation process, namely mechanical twinning, com-
petes with dislocation slip. The SFE of fcc-structured alloys significantly
affects the activation of plastic deformation modes, such as dislocation
slip, mechanical twinning and phase transformation. The SFE therefore
affects the strain hardening ability and consequently the mechanical
properties of alloys. Typically, for fcc metals and alloys, a particular
SFE range correlates with the dominant deformation mechanism. The
critical SFE below which twinning occurs in fcc materials is ~45 mJ/m?
[45]. It is assumed that the nucleation of twins occurs by dissociation of

Fundamental Research 4 (2024) 147-157

an (a/2) <110> perfect dislocation into two (a/6) <112> Shockley par-
tial dislocations. The formation of mechanical twinning is facilitated by
stress concentrations to overcome the critical resolved shear stress for
twinning (7). On the basis of the classical dislocation theory [46,471,
the stress required to activate a Shockley partial twinning dislocation of
length D is:

Tp = Ysp/bp + 2apb, /D (€]
and:
Terss = YSFbN/bp<bN - bp) ()

where ygp is the SFE of CoCrNi (~22 + 4 mJ, /m?2, determined experimen-
tally [24] or even a negative value, obtained from ab initio calculations
[32,48]), u is the shear modulus (87 GPa for CoCrNi [49]), a repre-
sents the type of dislocation (0.5 for edge dislocations), by= (\/E/Z)a
and bp= (\/5/6)a are the Burgers vectors of the perfect dislocation and
the Shockley partial dislocation, respectively. The calculated critical re-
solved shear stress 7. is 364 MPa and the stress required to activate
a Shockley partial dislocation, 7p, is calculated to be 998-2692 MPa for
the CoCrNi matrix for a width range of 10-30 nm. In comparison with
the flow stress of the present alloy, it is possible that mechanical twin-
ning can be activated when the width of the CoCrNi matrix channel is
appropriate because 7., and 7p are readily reached in these regions.
Deformation-induced microbands have been observed in conven-
tional metals and alloys, as well as in HEAs [15,18,19]. Microbands
are characterized by local high-density dislocations, which are associ-
ated with a strain localization during deformation. Different from shear
bands with a non-crystallographic alignment, microbands are usually
aligned along the {111} slip planes. Planar slip is promoted by the con-
straints of dislocation movement caused by low SFE and the short-range
order (SRO) [17]. And then the dislocations are arranged into parallel
bands by the occurrence of planar slip, which can uniformly accommo-
date plastic deformation [18]. The present alloy showed the planar glide
characteristics and no dislocation cell formation, even up to failure. Yoo
et al. [18] reported microbands were observed in a Mn-Al-C steel with
a relatively high SFE (~90 mJ/m?). However, Huang et al. [50] demon-
strated that the occurrence of microbands was not strongly dependent
on the SFE, and microbands were also observed in alloys with relatively
low SFE (10-20 mJ/m?) [26]. In the present study, the CoCrNi matrix
with low SFE does not affect the formation of microbands. The large
atomic size of Nb generates larger local lattice distortions, leading to
higher lattice friction stress (¢;) as dislocations pass through the lattice.
The increase in friction stress due to the Nb solute in our alloy hinders
the formation of dislocation cells, and further promotes microband for-
mation [26]. Deformation-induced microbands are involved in an im-
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Fig. 10. The interaction between L1, nanoprecipitates and dislocations. (a) Dark-field TEM image of the CoCrNi,(Al, ,Nb, ,) alloy showing the sheared L1,
nanoprecipitates by gliding dislocations. (b) High-resolution TEM image indicates the shear of L1, precipitate.

portant ductilizing mechanism, namely the so-called MBIP, which pro-
duces similar strain hardening effects to those caused by TWIP and TRIP.
A large strain hardening ability can delay the occurrence of necking
during tensile deformation, and this leads to enhanced ductility. In ad-
dition, these dislocation substructures can induce the grain subdivision
and refinement, which further enhance the strength due to the dynamic
Hall-Petch effect.

We found that this compositional modification caused by elemen-
tal partitioning from the precipitation reaction of Niz(Al, Nb)-type L1,
decreased the SFE of the fcc matrix in our aged alloy. In other Al-
bearing fcc HEAs [51,52], it is also found that the SFEs of materials
decrease by reducing the Al concentrations. This promotes extensive
twinning deformation and even phase transformation. In the present
study, similarly, we decreased the local SFE in our alloy by forming a
near-equiatomic CoCrNi matrix, as confirmed by APT analysis. Conse-
quently, the dissociation of perfect dislocations for twinning was pro-
moted due to the reduced local SFE. When the true strain was increased
to overcome 7p, nanotwin formation gradually occurred. The dynamic
nanotwin-dislocation interactions can be stimulated, resulting in appre-
ciable strain hardening and uniform elongation [21]. The high-density
dislocations in the microbands can significantly decrease the mean free
path of dislocation, and dislocation slip on parallel microbands is also
increasingly hindered as the microband spacing becomes finer under
higher stress (Fig. 7g). The absence of cross slip can effectively im-
pede dynamic recovery and promote massive dislocation accumulation,
which can lead to a larger SHR in dynamic [53,54]. The detected large
tensile ductility is therefore primarily caused by the unusual nanotwin-
microband structure in our alloy, which can contribute to higher strain
hardening and strength-ductility synergy than those observed for other
L1,-strengthened HEAs.

The outstanding mechanical properties of this alloy were demon-
strated by comparison with previously-reported HEAs and other
high-performance steels (Fig. 9). The tensile properties of various alloys
are closely related to the phases in the alloys. Generally, fcc alloys have
good ductility but relatively low strength, while bcc alloys are strong but
low ductility, and the multiphase alloys have better strength-ductility
combinations than single-phase ones. In particular, L1, strengthened-
HEAs are very attractive among the multiphase alloys. The present al-
loy shows an apparent advantage over existing bulk HEAs, namely a
high oy, and oyrg, and a good strength-ductility combination. It there-
fore has a great potential for extreme structural applications. Several
factors contribute to the superior tensile properties of this alloy. Firstly,
a high number density of nanoscale coherent spherical precipitates can
strongly hinder the dislocation motion by providing obstacles in trap-
ping moving dislocations, and by generating anti-phase boundaries on
the slip planes of these nanoprecipitates. These can enhance the plas-
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tic deformation stability and achieve an ultrahigh strength (Fig. 10).
Secondly, the intrinsically low SFE of the fcc matrix promotes the for-
mation of microband-nanotwin structures under tensile strain, which
significantly improves the strain-hardening capacity and leads to supe-
rior tensile ductility, even at ultrahigh strength levels. Thirdly, the large
atomic size of Nb can increase the local lattice distortion, which can lead
to higher o; when dislocations pass through the material. Moreover, the
dedicated composition design endows the present CoCrNi,(Aly 5Nby 5)
alloy with advantages over other existing high strength alloys. For ex-
ample, Nb addition gives the materials superior high-temperature prop-
erties, which makes them potentially attractive for aerospace and aero-
nautic applications.

4.3. Estimation of strengthening mechanisms

The present CoCrNi,(Aly,Nby ) alloy shows outstanding tensile
properties with an ultrahigh o, of 1150 MPa and oyrg of 1600 MPa
at room temperature after a duplex-aging process. The microstruc-
tural characterizations indicate that potential strengthening mecha-
nisms should involve a combination of solid solution strengthening Ac,
grain size strengthening (Acy), precipitation strengthening Ac, and the
lattice friction strength o;. Residual dislocations have been completely
eliminated in the alloy after the recrystallization and the final aging,
therefore dislocation strengthening can be ignored. The yield strength
of the alloy can therefore be expressed as:

6y = 6; + Ao, + Ao, + Ag, M

For HEA/MEAEs, it is difficult to evaluate the strengthening by so-
lute atoms due to the distinguishable solvent and solute. However, for
a given system, solution strengthening and the lattice friction strength
should be similar, and therefore the change in the strength of the an-
nealed alloy can be attributed to variations in grain size. As a result, the
intercept term o in the Hall-Petch equation (Acg = 6 + kged~'/2, where
d is the average grain size and kg is the Hall-Petch coefficient) can be
considered as a constant, which consisted of the solution strengthening
Ao and lattice friction stress o;:

y

(@)

By this consideration, the estimation of the lattice friction strength
and solution strengthening can be reasonably simplified in the alloy:

6y = 0; + Acg

_ -1/2
AGy, = kyd™'/ 3)

In order to acquire grains of different sizes, the cold-rolled samples
were annealed at 1100 °C for various holding times (10, 30, 90, and
180 min). The relationship between tensile properties and grain sizes of
these as-annealed samples is determined (Fig. 11). The intercept term
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Fig. 11. Grain structure and tensile properties of CoCrNi, (Al, ,Nb, ,) alloy annealed at 1100 °C for different times. (a-d) SEM images of the CoCrNi, (Al ,Nby ,)
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alloys with various grain sizes at room temperature. (g) Plots of yield strength versus inverse square root of grain size of the CoCrNi, (Al, ,Nb, ,) alloy.

oo and Hall-Petch coefficient kg, were obtained as o, = 332.3 MPa and
kg = 652.9 from Fig. 11g. The grain boundary contribution to the yield
strengths is therefore 103 MPa.

For alloys containing a high number density of nanoprecipitates,
precipitation hardening is primarily responsible for the pronounced in-
crease in the yield strength. Due to the near fully coherent relation-
ship of fec/L1,, the precipitation strengthening L1, phase is substan-
tially sheared by gliding dislocations during deformation (Fig. 10). The
strengthening contribution of the L1, phase (Ac}) therefore comes from
order strengthening (Acqg). The yield strength increase from Acgg can
be estimated as [55]:

Yap 37f
NN
where the Taylor factor M = 3.06 is a constant for a polycrystalline
fcc structure, b is the Burgers vector (b = 0.2513 nm), f = 0.4 is the
volume fraction of the precipitates, and y 5pp is the anti-phase boundary
energy of the nanoprecipitates (0.20 J/m~2, obtained from Ni;(ALTi) in
Ni-based superalloys [56]). Accordingly, Acng is calculated to be 677
MPa, which contributes the majority of the total yield strength. The total
calculated yield strength of 1112 MPa agrees well with the experimental
value of 1150 MPa.

1
Acgs = 0.81M )2 )

5. Conclusion

In this work, guided by thermodynamic calculations and through
the thermo-mechanical processing, we have designed and fabricated a
CoCrNi, (Al ,Nby 5) superlattice alloy by tailoring the chemical com-
position of the fcc matrix to control the local SFE. This compositional
tuning promotes phase separation and generates a high number density
of coherent L1, nanoprecipitates in the in situ formed near-equiatomic
low SFE matrix. This alloy achieved a superior strength-ductility combi-
nation with o, of up to 1150 MPa and ¢, of 33%. The low SFE CoCrNi
matrix provides a platform for forming deformation induced microband-
nanotwin structures during tensile tests, which contributes to the supe-
rior strain hardening and tensile strength. Moreover, such a particular
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structure provides large plasticity via the synergetic mechanisms of mi-
croband and twinning induced plasticity. Our design strategy is based
on tuning the initial compositions (non-equiatomic) to in situ form a
near-equiatomic low SFE matrix after precipitating sufficient nanopre-
cipitates. Our work therefore provides a basis for designing alloys with
unusual combinations of high strength and large ductility.
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