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Abstract

Understanding phase stability and precipitation at intermediate temperatures is crucial for
tailoring microstructures and mechanical properties of L1,-strengthened multicomponent alloys.
In this study, the precipitate type, morphology, and distribution of (CoCrNi)100-2x(AlTi)x (X=3, 5,
and 7 at. %) medium-entropy alloys (MEAs) at 600-900 °C were systematically investigated
through a combination of scanning electron microscopy, energy dispersive X-ray spectroscopy, X-
ray diffraction, electron backscatter diffraction, and thermodynamic calculations. Our results
reveal that the Al and Ti additions promote the destabilization of supersaturated fcc into L1, and
o phases, and the dominating phases of the MEAs change from fcc + L1, to fcc + L1 + 6 and to
L1, + o + L2; phases as the Al and Ti concentrations increase. In addition, increasing the
temperature leads to a change of precipitate morphology from lamellar to granular microstructures.
The effects of alloying additions and aging temperature on the phase stability, precipitation
behavior, and mechanical properties of the MEAs were discussed from the thermodynamic and
kinetic points of view.
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1. Introduction

Medium/high-entropy alloys (M/HEASs) have been emerging as a new class of metallic
materials due to their unique microstructure and superior mechanical properties %1, The
medium/high-entropy alloy-design strategy shifts our exploration of new metallic materials from
the corners of phase diagrams to less explored centers. In contrast to the conventional wisdom that
compositionally complex alloys tend to form complicated phases or intermetallic compounds,
M/HEAs with multi-principal elements crystallize into simple solid-solution phases. Particularly,
face-centered cubic (fcc) M/HEAs exhibit exceptional mechanical properties at cryogenic
temperatures, making them attractive for structural applications 571, However, these solid-solution
alloys exhibit low strength at ambient and elevated temperatures, which severely restricts their
practical uses. Precipitation hardening has been proved to be an effective method to increase the
mechanical strength of M/HEAs 8. Particularly, the uniform precipitation of coherent L1,
nanoparticles can effectively strengthen M/HEAs without causing a significant reduction in
ductility, opening a new space for the development of advanced structural materials with excellent
mechanical properties at both room and elevated temperatures 211, Understanding the phase
stability and precipitation is crucial for tailoring the precipitate microstructure and mechanical
properties of coherent precipitation-strengthened M/HEAs, and considerable effort has been
devoted to determining the phase relations in L1,-strengthened M/HEAs. For instance, He et al.
(91 found that fine-scale coherent L1, precipitates can be formed in CoCrFeNi alloys with proper
amounts of Al and Ti, while excessive additions of Al and Ti induced the formation of brittle L2:-
(Ni,Co)2TiAl Heusler precipitates, which degrade the mechanical properties by weakening grain
boundaries. Gwalani et al. 22 reported that the L1, phase is metastable in a Alo3CoCrFeNi alloy

at intermediate temperatures, which destabilizes into a stable B2-NiAl phase at 700 °C. Borkar et



al. [2°! found that the predominant phases of the AlCrCuFeN:i alloys evolve from the duplex fcc
+ L1> to mixed fcc + L1,/BCC + B2 and eventually to BCC + B2 structures with increased Al
concentrations. In addition, topologically closed-packed phases, such as o phase, are also
frequently observed in L1,-strengthened M/HEAs. For example, Lin et al. ] reported that the fcc
phase decomposes into fcc and o phases in a AlsCra2FessNiz2Tis alloy at 700 and 800 °C, the
formation of which leads to a significant decrease in fracture toughness. Thus, the previous
investigations indicate that L1>-strengthened M/HEAs are not as stable as single-phase fcc
M/HEAs at intermediate temperatures, and their phase relations and stability are quite sensitive to
alloying additions and aging temperatures.

Recent studies reveal that L1>-strengthened CoCrNi MEAs have a great potential to get a
good balance of mechanical properties across a wide range of temperatures. Zhao et al. ¥ reported
that the Al and Ti additions to the CoCrNi alloy induce the precipitation of nanoscale L1
precipitates, which leads to the development of L1,-strengthened MEAs with a tensile strength of
~1.3 GPa and a ductility of ~45%. Du et al. [?® further improved the mechanical properties of this
alloy through tailoring a dual heterogeneous structure of both matrix and precipitates, achieving
an ultrahigh tensile strength of 2.2 GPa and a uniform elongation of 13% at ambient temperature.
Zhao et al. 18] found that the L1,-strengthened (CoCrNi)esAlsTis alloy exhibits remarkable thermal
stability against coarsening at 800 °C, which is benefit from the sluggish diffusion of MEAs. An
et al. ¥ reported that the L12-strengthened (CoCrNi)esAl,TizTai MEA exhibits a yield strength of
620 MPa and a tensile strength of 939 MPa at 700 °C, which are higher than those of IN718
superalloys. The superior mechanical properties of L1>-strengthened CoCrNi-based MEAsS make
them promising candidates as structural materials for elevated-temperature applications. To date,

however, the precipitate microstructure and its evolution in L1-strengthened CoCrNi alloys have



not been systematically characterized. The effects of alloying additions and aging temperature on
the phase relations of L1>-strengthened CoCrNi alloys are yet to be assessed, and the fundamental
understanding of phase stability and precipitation behavior of these alloys at intermediate
temperatures has not yet been fully evolved.

In this study, we aim to understand the effects of alloying additions and aging temperature on
the phase relations, precipitate microstructure, and mechanical properties of L1,-strengthened
CoCrNi MEAs at intermediate temperatures. Specifically, the crystal structure, morphology,
chemical composition of various types of precipitates in the (CoCrNi)1o0-2x(AlTi)x (x=3, 5, and 7
at.%) alloys at 600-900 °C were systematically investigated through a combination of scanning
electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDS), X-ray diffraction
(XRD), electron backscatter diffraction (EBSD), and thermodynamic calculations. Particular
attention was paid to the key factors governing the phase stability and transformations of the L1»-

strengthened CoCrNi alloys at intermediate temperatures.

2. Experimental

The three alloys with nominal compositions of (CoCrNi)igo-2x(AlTi)x (x=3, 5, and 7 at.%)
were prepared by arc-melting a mixture of the constituent elements with purities better than 99.9
wt.% under a Ti-gettered argon atmosphere. Chemical compositions (at.%) of the three alloys are
given in Table 1. For simplicity, these MEAs are hereafter referred to as AlsTis, AlsTis, and Al7Ti7
alloys. Ingots were melted five times to ensure chemical homogeneity and then drop-cast into a
copper mold with a cavity of 50 x 15 x 3 mm?®. The as-cast plates were homogenized for 3 h at
1150 °C and then cold-rolled for multiple passes, yielding a total reduction of approximately 70%.
The rolled plates were subjected to recrystallization for 3 min at 1150 °C, followed by water

quenching and then aging for 300 h at 600, 700, 800, and 900 °C. Heat-treated samples were
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polished using standard mechanical polishing procedures and then electrochemically etched with
a solution of HNO3z (25%) and C2HsOH (75%) for 2 min at 20 V and -40 °C. The resulting
microstructures were examined by SEM equipped with EDS, and SEM images were taken in the
secondary mode. EBSD samples were electrochemically polished with a solution of HNO3 (15%)
and C2HsOH (85%) for 1 min at 20 V and -40 °C. Crystal structures were determined by XRD
with Cu Ko radiation scanning from 30° to 90° degrees in 20 at a scanning rate of 5 °/min. XRD
analyses were performed using the software MDI Jade 6, which incorporates the database
published by the Joint Committee on Powder Diffraction Standards (JCPDS), International Center
for Diffraction Data (ICDD) [?8l. Phase identification was performed by comparing the intensity
and position of measured diffraction peaks with the standard data of the well-known crystal
structure in the powder diffraction files (PDFs).

The fraction of o phase was calculated from the SEM images using the ImageJ software. For
each SEM image, the o precipitates were manually traced, and then the area fraction of o
precipitates was computed by dividing the sum of the ¢ phase pixels to the total number of pixels
in the image. For each sample, at least three SEM images with an area of 60 x 45 pm? were
measured, and the average value was reported. The L1, precipitate size calculation was based on
measuring the area of each precipitate from the SEM images using the ImageJ software. The area
equivalent diameter, d, was calculated using the equation: d = 2,/A/m, where A is the calculated
precipitate area. For each sample, at least 300 precipitates from different areas were measured, and
the average value was reported.

Thermodynamic calculations were employed to supplement and complement the
experimental findings. Thermo-Calc 3.0 with Ni-database (TTNI8) was used to evaluate phase

constitutions and transformations. Hardness measurements were performed under an applied load



of 1 kg and a dwelled time of 15 s, and the average hardness from ten different measurements was

reported.

3. Results and discussion

3.1 Microstructures of the AlsTis alloy

The microstructure and phase relations of the AlsTis alloy at 600-900 °C were investigated
by XRD, SEM, and EBSD. The XRD patterns of the AlsTis alloy after aging for 300 h at 600-
900 °C are shown in Fig. 1. At all temperatures, the alloy exhibits three major peaks at 26 of 44°,
51°, and 75°, which correspond respectively to the (111), (200), and (220) planes of an fcc and/or
L1, structure. At 700 and 800 °C, three additional minor peaks at 20 of 42°, 46°, and 47° were
observed, which can be indexed as the (410), (420), and (411) planes of a ¢ phase. These minor
peaks are very weak in intensity, suggesting that the volume fraction of ¢ phase in this alloy may
be very close to the detection limit of XRD (approximately 5 vol.%). To illustrate the minor peaks
more clearly, we present the XRD data in the sgrt(intensity) in Supplementary Fig. Sla.
Representative SEM microstructures of the AlzTis alloy after aging for 300 h at 600, 700, 800, and
900 °C are displayed in Fig. 2a-d, respectively. Fine-scale phase separation was observed at all the
temperatures studied. The alloy shows lamellar precipitates at 600 °C, whereas a mixed
microstructure consisting of lamellar precipitates at grain boundaries and spheroidal particles in
grain interiors was observed at 700 and 800 °C. These observations are in agreement with previous
reports on fcc/L12 M/HEAS, in which lamellar L1 precipitates tend to form at grain boundaries
and spheroidal L1, particles are uniformly distributed in grain interiors 32, It is known that the
L1, phase has an ordered simple cubic structure and is coherent with the fcc matrix, exhibiting

very similar major diffraction peaks as those of the fcc phase in XRD patterns. Thus, the diffraction



peaks of the (111), (200), and (220) reflections in Fig. 1 should result from both the fcc and L1,
phases. As the temperature increases to 900 °C, no lamellar precipitates can be observed, and the
alloy contains near-cuboidal precipitates at both grain boundaries and grain interiors.

In addition to the L1, lamellar precipitates, some discrete blocky precipitates with an irregular
shape and dark contrast were observed along grain boundaries at 700 and 800 °C. Their
composition and structure were further examined by EDS and EBSD. A representative EDS
spectrum of the block precipitates in the 800 °C aged sample is shown in Fig. 2e. The dark-
contrasted blocky precipitates are enriched in Cr and Co and depleted in Ni, Al, and Ti. The SEM
micrograph and corresponding EBSD phase map of the 800 °C aged sample are shown in Fig. 3.
Note that the L1> phase can not be differentiated from the fcc matrix by EBSD due to the close
relationship between the two crystal structures. The region consisting of the L1, precipitates and
fcc matrix is indexed as the fcc/L1> phase (blue), whereas the blocky precipitates at grain
boundaries are determined to be the o phase (violet). The EDS results, together with the EBSD
data, indicate that the blocky precipitates are (Co,Ni)Cr-type o phases, which is in consistent with
the XRD results (cf. Fig. 1). It is noted that the 6 phase forms at 700 and 800 °C but not at 600 and
900 °C. To understand the temperature effect on the formation of ¢ phase, we performed
thermodynamic calculations with the Thermo-Calc software to determine how the equilibrium ¢
volume fraction evolves with temperature (Supplementary Fig. S2a). The calculations predict that
the o solvus temperature is around 950 °C. If one assumes a reasonable uncertainty of several tens
of °C in the prediction, the true solvus temperature might be close to 900 °C. In this case, there
would be no or little thermodynamic driving force for the formation of ¢ phase at 900 °C. Thus,
the absence of ¢ phase at this temperature is likely due to the insufficient thermodynamic driving

force. As the temperature decreases to 700-800 °C, the calculated volume fraction of ¢ phase



increases considerably, indicating a substantial increase in the thermodynamic driving force for
the o formation. In addition, the diffusion of solute atoms is efficient at these temperatures. Thus,
the o formation is both thermodynamically and kinetically favorable at these conditions. As a result,
the formation of ¢ phases was observed at 700 and 800 °C. As the temperature decrease to 600 °C,
the thermodynamic driving force for the o formation is further enhanced. However, the growth of
o phase is kinetically inhibited due to the slow diffusion rate at this temperature. Therefore, the
formation of ¢ phase is significantly suppressed, and we did not observe any ¢ phases at this
temperature. From the above analyses, it is apparent that the formation of ¢ phase depends on the
interplay of thermodynamic and kinetic factors, and the ¢ phase tends to form when both
thermodynamic and kinetic factors are favorable.

In addition, it is worthy to point out that the lamellar and spherical L1, precipitates in Fig. 2a-
d are formed through two modes of precipitation, i.e., continuous precipitation (CP) and
discontinuous precipitation (DP). CP generally involves the formation of spheriodal nanoparticles
within grain interiors, whereas DP occurs at grain boundaries and proceeds inwards by the cellular
growth of alternating layers of L1, precipitates and fcc matrix (with greatly reduced
supersaturation) behind a moving grain boundary. Essentially, the DP reaction involves two
critical steps, namely heterogeneous grain boundary precipitation and concurrent boundary
migration, and the chemical driving force for the growth of discontinuous precipitates results from
the chemical potential gradient across the boundary. Thus, any factors affecting the grain boundary
characteristics, mobility, or chemistry can have a direct influence on the DP reaction. Generally, a
rapid cooling, such as water quenching, can eliminate the grain boundary segregation and suppress,
to a certain extent, the DP reaction, whereas a slow cooling (such as air cooling) could result in a

redistribution of solute elements near grain boundaries, which may provide a favorable chemical



condition for DP. In this study, to eliminate the formation of discontinuous and continuous
precipitates during the cooling process, all samples were cooled by water quenching. Annealing
temperature is another important factor having a significant impact on the precipitation mode,
because temperature could drastically affect the thermodynamic driving force for precipitation and
diffusion of solute atoms. In this study, increasing the temperature from 600 to 900 °C results in
the change of precipitate microstructure from DP-dominant to CP-dominant. At 600 °C (Fig. 2a),
the bulk diffusion is very limited, which kinetically inhibits the CP reaction, whereas the grain
boundary diffusion is still active, which makes the DP reaction faster than the CP reaction [32%:%0],
Moreover, the low temperature leads to a high supersaturation (i.e., a severe composition gradient
across the reaction front), which enhances the chemical driving force for the DP reaction. As a
result, the DP reaction is dominant at this temperature, leading to the prevailing of lamellar-like
discontinuous precipitates throughout the matrix. At 700 and 800 °C, both CP and DP can occur,
leading to the mixed microstructure consisting of spherical particles in the grain interiors and
lamellar precipitates at grain boundaries (Fig. 2b and c). As the temperature increases to 900 °C,
the bulk diffusion is substantially increased; thus, the CP is sufficient to establish a near-
equilibrium state, which significantly reduces the composition gradient across the reaction front
of DP cells, thereby decreasing the chemical driving force for the DP reaction. In addition, the
grain-boundary precipitates formed through the CP reaction tend to have a coarse size and generate
a strong pinning effect, which significantly retards the migration of grain boundaries, thereby
further inhibiting the DP reaction. Therefore, the CP reaction is dominant at 900 °C, resulting in
the formation of a fully CP microstructure, with no observation of DP lamellae at grain boundaries

(Fig. 2d). As a result, the microstructure transition from the fully discontinuous lamellar



precipitates (600 °C) to the mixture of discontinuous lamellar and continuous spherical precipitates

(700 and 800 °C) and to fully continuous precipitates (900°C) was observed in this alloy.

3.2 Microstructures of the AlsTis alloy

The XRD patterns of the AlsTis alloy after aging for 300 h at 600-900 °C are shown in Fig.
4, and the data in the sqgrt(intensity) is displayed in Supplementary Fig. S1b. As the Al and Ti
concentrations increase to 5 at. %, the fcc/L1> peaks are still dominating, while the ¢ phase
becomes more obvious. Moreover, the intensity of the o peaks increases with increased
temperature from 600 to 900 °C, suggesting the enhanced precipitation of o phase at higher
temperatures. The SEM micrographs of the AlsTis alloy in the 600, 700, 800, and 900 °C aged
conditions are illustrated in Fig. 5a-d, respectively. At 600 °C (Fig. 5a), a eutectoid-like structure
consisting of dark and bright lamellae was observed. As the temperature increased to 700 °C (Fig.
5b), the eutectoid-like structure coarsens and spheroidizes, and the amount of dark-contrasted
regions increases. In addition, in the bright-contrasted lamellae, obvious nano-level precipitates
can be observed, which are similar to the discontinuous L1, precipitates in the AlsTiz alloy at
600 °C. With the temperature increasing to 800 °C (Fig. 5c), two categories of precipitates were
detected in the AlsTis alloy. One category is nanoscale particles that are uniformly distributed in
the matrix; they are speculated to be L1, precipitates based on previous literature 9202627291 The
other is dark-contrasted blocky precipitates with sizes in the micron scale and surrounded by the
fcc/L12 phase, which are in consistent with the o precipitates as observed in the AlsTis alloy. The
EBSD results of the 800 °C aged sample (Fig. 6) confirms that the blocky precipitates are ¢ phase.
Further increasing the temperature to 900 °C leads to the coarsening of both types of precipitates.
The average size of L1, precipitates increases from approximately 70 nm at 800 °C to 250 nm at

900 °C, which is accompanied by the change of precipitate shape from spheroidal to cuboidal. The

10



composition of the ¢ and L1 precipitates of the AlsTis alloy was determined by EDS, and the
corresponding spectrums are shown in Fig. 5e. The dark-contrasted blocky precipitates are
enriched in Cr and Co and depleted in Ni, Al, and Ti; their composition can be regarded as 55.73Cr-
30.83C0-10.92Ni-1.47Ti-1.06Al (at.%), suggesting that the o phase is of (Co,Ni)Cr-type. The
grey-contrasted precipitates are enriched in Ni, Co, Al, and Ti and depleted in Cr; the atom ratio
of (Ni + Co) to (Al + Ti) is approximately 3:1, suggesting that they are (Ni,Co)s(Al,Ti)-type L1,
precipitates. From the above results, it is likely that the o (dark contrast) and fcc/L1, (bright
contrast) phases form the eutectoid-like microstructure at low temperatures, and the microstructure
coarsens and spheriodizes with increased temperatures, leading to the formation of a hierarchical
precipitate microstructure consisting of micron-scale o precipitates and nanoscale L1 particles on
the fcc matrix.

To understand the temporal evolution of the L1> and o precipitates with aging time, we
conducted systematic aging experiments on the AlsTis alloy at 900 °C for various periods of time
from 1 to 300 h, and the SEM micrographs of the alloy in the different aging conditions are
presented in Fig. 7. After annealing for 1 h (Fig. 7a), a high number density of L1, nanoparticles
is uniformly distributed in the fcc matrix, whereas a small amount of needle-like ¢ precipitates
was occasionally observed in the grain interior, suggesting that the precipitation of L1»
nanoparticles occur earlier than that of 6 needles. As the aging time increases to 10 h (Fig. 7b), the
volume fraction of needle-like o precipitates increases, and additional elliptical ¢ precipitates were
frequently observed. Moreover, the periphery of the elliptical ¢ precipitates is decorated by L12
precipitates with irregular morphologies. With the aging time increasing to 50 h (Fig. 7c), the
volume fraction and size of ¢ precipitates increase progressively. The needle-like ¢ precipitates

coarsen to a rod-like shape after aging for 100 h (Fig. 7d). Further increasing the aging time to 300
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h results in a morphology change of o precipitates from the rod-like to blocky shape (Fig. 7e),
which is likely to be due to the coarsening effect. Meanwhile, the irregular L1, precipitates
decorated at the periphery of ¢ precipitates are found to coarsen to the micron scale and become
discrete. Therefore, the temporal evolution results indicate that there are two types of L1
precipitates in this alloy. One is the homogeneous precipitation of L1, nanoparticles in the fcc
matrix, and their morphology transforms from spheroidal to cuboidal with increased aging time.
The other is the heterogeneous precipitation of L1, precipitates at the o/matrix interface, and these
precipitates exhibit irregular morphologies and coarse sizes. Because the ¢ precipitates are
enriched in Cr and Co and depleted in Ni, Al, and Ti, their formation consumes Cr and Co, leaving
the matrix enriched in Ni, Al, and Ti. These three elements are L1, forming elements, and their
enrichment can promote the formation of L1, precipitates. Moreover, the o/matrix interface can
act as preferred nucleation sites for heterogeneous nucleation. As a result, a high-volume fraction
of coarse-sized L1, precipitates was observed surrounding the o precipitates.

In addition, increasing aging time also results in coarsening and morphological changes of
L1, precipitates in grain interiors. The average diameter of nanoscale L1, precipitates increases
from approximately 40 nm at 1 h to 100 nm at 50 h and to 250 nm at 300 h, and their shape changes
from spheroidal at 1 h to near-cuboidal at 50 h and to cuboidal at 300 h. Essentially, the equilibrium
shape of the L1, precipitates is determined by minimizing the sum of interfacial and elastic strain
energies. The interfacial energy scales with the surface area of the precipitates, whereas the elastic
strain energy scales with the volume of the precipitates. Thus, the shape changes may occur with
a change in the precipitate size. When the precipitates are small, the interfacial energy would
contribute more to the overall shape because the area to volume ratio is large; thus, the precipitates

tend to have a spheroidal shape that minimizes the interfacial energy. During the coarsening
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process, the precipitates depart from a spheroidal morphology because of the lattice misfit which
leads to an increase in the elastic strain energy. Previous studies demonstrated that in HEAs the
L1, precipitates have a coherent cube-on-cube relationship with the fcc matrix, similar as that in
Ni-based superalloys 22, Thus, the coarse L1, precipitates tend to have a cuboidal morphology
and align along the cubic directions of the fcc matrix. Therefore, we observed that as the aging

time increases, the L1, precipitates change from a spheroidal shape to a cuboidal morphology.

3.3 Microstructures of the Al7Ti7 alloy

The XRD patterns of the Al;Tiz alloy after aging for 300 h at 600, 700, 800, and 900 °C are
shown in Fig. 8, and the data in the sqrt(intensity) is displayed in Supplementary Fig. S1c. It is
evident that the fcc/L1> and o phases are prevailing at all the temperatures studied. Intriguing,
additional minor peaks corresponding to a L2;1-Heusler phase were also detected, suggesting that
increasing the Al and Ti concentrations induces the precipitation of L2; phases. The SEM
microstructures of the Al;Ti7 alloy at 600, 700, 800, and 900 °C are displayed in Fig. 9a-d,
respectively. The alloy exhibits a network-like structure containing multiple phases (L12, o and
L2: phase), and this network-like structure with raised and recessed regions coarsens from
approximately 200 nm at 600 °C to a few microns at 900 °C. The EDS results (Fig. 9e) reveals that
the alloy has three phases. The recessed region is enriched in Cr and Co and depleted in Ni, Al,
and Ti, which is similar to the o-(Co,Ni)Cr phase as observed in the AlsTis alloy. The raised region
with grey contrast has a (Ni + Co): (Al + Ti) ratio of approximately 3:1, which is in agreement
with the composition of L12-(Ni,Co)z(Al,Ti) phase. Thus, the peaks observed at 26 of 44°, 51°,
and 75° in the XRD patterns in Fig. 8 are from the ordered L1, phase. By contrast, the raised region
with dark contrast has a (Ni + Co):(Al + Ti) ratio of approximately 2:1, which is in accordance
with the composition of L21-(Ni,C0)2AlTi phase. It is noted that the L2; phase has a doubly ordered
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bcc structure, whereas the L1> phase has an ordered simple cubic structure; thus, the two phases
can be differentiated via EBSD. The SEM micrograph and corresponding EBSD map of the Al7Ti7
alloy at 900 °C are shown in Fig. 10. It is evident that the Al;Ti7 alloy consists of three phases, i.e.,
the L1> (blue), o (violet), and L2: (yellow) phases. Noticeably, the L2; phase is found to be
adjacent to or surrounded by the L1, phase, especially the coarse-sized one.

The o phase compositions in the AlsTiz, AlsTis, and Al7Ti7 alloys are very similar, with a
minor difference in the Cr concentration. The Cr concentration of the ¢ phase increases slightly
from 52.0 at.% in the AlsTiz alloy to 55.7 at.% in the AlsTis alloy and then decreases to 53.8 at.%
in the Al7Ti7 alloy. A possible reason for the change in the Cr concentration is a combination of
two contrary factors: on the one hand, as previous studies have indicated, increasing the Al and Ti
concentrations promote the formation of ¢ phase and enhances the partitioning of Cr to the ¢ phase
[33: on the other hand, increasing the Al and Ti concentrations directly decreases the Cr
concentration in the overall composition, which diminishes the partitioning of Cr to the ¢ phase.
The precipitation behavior of the ¢ phase in the three alloys are different in the amount, location,
and morphology. The volume fraction of the ¢ phase increases from approximately 0 in the AlzTis
alloy to 20 % in the AlsTis alloy and to 35 % in the Al7Tiz alloy, which can be ascribed to the high
chemical driving force for the ¢ precipitation. During the solutionizing treatment at 1150 °C, the
three alloys form an fcc solid solution. Upon water quenching, the three alloys are expected to
retain a supersaturated solid solution. The SEM micrographs in the pre-aged condition
(Supplementary Fig. S3) reveal that the three alloys exhibit a fully recrystallized grain structure
comprising equiaxed grains with average sizes of 20-30 um, and there is no evidence for phase
decomposition or precipitation in the as-quenched samples. In the Co-Cr-Ni-Al-Ti system, Cr and

Co tend to form sigma phase, whereas Ni, Al, and Ti tend to precipitate as Nis(Al, Ti) precipitates.

14



Thus, upon annealing the metastable supersaturated solid solution at intermediate temperatures,
the sigma and L1, phases precipitate out from the fcc matrix. In addition, increasing the Al and Ti
concentrations results in an increase in the volume fraction of L1,-(Ni,Co)s(Al,Ti) precipitates,
which makes the remaining region enriched in Cr, thereby increasing the volume fraction of the
Cr-enriched o phase. Furthermore, unlike the AlzTis alloy that has a small amount of ¢ precipitates
at grain boundaries only, the AlsTis and Al7Ti7 alloys show the precipitation of ¢ precipitates at
both grain boundaries and grain interiors, and their morphology changes from a lamellar to blocky
shape possibly due to the coarsening and spheroidizing effect.

To quantitatively understand the effect of Al and Ti concentrations on the L1, and o
precipitation behavior, thermodynamic calculations were performed by using the Thermo-Calc
software. The calculated volume fractions of the L1, and o phases are displayed in Fig. 11, and
the complete phase diagrams are shown Fig. S2. The measured volume fraction of L1, phase in
the AlzTiz, AlsTis, and Al7Tiz alloys at 900 °C are 13%, 34%, and 55%, respectively, which are
comparable to the calculated values at the same temperature, 18%, 38%, and 57%, respectively.
For the 6 phase, the measured volume fraction in the AlsTis, AlsTis, and Al7Ti7 alloys at 900 °C
are 0, 20%, and 35%, respectively, which are also close to the calculated values, 7%, 29%, and
43%, respectively. Therefore, the experimental results are in good agreement with the calculation
ones in terms of the L1, and o phases within experimental uncertainties. However, it is worthy to
point out that we observed a considerable amount of L2 precipitates in the Al;Ti7 alloy, which
was not predicted by the calculations. In fact, the precipitation of L2; phases in L1,-strengthened
M/HEA were frequently reported in previous studies. Choudhuri et al. 34 calculated the formation
energy of the L1>-NisAl and L2:-Ni>AlTi phases through first-principles calculations, and their

results revealed that the L2; phase is energetically more stable than the L1, phase and high Ti
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concentrations promote the transformation of the L1, to L2; phase. In addition, Yang et al. [
reported that higher Ti and Al supersaturations thermodynamically destabilize the L1, precipitates
and induce the formation of L2; Heusler phase. Therefore, it is possible that the high Al and Ti
concentration (both 7 at.%) induces high Ti and Al supersaturations, leading to the formation of

L2; precipitates in the Al;Tiz alloy (cf. Fig. 10).

3.4 Mechanical properties

The mechanical properties of these alloys were preliminarily analyzed in terms of hardness.
The hardness profiles of the AlsTis, AlsTis, and Al-Ti7 alloys are displayed in Fig. 12 as a function
of aging temperature. The results indicate that at all temperatures studied, the hardness of the alloys
is in the order (lowest to highest): AlsTis, AlsTis, and Al7Ti7; this is likely to be due to the increased
volume faction of the o, L1z, and L21 phases in the alloys. The volume fraction of the ¢ phase
increases from 0 in the AlsTis alloy to 20% in the AlsTis alloy and to 35% in the Al Ti7 alloy at
900 °C, whereas that of the L1, phase increases from 13% in the AlsTis alloy to 34% in the AlsTis
alloy and to 55% in the Al;Tiz alloy. Moreover, the Al;Ti; alloy reveals the formation of a
considerable amount of L2; phase, which was not observed in the AlzTiz and AlsTis alloys. It is
known that the o, L12, and L2 phases are much harder that the fcc phase; thus, it is reasonable
that increasing the volume fraction of the o, L12, and L2: phases results in a high hardness. In
addition, it was observed that for all the alloys, the hardness decreases monotonously with
increasing temperature, which is possibly due to the coarsening of the o, L12, and L2; phases.
Lastly, it is worthy of note that the AlsTis and Al7Ti7 alloys exhibit high hardness values of above
600 HV after aging at 600-800 °C, making them promising candidates for wear resistant

applications.
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4. Conclusions

Through the systematic investigation of the effects of alloying additions and aging
temperature on the phase relations and precipitate microstructure of the (CoCrNi)1o0-2¢<(AlTi)x
MEAs at intermediate temperatures, the following conclusions are drawn:

1. EDS reveals that the L1, precipitates are enriched in Ni, Al, and Ti, whereas the ¢
precipitates are enriched in Co and Cr. Increasing the Al and Ti additions enhances the chemical
driving force for the formation of L1, precipitates and promotes the destabilization of
supersaturated fcc into L1, and ¢ phases. The dominating phases change from fcc + L1, in the
AlsTizalloyto fcc + L1> + o inthe AlsTis alloy and to L1, + ¢ + L21 in the Al7Ti7 alloy. In addition,
the o phase forms at 700 and 800 °C but not at 600 and 900 °C, which is a result of the interplay
between thermodynamic and kinetic factors.

2. The o, fcc, and L1z phases form a lamellar microstructure at low temperatures, and
increasing the temperature induces the coarsening and spheroidizing of the microstructure, leading
to the change of precipitate morphology from lamellar to granular structures. In particular, the L1
precipitates are formed through two competitive modes of precipitation, i.e., CP and DP.
Increasing the temperature from 600 to 900 °C results in the change of precipitate microstructure
from DP-dominant to CP-dominant.

3. There are two types of L1, precipitates in the AlsTis alloy. One is the homogeneous
precipitation of L1, nanoparticles in the fcc matrix, whose morphology changes from spheroidal
to cuboidal with increased aging time, and the other is the heterogeneous precipitation of L1,
precipitates at the o/matrix interface, which exhibit irregular morphologies and coarse sizes. In
addition, increasing aging time also results in coarsening and morphological changes of L1,

precipitates in grain interiors. As the aging time increases, the L1, precipitates change from a
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spheroidal shape to a cuboidal morphology, which is a result of the competition between interfacial
and elastic energies.

4. The hardness of the alloys is in the order (lowest to highest): AlsTis, AlsTis, and Al7Ti7 at
the temperatures studied, which is likely to be due to the increased volume faction of the o, L12,
and L2; phases. Particularly, the AlsTis and Al7Tiz alloys exhibit high hardness values of above
600 HV after aging at 600-800 °C, making them promising candidates for wear resistant

applications.
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Figure captions

Fig. 1. XRD profiles of the AlzTiz alloy at 600-900 °C.

Fig. 2. Secondary electron SEM microstructures of the AlsTis alloy at (a) 600 °C, (b) 700 °C, (c)

800 °C, and (d) 900 °C, and (e) EDS spectrum of the ¢ phase in the 800 °C aged sample.

Fig. 3. (a) Secondary electron SEM micrograph and (b) corresponding EBSD phase map of the

AlsTiz alloy at 800 °C.

Fig. 4. XRD profiles of the AlsTis alloy at 600-900 °C.

Fig. 5. Secondary electron SEM microstructures of the AlsTis alloy at (a) 600 °C, (b) 700 °C, (c)

800 °C, and (d) 900 °C, and (e) EDS spectrum of the ¢ and L12 phases in the 900 °C aged sample.

Fig. 6. (a) Secondary electron SEM micrograph and (b) corresponding EBSD phase map of the

AlsTis alloy at 800 °C.

Fig. 7. Secondary electron SEM microstructures of the AlsTis alloy after aging for different times

at 900 °C: (a) 1 h, (b) 10 h, (c) 50 h, (d) 100 h, and (€) 300 h.

Fig. 8. XRD profiles of the Al;Ti7 alloy at 600-900 °C.

Fig. 9. Secondary electron SEM microstructures of the Al-Ti7 alloy at (a) 600 °C, (b) 700 °C, (c)
800 °C, and (d) 900 °C, and (e) EDS spectrum of the o, L12, and L2; phases in the 900 °C aged

sample.

Fig. 10. (a) Secondary electron SEM micrograph and (b) corresponding EBSD phase map of the

Al Tiz alloy at 800 °C.
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Fig. 11. Calculated volume fractions of (a) L1> and (b) o phases as a function of temperature for
the AlsTis, AlsTis, and Al-Ti7 alloys.

Fig. 12. Microhardness of the AlzTis, AlsTis, and Al7Ti7 alloys as a function of aging temperature.
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Fig. 2
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Fig. 3
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Fig. 5
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Fig. 6
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Fig. 9
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Fig. 10
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Fig. 11
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