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Abstract 

Martensitic transformation (MT) has extreme science merits and engineering significance. 

However, the underlying displacive atom collective movements for the transition from face-

centered cubic structure (fcc-) austenites to body-centered tetragonal structure (bct-) 

martensite has not been uncovered due to the lack of directly experimental evidence. Here, we 

examined the Plastic Deformation-Induced Martensitic Transformation (PDIMT) from fcc- to 

bct- in AISI 304 stainless steel by High-resolution Transmission Electron Microscopy 

(HRTEM). The HRTEM observations exhibit a novel polymorphic fcc- → hcp- → bct- 

PDIMT mechanism, which is further confirmed by the Molecular Dynamics (MD) simulations. 

The transition from fcc- to hcp- is accomplished by gliding Shockley partial dislocations on 

every second (111) planes. The transition from hcp- to bct- is executed by gliding half-

Shockley partial dislocation dipoles on every second (0001) planes and the gliding is 

simultaneously accompanied by atom shuffling. The dipole shear is conducted in a sandwich 

manner, meaning that a half-Shockley partial dislocation glides on one side of a (0001) plane 

and its partner of the dipole glides on the other side of the same (0001) plane. The novel 

findings will have great impact on the microstructural control in metals and alloys by PDIMT 

and stimulate innovative ideas to understand other solid phase transition mechanisms.  

Keywords: Martensitic Transformation; bct Martensite; Stainless Steel; Shockley Partial 

Dislocation Dipole; High-Resolution Transmission Electron Microscopy    
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Introduction 

Thermomechanical treatment of materials changes the material microstructure and 

therefore can improve the materials properties. The polymorphic change in solid crystalline 

structures is termed the solid-to-solid phase transformation. Martensitic Transformation (MT) 

describes a category of solid-to-solid displacive phase transition, where a collective movement of 

atoms occurs across distances that are typically smaller than one atomic nearest-neighbor spacing. 

Appropriate controlling MT is able to optimize the microstructure and improve the mechanical 

(e.g. strength, toughness, and shape memory [1-5]), electromagnetic (e.g. magneto- and 

mechano- and electro-caloric [6]), and transport (such as conductivity [7]) properties of materials. 

Both body-centered cubic (bcc)  martensite and body-centered tetragonal (bct)  martensite 

can be transited from face-centered cubic (fcc)  austenite via Plastic Deformation-Induced 

Martensitic Transformation (PDIMT). PDIMT may in turn cause TRansformation-Induced 

Plasticity (TRIP) effect, which has been observed in metastable austenitic steels, such as AISI 

304 stainless steels [8, 9] and 301 stainless steels [10]. A martensitic particle has different 

volume and/or shape from its parent austenite of the same mass and composition as these of the 

martensitic particle. The change in volume and/or shape provides plasticity and strain-hardening, 

i.e., the TRIP effect. The transformed martensites effectively obstruct further plastic deformation 

locally and thus plastic deformation will continue in the relatively soft untransformed austenitic 

phase, thereby making the deformation more homogeneous and increasing the steel ductility. 

Obviously, it has extreme science merits and engineering significance to understand deeply the 

underlying microscopic mechanism of PDIMTs in steels, with sole crux lying in the collective 

movement of atoms. 
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MT in steels has been scientifically studied since the late 19th century [11, 12], and 

classic atomic shear models have been proposed to understand the collective movement of atoms 

during MT [13-15]. In 1964, Bogers and Burgers [15] proposed an ingenious hard-sphere shear 

model for a prototypical case of PDIMT from fcc- austenite phase to bcc- martensite phase. 

Olson and Cohen [16-19] further developed the Bogers and Burgers model by emphasizing the 

role of plastic deformation, proposing that the fcc- phase transits to hexagonal close-packed 

hcp- martensite phase first and then to the bcc- martensite phase. Yang et al [20, 21] called 

this model the Bogers-Burgers-Olson-Cohen model or the BBOC model for brevity. In the 

BBOC model, the shear component along 211  direction on }111{ plane plays an essential 

role and this shear is conducted by the movement of Shockley partial dislocation with Burgers 

vector of 211
6

fa
(af is the lattice constant of γ), especially in γ metals with low stacking fault 

energy. Gliding Shockley partial dislocations on every second )111( planes cause the transition 

from fcc- to hcp-. The BBOC model describes the skeletal of the hcp- to bcc- transition by 

gliding Shockley partial dislocations on two slipping systems. It is high resolution transmission 

electron microscopy (HRTEM) that provides the evidence of the collective movement of atoms 

at the atomic scale. The HRTEM images [20, 21] confirm the crucial role of partial dislocations, 

and reveal tell-tale features including the lattice rotation of the  martensite inclusion, the 

transition lattices at the / interfaces that cater the shears, and the excess reverse shear-

shuffling induced  necks in the  martensite laths. These direct observations at the atomic scale 

verify the 50-year-old BBOC model.  

As mentioned above, fcc- phase may also be transited to body-centered tetragonal bct-, 

such observed in gold and nickel [22-26]. Fig. S1 in Supplementary Information shows the 
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lattice correspondences for fcc-→ bcc-α' [12] and fcc-→ bct-α [22, 25, 26], respectively. The 

bcc-′ with ' ' 'a b c     can be achieved by a 20% compression of the fcc-γ lattice in the 

[001]  direction, and an expansion of 12% in both [110] and [110]  directions [12]. The bct 

structure with a b c    , however, is achieved by a 18.4% in the ]001[ direction, a 15.3% 

expansion in the ]110[ direction, and maintaining dimension unchanged in the[110]  direction 

[22, 25, 26]. Apparently, the bcc-′ and bct- martensites are two different phases with different 

lattice constants. However, the PDIMT from fcc-γ to bct-α martensite phase has not been 

systematically investigated yet, particularly, at the atomic level about the collective movement of 

atoms. The shear component gliding along 211 direction on }111{  plane was reported to 

assist the nucleation of bct-α in the  →  MT [23-25]. However, no evidence at the atomic level 

has reported so far about the polymorphic fcc-γ→ hcp-ε→ bct-α PDIMT. The present work 

provides such atomic level evidence by employing HRTEM observations on 304 stainless steel 

plastically deformed by the surface mechanical attrition treatment (SMAT). This success is 

attributed to the low stacking fault energy (~16.8 mJ/m2) in 304 stainless steel [27] and the 

heterogeneous deformation field produced by SMAT, in which there is some region that provides 

the necessary transition condition for the polymorphic PDIMT from fcc-γ→ hcp-ε→ bct-α and 

thus the transition can be caught by careful examination of HRTEM. 

The HRTEM observations on SMATed AISI 304 stainless steel with low stacking fault 

energy allow us to report a novel polymorphic  →  →  PDIMT based on Shockley partial 

dislocations and half Shockley partial dislocation dipoles. In addition, Molecular Dynamics (MD) 

simulations were carried out to confirm the HRTEM observed atomic arrangement at the / 

interfaces. These evidences elucidate that the hcp- phase is also an intermediate phase in the 
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polymorphic PDIMT from fcc- to bct- and the dipole slipping of half Shockley partial 

dislocations associated with atom shuffling completes the transition from the hcp- martensite to 

the bct- martensite.  

Experiments and MD simulations 

The used 304 stainless steel had the composition of 0.04C, 0.49Si, 1.65Mn, 16.8Cr, 

0.023P, 0.006S, 0.37Mo, 7.8Ni, and balance Fe in weight wt%. The sample for SMAT has the 

geometry of 70 mm  50 mm  1 mm. The SMAT technique was performed on two surfaces of 

the samples at room temperature for 15 mins with a vibrating frequency of 20 kHz and 3 mm 

bearing balls [28]. The plane-view TEM (JEOL 2010F) observations at different depth layers 

along the thickness direction were operated at voltage of 200 kV. The TEM samples were sliced 

from different depths of the SMATed samples to investigate the PDIMT evolution. The layered-

TEM samples with thickness of ~20 μm were taken by mechanical polishing from different 

depths of the SMATed samples. Then the ion milling machine (Gatan Dual Ion Model 600) was 

used to prepare the TEM samples in the final stage. 

The present atomistic simulations adopted the opening LAMMPS software [29] and the 

embedded-atom method (EAM) potential for Fe [30], which prefers the bcc structure in the 

temperature range of 0 to 1820 K. The reported lattice constant of fcc-γ in AISI 304 stainless 

steels [31, 32] ranges from ~3.56 Å to ~3.6 Å, due to the slightly change in the steel composition, 

and the lattice constant of hcp-ε can be calculated from the fcc-γ lattice constant. Direct 

measurements on HRTEM images [20, 21] give the lattice constants of fcc-γ and hcp-ε lattices in 

AISI 304 stainless steels to be 3.602 Å and 2.55 Å, respectively, and lattice constants of bct-α to 

be a = b =2.94 Å and c = 2.55 Å in the present measurement. If the present measured lattice 



7 

 

constants of bct-α are normalized by the measured fcc-γ lattice constant, the normalized lattice 

constants of bct-α are consistent with the reported values [22, 26]. These measured values of 

lattice constants are used in the atomistic simulations. The interface structures were built-up by 

following the experimentally observed orientation relationship, i.e.,  

and  )110//()0002//()111( . In the atom setting, the nearest atomic distance was maintained 

larger than 2.0 Å inside the interface region to avoid the unreasonably severe local deformation. 

After that, the atoms in the interfacial region between -5 Å and 5 Å in the interface normal 

direction were allowed to relax at a given temperature to reach the minimum energy state, 

meanwhile the other atoms were fixed so that the entire simulation system could be maintained 

in multiply phases. In this way, the interface structure with minimum energy could be illustrated 

at the atomic level, especially, misfit dislocations, if any. The present atomistic simulations are 

called MD simulations here for simplification, while they are not exactly MD simulations 

because the MT was not simulated in the present work. The advantages of the present MD 

simulations lay in that the minimum energy interface structure between austenitic and martensitic 

phases could be visualized at the atomic level from different projection zones in three-

dimensional space. The box size of the simulation system was 400  400  100 Å, with bct- 

and fcc- (or hcp-) phases occupying the lower, [-50, 0] Å, and upper, [0, 50] Å, halves, 

respectively, along the z direction. The simulation box contained 1,436,611 and 1,404,575 atoms 

for bct/fcc and bct/hcp systems, respectively. Periodic boundary conditions were applied along 

the x and y directions. With the NVT ensemble (N, V, T denotes number of atoms, volume, and 

temperature, respectively) at temperature 2 K, energy minimization with conjugate gradient 

method was performed and followed by 1000 steps relaxation with the time step of 1 fs. The 

[110] / /[1120] / /[001]  
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software of OVITO [33] and the common neighbor analysis method [34] were employed to 

visualize and distinguish the atomic arrangements.  

Results and Discussion 

The polymorphic  →  and →  PDIMTs were captured by HRTEM examination of 

the SMATed samples along its thickness direction. Figs. 1 (a-f) display the TEM images and 

associated selected area diffraction (SAD) patterns of the virginal un-SMATed samples (a) and 

SMATed samples at different depth (b-f), respectively, showing only few dislocations inside the 

un-SMATed samples (a), whereas high densities of dislocation grids in the centered layer (b), 

hcp- martensitic laths at ~ 90 m depth layer (c), and bct- martensite inclusions from one  

martensitic lath at the top layer of the SMATed samples (d-f). The experimental results suggest 

the consequence of deformation mechanism from dislocation activity to PDIMT fcc- → hcp- 

and then to PDIMT hcp- → bct , as the plastic deformation gets more severe.  

Figs. 2(a-c), respectively, give the HRTEM (a, b) and MD simulation (c) images at the 

γ/ε interfaces, viewed along [110] / /[1120]   directions, showing that the hcp-ε laths were 

generated via the glide of Shockley partial dislocations on every second )111( planes. 

Noticeably, those partial dislocations may not all have the same Burges vectors, as indexed in 

Figs. 2(a-c). Fig. S2 in Supplementary Information indicates three types of Shockley partial 

dislocations, which have respectively Burges vectors of bp1 = )111](121[
6

f
a

, bp2 = 

)111](112[
6

f
a

, and bp3 = )111](211[
6

f
a

 on )111( plane, where the dislocation line is along 

the direction. Gliding each of the three types of partials in fcc metals can create the same 

stacking fault, and cause deformation twins or detwinning, when gliding one partial on everyone 

[110]
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)111( planes [35-37], and hcp-ε laths, when gliding one partial on every second )111( planes 

[38]. However, the components of the three Burges vectors of bp1, bp2 and bp3 along the  

direction are different, which will lead to different shears along the direction when 

gliding the three types of partials. This might affect the intergranular misorientation [39], and 

thus the accomplishment of  →  PDIMT is only executed by one type of partials of bp1, bp2 

and bp3, which will be described below.  

At the top surface layer of SMATed samples, there are  inclusions nucleated inside the  

laths, as evented by the HRTEM images and associated fast Fourier transformation (FFT) 

patterns in Figs. 3(a-e) and Figs. 1(d-f). Particularly, Fig. 3(a) shows that a ~10 nm bct- 

inclusion is completely within a single ε lath, thereby suggesting that the bct- matensite phase 

is transited from the  martensite phase. Once nucleated, the  inclusion might grow and its 

width could be larger than the width of one single ε lath. For example, Figs. 1(d-f) presents a 

bigger  inclusion, ~70 nm in length and ~60 nm in width, surrounded by several parallel ε laths. 

The orientation relationship between the ,  and , viewed along the 

directions, are determined from the HRTEM images and associated 

FFT patterns, and schematically summarized in Fig. 3(f). The result shows that the closet 

packing planes )111(  preserves unrotated:  )110//()0002//()111(  with the Kurdjumov-

Sachs (K-S) orientation relationship [13]. In addition, the planes are also parallel to the 

planes.  

Three noticeable characteristics in the  →  →  PDIMT are drawn from the FFT 

patterns in Figs. 3(b-f) and the HRTEM images in Figs. 3(g-h). The first characteristic is that the 

[110]

[110]

[110] / /[1120] / /[001]  

(110)

(1100)
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inclined angle of  plane to ]211[  direction is 70.52o in the parent fcc-γ phase, which 

transits to 90o of )011(  plane to ]011[ direction in the final bct- phase. The second is that the 

atomic spacing along the ]011[ direction (
]011[

d  = 2.08 Å) in the bct- crystal is smaller than 

the corresponding one along the ]211[ direction (
]211[

d  = 2.21 Å) in the fcc-γ crystal, although 

the atomic planar spacing of )111( and )011(  are equivalent, 
)111(

d  = 
)011(

d  = 2.08 Å. In 

other words, simultaneously increasing the inclined angle of )111(  plane to ]211[  direction 

and narrowing the atomic spacing along the ]211[ direction cause the transition of bct- from 

fcc-γ. The third characteristic is that the  →  transition process completes the half evolution of 

the inclined angle of )111(  plane to ]211[  direction, but keeps atomic spacing along the ]211[

direction unchanged, as shown in Figs. 3(g-h).  

To explore the atomic shear movement in the second-step  →  transition, HRTEM and 

atomistic simulations are focused on the /ε interface. Figs. 4(a-b) are respectively the HRTEM 

(a) and atomistic MD simulation (b) images in the /ε interface regions, showing that the /ε 

interface is diffuse between the )0011(  and )011(  planes projected along  

directions. The diffuse interface between the )0011(  and )011(  planes has a thickness of 

about 4 nm, as shown by the HRTEM image in Fig. 4(a). The detailed Burgers circuit in 

Supplementary Fig. S3 demonstrates interestingly that an array of half Shockley partial 

dislocation dipoles, 1

2
 bp3: bp3, with the Burgers vectors of opposite sign, and one partial, 1

2
bp3, 

of the dipole gliding on one side of a )0001(  plane, while the partner of 
1

2
 bp3 gliding on the 

other side of the same )0001(  plane. The dipole slipping occurs on the every second )0001(  

(111)

[1120] / /[001] 

1

2

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planes, thus changes the inclined angle of 70.52o between )111(  plane and ]211[  direction to 

90o between )011(  plane and ]011[ direction. As indicated in Fig. 4(a), slipping a half of 

partial dislocation leads to unstable stacking fault and generates high internal stress field if the 

atomic spacing along the ]211[  direction or the  direction remains unchanged at 2.21 Å. 

To release the unstable stacking fault energy and associated strain energy, the atoms shuffle 

themselves and thus the atomic spacing along the ]011[  direction becomes 2.08 Å. Apparently, 

the dipole slipping of half Shockley partial dislocations and atom shuffling play a pivotal role in 

accomplishing the  →  transition. Fig. 4(c) illustrates schematically the lattice evolution from 

original fcc-γ, to intermediate hcp-ε, and final bct- lattice and dissects the functions of the 

Shockley partial dislocations and the half Shockley partial dislocations dipoles. With projection 

along the  direction, if the yellow atoms are in (110)  plane, then the red ones would be 

out (below or above) (110) plane in Fig. 4(c). Gliding any Shockley partial dislocation bp (bp1, 

bp2 or bp3) on (110) planes converts the stacking sequence as: A → B, B → C, C → A. 

However, gliding bp1 or bp2 switches the status of “in” and “out” (110) plane atoms whereas 

gliding bp3 does maintain the “in” status of (110) plane atoms. This is because bp1 and bp2 have 

the shear components along the ]101[  direction while bp3 does not. As indicated in Fig. 4(c), 

when one type of the partial dislocations glides from plane B and successively on every second 

)111(  planes, the fcc-γ phase with stacking sequence of …ABCABC… will transit to the hcp-ε 

phase with stacking sequence of …ACACAC… and completes the half evolution of the inclined 

angle of )111(  plane to ]211[  direction, from 70.52o to 90o. The involved atoms in the 

transition from hcp-ε to bct- should maintain the position “in” and “out” status of the (110)

[1100]

[110]
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plane atoms. Clearly, only this type of partial dislocations, bp3, can meet the “in” and “out” 

requirement. Thus, dislocation dipole of bp3 and bp3 gliding along the two sides of every 

second (0001)  planes in the “sandwich” manner switches the inclined angle from 70.52o of 

)111(  to ]211[  to 90o of  to ]011[ . The dislocation dipole gliding is simultaneously 

accompanied by the atom shuffling that changes the atomic spacing. The array of Shockley 

partial dislocation dipoles were reported to change the stacking sequences in the low-energy, 

mobile grain boundaries in Magnesium [40], and phase transition in Laves phases NbCr2 and 

HfCr2 [41]. It is the first time in the present work to propose the role of half-partial dislocation 

dipoles in the phase transition from hcp- to bct- in steels. Supplementary Fig. S4 gives the 

simulated image of the γ/ interfacial regions projected from the  ]011//[]1000[ , also showing 

the array of half Shockley partial dislocation dipoles, bp3: bp3. 

Because the collective movements of atoms are all activated on the (111) / /(0001)   

planes, the atomic planar spacing of the )111(  plane maintains unchanged in the whole 

evolution process, i.e., )111(d  = )0002(d  = 
(110)d   = 2.08 Å, as evented by the diffraction patterns 

in Fig. 3 and measured values of the intensity profiles that present the atomic planar spacing of 

)111( , )0002(  and )110(  planes in Supplementary Fig. S5(a-c). As mentioned above, atom 

shuffling reduces the atomic spacing 
]211[

d  = 
]0011[

d = 2.21 Å along the ]211[  and ]0011[  

directions to 
]011[

d  = 2.08 Å along the ]011[ . Supplementary Fig. S5(d-f) and Fig. 5 show the 

experimental measurement result of atomic spacing at several representative atomic positions 

along the ]0011[  direction from ε to α in the ε/α interface region of Fig. 4a, indicating that the 

gradually reduction of atomic spacing is completed by atom shuffling. The atom shuffling results 

1

2


1

2

(110)

1

2


1

2
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in the diffuse / interface, which reduces the strain energy. Nevertheless, it is the atom shuffling 

that builds the bct-α atomic spacings 
)011(

d  = )110(d  = 2.08 Å.  

Fig. 6(a) depicts the Bain correspondence between the original fcc- and the final bct- 

lattice (blue atoms) for the polymorphic  →  → . The lattice constants of the bct- lattice 

before deformation are expressed by 2/ aca   = 2.55 Å and  ab  = 3.602 Å. The 

concurrent dislocation dipole gliding on every second (0001) planes and atom shuffling lead to 

an increase of the inclined angle of (111)  plane to [112]  direction, a compression along 

]001[  direction and an expansion along ]110[  direction, as schematically indicated in Fig. 

6(b), thereby giving 3/2  aba  = 2.94 Å in the transited bct- lattice. After the 

reduction of atomic spacing along the [112] / /[1100]   directions, the lattice misfit strain f = 

5.88% is generated between 
]211[

d  = 2.21 Å and 
]011[

d  = 2.08 Å. The spacing, dl , of the misfit 

dislocation array b = ]011[
2

fa
 on )111(  planes with γ as reference is determined by 

fbld /
]211[ 

  to be 37.57 Å, which is equivalent to the length of 18 [110]  or 17 [112]  atomic 

spacings. As expected, the misfit dislocations are observed by MD simulations and HRTEM, as 

indicated in Figs. 6(c-d). When the /γ interface with (111) / /(110)  planes are viewed from 

 ]101//[]211[  directions, the interface is perfectly coherent with 2/ ac   = 2.55 Å, as 

shown by the MD simulation image in Fig. 6(f). Supplementary Fig. S6(a-c) illustrates 

schematically the evolution of atomic arrangements from γ lattice to ε and final  lattices with 

different projection views, elucidating the role of Shockley partial dislocations and atom 

shuffling along the directions. Besides the HRTEM view, Supplementary Fig. [112] / /[1100] 
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S6(b) shows the lattice evolution projected along the [112] / /[1100] / /[110]    directions, 

which is rotated 90 degrees from the HRTEM view and also indicates the value of 

 = 2.55 Å keeps unchanged in the whole polymorphic MT process. 

Supplementary Fig. S6(c) is the lattice evolution projected along the [101] / /[1210]   directions 

(rotated 60 degrees from the HRTEM view), corresponding to the [111]  direction in the final 

bct- lattice but unparalleled. The relationship in lattice constants between the transited  and 

the original γ lattices in the present work agrees with that of surface-stress-induced  → 

transition in gold nanowires [22, 26].  

Figs. 7(a-c) schematically compare the atomic shear mechanism of the  →  →  

PDIMT in the present work to that of the  →  → ′ PDIMT [20, 21]. In the  →  → ′ 

PDIMT, an ε lath is formed by gliding “T/2” shear on every one of }111{ planes, if considering 

one Shockley partial dislocation as one “T”. The transition of  →  → ′ is executed by two 

simultaneous shears of “T/3” ( ]121[
18

f
a

 on each )111(  plane) and “3T/8” ( ]121[
16

f
a

 on each 

)111(  plane) [20, 21]. The “T/3” and “3T/8” shears are both modulated and spread from the “T/2” 

shear, thereby causing excess “T/6” and “T/8” shears, respectively, that must shear reversely to 

the  phase. This mechanism works for the ′ phase nucleated at the intersection of two ε laths 

and within one single ε laths, as shown in Figs. 7(a-b). Obviously, the atomic movement 

mechanism of fcc- → hcp- → bct- PDIMT observed in the present work is completely 

different from that of  →  → ′ reported before [20, 21]. Firstly, as shown in Fig. 7(c), the bct-

 inclusion nucleates only from one single ε laths, with all atomic shear movements purely on 

(111) / /(1000)   planes, whereas two shears on two planes ( (111)  and (111) ) occur in the  

/ 2c a a   
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→  → ′ PDIMT. Secondly, the sandwich manner gliding of the half Shockley partial 

dislocation dipoles of bp3 : bp3 on every second planes and atom shuffling of 

narrowing the atomic spacing along the [1100] / /[112]  directions accomplish the transition 

from hcp- to bct-. Although the Shockley partial dislocation dipole movement mechanism was 

reported in the change of the stacking sequence in the low-energy, mobile grain boundaries [40], 

it is the first time in the present work to propose the role of half-partial dislocation dipoles in the 

phase transition, from hcp-ε to bct-α in steels. 

Concluding Remarks 

In summary, heterogeneous plastic deformation of 304 stainless steel and watchful 

HRTEM examinations make it possible to dissect the polymorphic  →  →  PDIMT with bct-

 nucleated from hcp-ε laths. Based on the HRTEM observations, a novel PDIMT mechanism 

from hcp- to bct- is proposed with simultaneous gliding of half-Shockley partial dislocation 

dipoles on every second  planes and atom shuffling. MD simulations confirm the 

HRTEM observations and the proposed model. This novel model predicts the atomic 

arrangements and crystalline defects at the interfacial regions between any two of the three , , 

and  crystalline lattices. All the theoretical predictions agree with the HRTEM observations and 

MD simulations. There are three types of Shockley partial dislocations in fcc- lattice. Although 

gliding each of the three types of partial dislocations on every second )111( planes transits fcc- 

to hcp-, only one type of Shockley partial dislocations, named bp3 in the present work, functions 

in the transition from hcp- to bct-. The sandwich manner gliding of half Shockley partial 

dislocation dipoles ( bp3 : bp3) on every second planes and atom shuffling of 
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narrowing the atomic spacing along the [1100] / /[112]  directions accomplish the transition 

from hcp- to bct-. These new findings will inspire academic research on polymorphic solid-

solid phase transitions and engineering practice on how to further improve material properties by 

utilize and control the phase transitions.  
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Figure Captions 

 

Figure 1. The polymorphic  (fcc) →  (hcp) →  (bct) martensitic transformation. (a) TEM 

image and associated selected area diffraction (SAD) patterns of the virginal un-SMATed 

samples. (b-f) TEM image and associated diffraction patterns at different depth from center 

depth (b), to layer ~90 m from surface (c), and to the top surface layer (d-f) of the SMATed 

sample, respectively, showing the dislocation grids on the }111{ crystallographic planes (b), to 

the formation of the hcp- laths (c), and finally the bct- martensitic inclusions nucleated along 

single  laths (d-f). 

Figure 2.  →  transformation. (a-b) HRTEM and (c) MD simulation images, projected along 

[110] / /[1120]   directions, show that the hcp-ε martensitic laths can be generated via gliding 

each of three types of Shockley partial dislocations on every second )111( planes. The three 

types of dislocations have Burgers vectors, bp1 = )111](121[
6

f
a

, bp2 = )111](112[
6

f
a

 and bp3 = 

)111](211[
6

f
a

, respectively, with respect to the ]101[ tilt axis.  

Figure 3. The  →  transformation. (a-e) A bct- martensitic inclusion within a single  lath 

and the associated live diffraction spots for each phase. (f) Schematic summarizing the 

diffraction spots from (b-e) for the orientation relationships between the γ, ε and , viewed along 

[110] / /[1120] / /[001]    directions, showing  )110//()0002//()111(  with the Kurdjumov-

Sachs (K-S) orientation relationship. (g-h) The atomic images, viewed along 

[110] / /[1120] / /[001]   directions, imply that the essential actions in the transition of  from 

γ, which are realized by simultaneously increasing the inclined angle of (111) plane to [112]  

direction and narrowing the atomic spacing along the [112]  direction.  

Figure 4. The /ε interface. Projected along [1120] / /[001]   directions, HRTEM (a) and 

atomistic MD simulation (b) images of /ε interface regions show that an array of half Shockley 

partial dislocation dipoles, bp3 : bp3, with Burgers vectors of opposite sign, were 

characterized on every second )0001(  planes. (c) Schematic diagrams for the role of partial 

dislocations in the lattice evolutions from γ, to ε and finally  lattice. Gliding each of the three 

types of Shockley partial dislocations (bp1, bp2 or bp3) on every second )111( planes induces the 

 →  transition. Slipping an array of half 90o Shockley partial dislocation dipoles, bp3 : bp3, 

on every second )0001(  planes and narrowing atomic spacing via atoms shuffling along the 

[1100] / /[112]   directions finish the  →  transition.  
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Figure 5. The measurement result of atomic spacing at several representative atomic positions 

along the [1100]  direction from ε to α in the ε/α diffuse interface region of Fig. 4a, indicating 

that the gradually reduction of atomic spacing is completed by atom shuffling. 

Figure 6. Lattice mismatch and misfit dislocations between fcc-γ and bct-. (a) The Bain 

correspondence between the original fcc- and the final bct- lattice (blue atoms) for the 

polymorphic → . (b) Projected along [110] / /[001]   directions, the concurrent increase of 

the inclined angle of (111)  plane to [112] , and a compression along ]001[  and an expansion 

along ]110[ transits the  lattice to the  lattice with 3/2  aba  = 2.94 Å and c=2.55 

Å. The MD simulation (c) and HRTEM (d) images of the /γ diffuse interface between the 

)111(  plane and )110(  plane, view along [110] / /[001]   directions, showing the misfit 

dislocation with Burgers vector of ]011[
2

fa
 on )111(  planes are distributed every either 18 

[110]  or 17 [112]  atomic spacings to release the misfit lattice stain between the  and . (e) 

MD simulation images of the γ/ interface region viewed along [112] / /[110]   directions 

indicate a coherent interface with  )110//)111(  planes and 2/ ac   = 2.55 Å.  

Figure 7. The comparison of the atomic movement procedure for the polymorphic (a, b) fcc-γ → 

hcp- → bcc-′ and (c) fcc-γ → hcp- → bct- PDIMT. Especially, the sandwich manner 

gliding of one type of half Shockley partial dislocation dipoles, named bp3 : bp3, on every 

second planes and atom shuffling of narrowing the atomic spacing along the 

[1100] / /[112]  directions accomplish the transition from hcp- to bct-.  
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Figure S1 The lattice correspondence for the bcc-′ (a, b) and bct- (c, d). The bcc-′ with 

' ' 'a b c     can be achieved by a 20% compression of the fcc-γ lattice in the [001]  direction, 

and an expansion of 12% in both [110] and [110]  directions. The bct structure with 

a b c    , however, is achieved by a 18.4% compression in the ]001[ direction, a 15.3% 

expansion in the ]110[ direction, and maintaining dimension unchanged in the[110]  direction.  
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Figure S2. Three types of Shockley partial dislocations on (111)γ plane. Schematic diagrams. 

(a) Three types of Shockley partial dislocations can cause the same stacking fault and change the 

stacking sequence as: A → B, B → C, C → A. (b) Thompson tetrahedron showing three types of 

Shockley partial dislocations have the Burgers vectors bp1 = )111](121[
6

f
a

, bp2 = 

)111](112[
6

f
a

 and bp3 = )111](211[
6

f
a

, respectively. (c) Three types of Shockley partial 

dislocations have different inclined angle with respect to the dislocation lines of ]101[ . 
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Figure S3. The detailed Burgers circuit for indexing the half Shockley partial dislocation dipoles, 
1

2
 bp3 : 

1

2
bp3, in the ε/ interfacial region. 
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Figure S4. MD simulation image gives the atomic arrangement in the γ/ interfacial region, 

projected from the  ]011//[]1000[ , showing the array of half Shockley partial dislocation 

dipoles, 
1

2
 bp3 : 

1

2
bp3. 
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Figure S5. The representative intensity profiles of HRTEM for the atomic plannar spacings of 

)111( , )0002(  and )110( , and the atomic spacings along the ]211[ , ]0011[ , and ]110[

directions for the parent fcc-γ lattice (a, d), hcp- lattice (b, e), and final bct- lattice (c, f). 
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Figure S6. Schematic diagrams for the lattice evolutions from γ, to ε and finally  lattice with 

different projection view, indicating the role of partial dislocations and atom shuffling along the

[112] / /[1100]  directions. (a) HRTEM view along the[110] / /[1120] / /[001]    directions for 

the lattice evolution. (b) Lattice evolution projected along the [112] / /[1100] / /[110]    

directions (Rotated 90 degrees from the HRTEM view), indicates the value of / 2c a a     

= 2.55 Å keeps unchanged in the whole polymorphic MT process. (c) Lattice evolution projected 

along the [101] / /[1210]   directions (rotated 60 degrees from the HRTEM view), which 

correspond to the [111]  direction in the final bct- lattice. 
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